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Foreword

The Symposium on Achievement of High Fatigue Resistance in Metals
and Alloys was given at the Seventy-second Annual Meeting of ASTM held
in Altantic City, N. J., 22-27 June 1969. ASTM Committee E-9 on Fatigue,
Subcommittee 1 on Research sponsored the symposium, which was held in
three sessions: Parameters Important to High Fatigue Resistance, H. F.
Hardrath, National Aeronautics and Space Administration, chairman of
Session 1; Mechanisms for Achieving High Fatigue Resistance, J. C. Gross-
kreutz, chairman of Session II; and Processes for Achieving High Fatigue
Resistance, C. E. Feltner, Ford Motor Co., chairman of Session III. J. C
Grosskreutz and C. E. Feltner presided as symposium cochairmen.
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STP467-EB/Sep. 1970
Introduction

This symposium recognizes that, while every design engineer strives to
prevent fatigue failures, he must, at the same time try to achieve the highest
possible fatigue resistance at a minimum cost and often at a minimum weight
and space. Reaching this goal requires an acute knowledge of those phenom-
enological parameters which best characterize fatigue resistance and those
processes by which the fatigue resistance of existing materials can be im-
proved. Furthermore, his future choice of new and improved materials may
be determined by the extent to which materials researchers are able to evolve
and apply knowledge about those micromechanisms which control fatigue
resistance.

It is, therefore, the purpose of this symposium to present up-to-date views
on those parameters, mechanisms, and processes that are important in achiev-
ing high fatigue resistance in materials.

J. C. Grosskreutz

Midwest Research Institute,
Kansas City, Mo. 64110;

C. E. Feltner

Ford Motor Co.,
Dearborn, Mich. 4812};
symposium cochairmen.

Copyright®1970 by ASTM International Www.astm.org



R. W. Landgraf?

The Resistance of Metals to Cyclic
Deformation

REFERENCE: Landgraf, R. W., ‘“The Resistance of Metals to Cyclic Deforma-
tion,”’ Achievement of High Fatigue Resistance in Metals and Alloys, ASTM STP
467, American Society for Testing and Materials, 1970, pp. 3-36.

ABSTRACT: Fatigue behavior of metals is reviewed with particular emphasis
on those properties and parameters which relate to cyclic deformation resistance.
Representative data for aluminum-, titanium-, and nickel-base alloys and steels
strengthened by various processes are presented to illustrate procedures for char-
acterizing cycle-dependent deformation and fracture behavior.

The nature and extent of cyclically induced changes in deformation resistance
are conveniently described in terms of a cyclic stress-strain curve. A metal’s mono-
tonic strain hardening behavior provides an indication of cyclic stability. Fracture
behavior is characterized by simple relations in terms of stress resistance, plastic
strain resistance, and total strain resistance. True monotonic fracture strength
and ductility can be related to fatigue strength and ductility, thus providing useful
approximations of life behavior. Indications of notched fatigue resistance can be
gained from smooth specimen data through consideration of local stress-strain
response. Finally, the utility of such material behavior considerations in arriving
at the proper combination of properties to maximize the fatigue resistance of a
metal under specified conditions is discussed.

KEY WORDS: fatigue (materials), cyclic loads, stresses, strains, hardening
(materials), softening, notch strength, evaluation, aluminum alloys, titanium
alloys, nickel alloys, steels, deformation

Recent fatigue research has emphasized the mechanical response of metals
to repeated strains as well as to repeated stresses. As a result, strain cycling
fatigue data have been generated for a wide range of engineering materials
over the entire life range. In addition to fatigue fracture information, the
changes in deformation resistance accompanying cyclic loading have been
well documented, thus providing a mechanics description of the fatigue
process. A number of relations have been proposed to characterize phenome-
nological cycle-dependent deformation and fracture behavior of metals in

t Scientific research staff, Ford Motor Co., Dearborn, Mich. 48121. Formerly research
associate, Department of Theoretical and Applied Mechanics, University of Illinois,
Urbana, 11l
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4  HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS

terms of strength, ductility, and strain hardening properties. Such charac-
terization techniques are relevant, both to the materials engineer in materials
evaluation and selection and to the metallurgist in designing and processing
alloys with improved fatigue resistance.

In this paper I plan to review first the response of metals to repeated plastic
strains. Representative axial push-pull data for aluminum-, titanium-, and
nickel-base alloys and a variety of steels are presented to illustrate behavioral
trends and the significant associated properties and parameters. A similar
treatment is then given to fracture behavior in terms of stress resistance,
plastic and total strain resistance, and notch resistance. Finally, the utility
of such material behavior considerations in optimizing fatigue resistance
under specified conditions is discussed.

Response of Metals to Repeated Plastic Strains

The flow properties of a metal may be greatly altered by repeated plastic
strains. Depending on the initial state and the test conditions, a metal’s de-
formation resistance may increase (cyclic hardening), decrease (cyclic soften-
ing), or remain essentially unchanged (cyclic stability).

Cyclic Hardening .

/i
4

Stress Response Hysteresis Loops

Strain Control o

\q

Cyclic Softening.

s
l

FIG. 1—Schematic represemation of the response of metals to reversed strains.
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Cyclic Hardening and Softening

Two types of response under completely reversed strain cycling are illus-
trated schematically in Fig. 1. In the first case the stress required to enforce
the strain limit on successive reversals increases, indicating cyclic hardening,
In contrast, the stress required to enforce the strain limit decreases with
successive reversals in the second case, indicating cyclic softening.

Tuler and Morrow [/]? have reviewed the pertinent literature on the cyclic
stress-strain behavior of metals prior to 1963, and representative data have
been reported by Morrow [2]. Smith et al {3] have reported cyclic stress-strain
data for a variety of engineering metals. In general, annealed metals exhibit
cyclic hardening and heavily cold-worked metals cyclic softening. The trends
are not as clear for thermally strengthened and thermomechanically processed
alloys.

Stress changes during reversed strain cycling of 2024-T4 aluminum and
quenched and tempered SAE 4340 steel from Endo and Morrow [4] are
shown in Fig. 2. The aluminum is observed to cyclically harden, while the
steel exhibits cyclic softening. Note that the stress adjustments take place
early in the life such that the stress amplitude is reasonably constant over
most of the fatigue life.

Cyclic Stress-Strain Curve

The steady state cyclic deformation resistance of a metal is conveniently
described by the cyclic stress-strain curve. As shown in Fig. 3, such a curve
is obtained by connecting the tips of stable hysteresis loops for companion
specimens tested at different strain amplitudes. By comparing the cyclic
stress-strain curve with the monotonic curve, the nature and extent of cycli-
cally induced changes are immediately apparent. The 4340 steel exhibits
cyclic softening, since the cyclic curve is below the monotonic curve.

The relation between stress amplitude, ¢, and plastic strain amplitude,
Ae,/2, can be expressed by a power function of the form used for the mono-
tonic curve [2]:

ga = K'(Dep/20 (1)

where X’ and n’ are the cyclic strength coefficient and cyclic strain hardening
exponent, respectively.

The monotonic and cyclic curves for the aluminum and steel from Fig. 2
are compared on logarithmic coordinates in Fig. 4a. Cyclic stress-plastic
strain plots for several hardnesses of quenched and tempered SAE 1045 steel
[5] are shown in Fig. 4b. The cyclic strain hardening exponents are found to
fall in a range of 0.11 to 0.14, fitting the pattern that most metals are observed

2 The italic numbers in brackets refer to the list of references at the end of this paper.
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FIG. 2—Change in stress amplitude during reversed strain cycling (from Endo and
Morrow [4]).
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FIG. 3— Monotonic and cyclic stress-strain curves for SAE 4340 steel. Points are tips of
stable loops from companion specimens (data from Smith et al [3]).

to have n’ values between 0.1 and 0.2 [2]. Thus, metals with high monotonic
strain hardening exponents can be expected to cyclically harden, while those
with low monotonic exponents can be expected to soften.

The validity of this approach is shown in Fig. 5 where monotonic and cyclic
exponents are compared for representative metals. All but two of the n’ values
fail between 0.1 and 0.2. Further, metals with monotonic exponents less than
0.1 are observed to soften, while those having values greater than 0.1 are
either stable or cyclically harden. This is consistent with the observations of
Smith et al [3], who found that metals with an ultimate strength to yield
strength ratio greater than 1.4 (a high n) cyclically harden, while those with
a ratio less than 1.2 (a low n) cyclically soften.

A number of alternate procedures for determining the cyclic stress-strain
curve using a single specimen have been investigated [6]. The most promising
technique appears to be the incremental step test in which a specimen is
subjected to a program of continually increasing and then decreasing strain
amplitudes such that a continuous plot of stress versus strain yields a series
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of superimposed hysteresis loops, as shown in Fig. 6 for a maraging steel.
After several of these blocks the metal cyclically stabilizes and the locus of
loop tips describes the cyclic stress-strain curve.

In Fig. 7 monotonic and cyclic stress-strain curves for several engineering
metals are compared. The aluminum alloys and the nickel-vase Waspaloy?
exhibit cyclic hardening, while the quenched and tempered steel softens

3 Wrought nickel-base superalloy; Pratt & Whitney Aircraft trademark.
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FIG. 5—Comparison of monotonic and cyclic strain hardening exponents illustrating
hardening and softening trends.

Monotonic  Curve Cyclic Curve

Increasing Strain Decreasing Strain

FIG. 6—Stress-strain record of incremental step test on 18 percent nickel maraging steel [5].

drastically. Man-ten* steel and the titanium alloy soften at small strains and
harden at large strains. The cyclic curves determined by the incremental step
test are observed to compare well with the companion specimen points.
Monotonic and cyclic stress-strain curves for several hardnesses of
quenched and tempered SAE 4142 steel [5] are shown in Fig. 8. While the

4+ Manganese-copper steel in accordance with ASTM Specification for High-Strength
Structural Steel (A 440-66); United States Steel Corp. trademark.
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intermediate hardness steels exhibit cyclic softening as expected, at high
hardnesses a slight hardening is noted. This behavior is explained by con-
sidering the change in the monotonic strain hardening exponent with hard-
ness shown in Fig. 9. The value of n is found to be relatively high at both low
and high hardnesses and goes through a minimum at an intermediate hard-
ness. Thus, very hard and very soft steel would be expected to harden cy-
clically, with maximum softening occurring between 400 and 500 BHN.

Similar considerations for the other conditions of steel shown in Fig. 9
explain the behaviors displayed in Fig. 10, namely, quenched and deformed
steel and maraging steel cyclically soften, while the ausformed steel hardens
slightly. Additionally, note that these steels, due to their thermomechanical
processing, display differences in monotonic tensile and compressive yield
strengths and strain hardening exponents which may affect their cyclic re-
sponse. Ausformed steel, for example, has a lower monotonic strain harden-
ing exponent in compression than in tension. During strain cycling, the stress
limit in compression exhibits little change, while the tensile limit increases
resulting in a net hardening. This emphasizes the importance of determining
both monotonic tensile and compressive properties before predicting defor-
mation changes due to axial cycling of such materials. Finally, the incremental
step test curves are again found to be in excellent agreement with the com-
panion specimen points in Figs. 8 and 10.

o Companion Specimens
— Incremental Step

o

o Cyclic

Monotonic

Monotonic

1 Monotonic
33 2024 - T4 7075-T6 Man- Ten Steel
YT — ' ’
‘_ln ) ln_’
Mongotonic
Cyclic
i i - i - '°‘_
Cyclic Monotonici _ = Cyclic
rd
o, -4
- S Y
d
4 Monotonic
T SAE 4340 I Ti- 8ll - Waspaloy A
(350 BHN) |
1 L - 1 1 L

FIG. 7—Monotonic and cyclic stress-strain curves for representative materials {6].
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FIG. 8—Monotonic and cyclic stress-strain curves for five hardnesses of quenched and
tempered SAE 4142 steel [5].

Cyclically Induced Instabilities

Cycle-dependent changes in deformation resistance can give rise to
mechanical instabilities in metals, resulting in failure other than by fatigue
[7, 8, 9]. For example, the response of an intermediate-hardness steel to
reversed stressing is shown in Fig. 11. As a result of cyclic softening, the
strain limits are seen to increase continually, causing a “runaway” process.
Depending upon the specimen configuration, failure may occur by either
necking in tension or buckling in compression. Such behavior can often be
predicted by comparing the monotonic and cyclic stress-strain curves.

If a tensile mean stress is superimposed upon an alternating stress, cycle-
dependent creep may result, as shown for 1045 steel in Fig. 12. The mean
stress causes a large tensile mean strain to accumulate, eventually leading to
a ductile tensile failure. A compressive mean stress would promote creep into
compression, possibly causing a buckling failure.

While such effects generally result from biased loading, similar behavior
is observed in certain alloys exhibiting a strength differential. The maraging
steel shown in Fig. 13 has a higher monotonic yield strength in compression
than in tension. When subjected to reversed strains (Fig. 13a), the stress
limits adjust to a completely reversed condition. Under stress cycling, how-
ever, the inferior tensile properties may give rise to an initially high softening
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FIG. 9—Monotonic strain hardening exponent as a function of hardness for various steels [5].
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FIG. 10—Monotonic and cyclic stress-strain curves for steels strengthened by different

processes [5).

rate in tension, which results in a ductile tensile failure (Fig. 13b). The
quenched and deformed steel in Fig. 14 possesses a higher yield strength in
tension than compression. Again, under strain cycling, the stress limits adjust
as shown (Fig. 14a). When subjected to stress cycling a preferential softening
in compression leads to a buckling failure (Fig. 14b).
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Finally, the relaxation of mean stress under 0-max strain cycling is illus-
trated in Fig. 15. The tensile mean stress present on the first cycle is observed
to relax to zero upon subsequent cycling. Morrow and Sinclair [/0] have
investigated this effect in steel, demonstrating how it accounts for the fading
of residual stresses at high strain amplitudes.

SAE 1

O=100 ksi

q=1?0 ksi S0

40 cycles
0 150 190 N, =245 cycles

FIG. 11—Cyclic softening of an intermediate hardness steel under stress cycling (from
Morrow {19)).
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FIG. 12—Cycle-dependent creep of SAE 1045 steel (20 HRc) under stress cycling with a
tensile mean stress.
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Summary

In view of the large changes in deformation resistance which may result
from mechanical cycling, a metal’s cyclic behavior is best characterized by a
cyclic stress-strain curve. Such a curve can be conveniently approximated
from one specimen using the incremental step test.

An indication of a metal’s cyclic response can be gained from its strain
hardening behavior, the monotonic strain hardening exponent serving as an
index of cyclic stability. A high strain hardening exponent is indicative of
cyclic hardening, a low exponent of cyclic softening. A monotonic strain
hardening exponent of about 0.1 appears to result in cyclically stable be-
havior. In predicting the response of alloys displaying a strength differential,
both tensile and compressive flow properties should be considered.

Cycle 1,2 5 10 50 200 N¢=295
c) A€/2 =0.015

Cycle 1,2 5 10 20 50 70 100 120 126

Tensile failure
on 134% cycle

b) Ty = 250 ksi

FIG. 13—Stress-strain response of 18 percent nickel maraging steel during (a) strain and
{b) stress cycling {5].
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FIG. 14—Stress-strain response of quenched and deformed SAE 4142 steel during (a)
strain and (b) stress cycling [5].

Depending on the type of loading and material, related mechanical re-
sponses such as cycle-dependent creep, relaxation, or buckling may occur.
Such instabilities can often be anticipated by comparing the monotonic and
cyclic stress-strain curves of a material.

Fatigue Resistance

As shown in the previous section, metals in general respond differently to
strain cycling than to stress cycling when measurable plastic strains are
present. That cyclic fracture behavior may show a similar dependence should
not be unexpected. Thus, in assessing the fatigue resistance of metals it is
necessary to distinguish between stress and strain resistance.

The various expressions proposed to characterize fatigue behavior [11, 12,
2] essentially involve log-log linear relations between elastic strain (stress)-
fatigue life and plastic strain-fatigue life. In the following discussion the
notation of Morrow [2] will be employed and the other approaches compared
on this basis.
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FIG. 15—Cycle-dependent stress relaxation of SAE 1045 steel (20 HRc) under 0-max
strain cycling.

Stress Resistance

The relation between true stress amplitude, ¢,, and cycles to failure, Ny, is
given by

Ga =0/ CNDE. Q)

where o/, the fatigue strength coefficient, is the stress intercept at one reversal
(2N; = 1), and b, the fatigue strength exponent, is the slope of the logarithmic
stress amplitude-life plot. A metal’s stress cycling resistance is thus charac-
terized by ¢,/ and b, which may be considered fatigue strength properties.

The fatigue strength coefficient is related to the true monotonic fracture
strength, 7, and may be approximated by setting ¢/’ = ¢, [13].% Life data for
a number of high-strength steels [5] are compared in dimensionless form in
Fig. 16. All data sets tend to converge toward a stress ratio of unity at one
reversal, verifying the general validity of the monotonic fracture strength
approximation. The observed scatter in life is largely the result of variations
in b with material.

Alternate methods of approximating fatigue strength from the monotonic
fracture strength are compared in Table 1 [/3-16]. All correlations result in
a similar correspondence between ¢,/ and ¢, In Fig. 17, data for several
representative metals further substantiate the close agreement between the
fatigue strength coefficient and the true fracture strength.

s The true fracture strength should be corrected for constraints due to necking.
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Investigator

Proposed Correlation

Value of o' in Eq 2

Halford and Morrow [13]....
Manson [14]. .

Manson [15]. .

Manson and Hirschberg [16]. .

Ja

206 =

b
20,

I

20, =

ar at 1/ cycle
205 at 1 cycle
—0.12

245 at /4 cycle

2.5q; at /4 cycle

’

g5 = of

of = 1.09 oy
o/ = 0.92 o5
b = -0.12)
o = 1.150
(b= —-0.12)

Referring again to Fig. 16, it can be seen that variations in the slope, b,
can cause large life variations in the high cycle region. Reported values of b
range from about —0.05 for certain highly strengthened alloys to —0.15 for
annealed metals [3, 4, 5, 17]. Cold working decreases the absolute magnitude
of b with little effect on ¢/, thus increasing long-life fatigue strength [17].
Transformation hardening of steels appears to have little effect on b, while
in thermomechanically processed steels b tends to decrease in absolute value
with increasing fracture strength [5].

Morrow [2] has shown through an energy argument that b is related to the
cyclic strain hardening exponent, n’, as follows:

7
/

b= —n/1 + 51)
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. 16—Stress amplitude-fatigue life behavior of hardened steels {5].
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FIG. 17—Correlation between the fatigue strength coefficient and monotonic fracture
strength.

This correlation is compared with representative data in Fig. 18 and is found
to fit generally the experimental trends. Values of n’ are easily determined
from the incremental step test.

The presence of a fatigue limit in certain irons and steels may be accounted
for by introducing a fatigue strength limit, S, [2]. A small offset yield strength
from the cyclic stress-strain curve may be used to approximate S;. Nonferrous
metals and most highly strengthened steels will not show a fatigue limit and
the exponential relation (Eq 2) will describe behavior even at very long lives.

Mean stress effects can be accounted for in Eq 2 as follows [/7]:

oo = (o) — )N ... )

where o, is the mean stress. A tensile mean stress can thus be considered as
an effective reduction in the fatigue strength coefficient, a compressive mean
stress an increase in the coefficient. Mean stress data for different hardnesses
of 1045 steel [18, 19] are shown in dimensionless form in Fig. 19, indicating
reasonably close agreement with the prediction based on Eq 4. High com-
binations of stress amplitude and mean stress may result in cycle-dependent
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creep as shown in the previous section. The effect of residual stresses on
fatigue behavior can also be predicted by Eq 4, assuming they do not relax out.

Plastic Strain Resistance

The Manson-Coffin equation relating the plastic strain amplitude, Ae,/2,
and cycles to failure, Ny, is of the form

Dep/2 = QN oo 5)

where ¢/, the fatigue ductility coefficient, is the plastic strain intercept at one
reversal (2N; = 1), and ¢, the fatigue ductility exponent, is the slope of the
logarithmic plastic strain amplitude-life plot. These latter two quantities may
be considered farigue ductility properties of a metal.

Several investigators have attempted to relate plastic strain resistance with
monotonic fracture ductility, ¢ [12, 13, 15, 16, 17, 20, 21, 22, 23]. These pro-
posed correlations along with the equivalent values of ¢ are presented in
Table 2. No general agreement is found between investigators with approxi-
mations of ¢/ ranging from 0.35 ¢ to ¢;. A comparison of the correlations
with experimental data in Fig. 20 reveals that no one technique is adequate
for all materials. For a majority of the materials shown, letting ¢/ = ¢ isa
reasonably good approximation; however, several steels fall far below this
prediction.
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TABLE 2—Comparison of methods for predicting the fatigue ductility coefficient, «'.

Investigator Proposed Correlation Value of ¢/ in Eq 5
Coffin [20]................ } Aep = ¢ at V4 cycle ¢ =035¢
Tavernelli and Coffin [21]... c= —0.5
Manson [I15)............... Aep = 1.5 ¢s at 1/4 cycle ¢ = 05¢
(c = —0.6)
Manson and Hirschberg [16]..  A¢p, = 0.25 (¢)%7 at 10 ¢ = 0.75 ()75
cycles (c = -0.6)
Manson [12]. .. ............ Aep = g% at [ cycle e = 0.76 ()08
(c = —-0.6)
Hatord and Moccow (171 1] 0 = o8 Vel s =050
Sessler and Weiss [23]....... Aep = ¢ at 1 cycle ¢ =071 ¢
c = —05
Morrow [I7]............... Aep/2 = ¢ at V4 cycle ¢ = ¢

An alternative procedure is to estimate ¢ from the cyclic stress-strain
curve [3]. Equation 1 can be rewritten in the form

o, = o/ (Ae,/2¢/ " ... .. (6)
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Setting o/ = o, introducing the cyclic 0.2 percent offset yield strength, o/,
and rearranging terms, produces

¢ = 0.0020c/c,/ . . )

Predicted and experimental values of ¢/ are compared in Fig. 21. Good
agreement is found, particularly for those steels which fell far below the
fracture ductility approximations in Fig. 20. Perhaps more importantly, Eq 7
tends to give conservative predictions for most materials. Plastic strain-life
data for several steels, using intercept predictions from Eq 7, are shown in
Fig. 22.

The value of ¢ is variously reported as being essentially constant at —0.5
[Z1] or —0.6 [12], or to range from —0.5 to —0.7 [2]. Experimentally, c is
observed to vary with material and condition, with values for the steels in
Fig. 22 ranging from —0.6 to —0.8. In general, ¢ tends to decrease in absolute
magnitude with increasing ductility. Since both of these effects contribute to
high plastic strain resistance, usually only fracture ductility need be con-
sidered in comparing the low-cycle fatigue resistance of various materials.
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FIG. 20—Correlation between the fatigue ductility coefficient and monotonic fracture
ductiliry.
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Morrow [2] allows for the variability of ¢ by relating it to the cyclic strain
hardening exponent

= —1/L450) (8)

Comparing Eq 3 and Eq 8, the following relation between the cyclic exponents
results:

Taking average values for b and ¢ of —0.09 and —0.6, respectively, an »’
value of 0.15 is obtained which is consistent with the results shown in the
previous section.

Total Strain Resistance

Experimentally it is often most convenient to control the total strain
amplitude, since stress or load cycling may lead to instabilities and plastic
strain cycling requires rather sophisticated equipment. This circumstance is
not without practical justification, since in many structural components the
material at the critical location {a notch root, the surface of a bending
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member) is subjected to essentially strain cycling conditions due to the con-
straint of surrounding elastic material.

Manson [16] has shown that a metal’s resistance to total strain cycling can
be considered as the summation of its elastic and plastic strain resistance,
hence in Morrow’s notation

(B¢/2) = (8e./2) + (Aey/2) = (o//EYAN))® + &/ QN)*...... (10)

A schematic representation of Eq 10 is shown in Fig. 23. It can be seen that
at short lives the plastic strain component predominates, emphasizing the
importance of ductility. At long lives the elastic component becomes pre-
dominant, emphasizing the role of strength. Life data for two high-strength
steels are shown in this form in Fig. 24.

Insight into the relative roles of strength and ductility in resisting fatigue
failure at various lives can be gained from the transition fatigue life, that is,
the life where the total strain amplitude consists of equal elastic and plastic
components. The change in transition fatigue life, 2¥,, with hardness for a
variety of steels is shown in Fig. 25. Values of 2N, are seen to vary from
about 10° reversals at low hardness to less than 10 reversals at the highest
hardnesses. Thus, highly strengthened steels resist cyclic strains largely on
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FIG. 23—Representation of elastic, plastic, and total strain amplitude-fatigue life relations.

the basis of strength over the entire life range. In contrast, normalized steel
will display appreciable plastic strain even at very long lives.

The strain resistance of three idealized metals is illustrated schematically
in Fig. 26a. Observe that relative material rankings will depend upon the life
range of interest. Thus the “ductile” metal offers maximum strain resistance
in the low-cycle region, while the “strong”™ metal is superior at high cyclic
lives. Good overall strain resistance is displayed by the “tough” metal.

It is further noted that the curves cross at a common point, illustrating the
“rule of thumb” that most metals when subjected to a strain amplitude of
0.01 will fail in approximately 2000 reversals [24, 25]. Although similar lives
are observed, as Morrow has shown [/7], the manner in which a metal resists
a strain amplitude of 0.01 may differ markedly. In Fig. 265 the stress-strain
responses of the three metals at this strain amplitude are compared. A “‘strong”
metal resists the imposed strain elastically on the basis of its strength, while
a “ductile” metal resists the strain plastically on the basis of its ductility.

Departures from the log-log linear relations for elastic and plastic strain
have been observed in certain alloys. Metallurgical instabilities induced by
plastic straining have been shown to promote nonlinear behavior [/6]. Also,
the plastic strain line is sometimes observed to take on a steeper slope at
small strains [4, 5]. Adequate behavior descriptions can still be attained from
the given relations in such instances by emphasizing plastic strain points at
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2Ny, Transition Fatigue Life, Reversals
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FIG. 25—Transition fatigue life as a function of hardness for steel.

lives less than the transition life, and elastic strain points at lives greater than
the transition life.

Notch Resistance

Significant progress has been made in understanding notched fatigue be-
havior through consideration of local stress-strain response at a critical
location [24, 26, 27]. Particularly promising is an analysis developed by
Topper et al [28] from a rule proposed by Neuber [29]. It states that in a
notched member the peak-to-peak changes in nominal stress, AS, and
nominal strain, Ae, are related to the peak-to-peak changes in local stress, Ag,
and local strain, Ae, through the fatigue concentration factor, K.

K(ASACE)N? = (AcheEW2. . ... .. . ... ... a1

where E is the elastic modulus. Since nonlinear stress-strain behavior is
accounted for, the analysis should apply equally well at short and long lives.

By relating nominal stress-strain behavior to the actual stress-strain re-
sponse at the critical location, it is possible to simulate notch fatigue be-
havior with a smooth specimen [30]. Such a simulation is shown in Fig. 27

¢ The fatigue concentration factor is here considered a constant throughout the life range.
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for a notched aluminum plate subjected to zero-to-tension loading. Due to
yielding at the notch root the initial local mean stress relaxes out and the
critical location experiences completely reversed stresses.

For notched members subjected to completely reversed, constant-amplitude
loading, life predictions can be made from smooth specimen data [28]. This
is accomplished by determining the parameter on the right side of Eq 11,
(AoAcE)V?, as a function of life from smooth specimen stress-life and strain-
life curves. The resulting master life curve can be entered with the appropriate
value of K{(ASAeE)V? to determine the life at which a detectable crack should
be observed in the notched member. Noting the form of the smooth specimen
parameter, it can be seen that notch resistance is dependent upon the product
of stress and strain resistance.
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FIG. 26—Schematic representation of the cyclic strain resistance of idealized metals.
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FIG. 27—Smooth specimen simulation of the local stress-strain behavior of a notch in a
plate subjected to 0-max loading (from Wetzel [30]).

Summary

Since metals in general respond differently to repeated stresses than to re-
peated strains, their fatigue resistance will likewise depend on the imposed
loading conditions. Cyclic stress resistance will be determined by a metal’s
strength, while plastic strain resistance is dependent on ductility. The re-
sistance of a metal to total strain cycling can be considered as the summation
of elastic strain resistance, or fatigue strength, and plastic strain resistance,
or fatigue ductility. Notch fatigue resistance can be estimated from smooth
specimen data and is found to depend on the product of stress and strain
resistance.

Expressions resulting in linear log-log relations between elastic strain-
fatigue life and plastic strain-fatigue life provide useful quantitative descrip-
tions of fatigue behavior for a wide variety of materials. True monotonic
fracture strength and ductility can be related to fatigue strength and ductility,
thus providing a method of approximating the coefficients in the life relations.
Further, the exponents in these relations, b and c, are related to the cyclic
strain hardening exponent, n’.
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Optimizing the Fatigue Resistance of Metals

Characterization of Cyclic Behavior

Cyclic deformation and fracture behavior of metals is observed to fit
consistent patterns that can be described by simple power relations. Con-
sidering the constants in these relations, o/, ¢, b, ¢, and #’, as cyclic prop-
erties of a metal provides a quantitative basis for assessing cyclic behavior
similar to that used so effectively in characterizing monotonic deformation
and fracture behavior. Also, the utility of such relations in developing cumu-
lative damage procedures and in adapting computer techniques to material
behavior analysis should not be overlooked.

Correlating the cyclic properties with their monotonic counterparts, oy, ¢,
and n, greatly extends the usefulness of monotonic tension data in quantita-
tively predicting cyclic behavior in terms of the strength, ductility, and strain
hardening properties of a metal. A monotonic tension curve in conjunction
with a cyclic stress-strain curve determined by means of the incremental step
test provide a great deal of information regarding the cyclic deformation and
fracture behavior of a metal [32]. A cyclic curve is especially useful in deter-
mining a material’s cyclic stability and hence the effectiveness of a particular
strengthening technique in resisting cyclic deformation.

In light of the large changes in flow properties that may result from cycling,
it should not be surprising that monotonic fracture properties are more
indicative of a metal’s fatigue resistance than either yield or ultimate
strengths.” Another advantage of using monotonic fracture properties is that
they are sensitive to many of the internal defects which are known to affect
fatigue behavior. Thus anisotropic effects, such as inferior transverse fatigue
properties in directionally worked plates or bars, would be predicted by o
and ¢ values measured from transverse tension specimens [33, 34]. Often no
difference would be observed in yield and ultimate strengths {35]. McClintock
[36] has demonstrated that inclusions may greatly affect fracture ductility.
Fracture strength would be similarly affected, thus accounting for the fre-
quently observed high sensitivity of fatigue strength to inclusion content [37].

Such characterization techniques provide the materials engineer with a
basis for materials evaluation and for determining the effect of variables on
fatigue performance. For the nietallurgist a criterion for designing and proc-
essing alloys to resist fatigue is established. In either case, information is
available to guide selection of the proper combination of properties to
optimize fatigue performance for a given set of conditions.

Because of the varying influence of strength and ductility on fatigue resist-
ance, the optimum condition of a metal will depend upon the type of loading

7 Halford and Morrow [/3] have shown that such correlations between fracture proper-
ties and fatigue resistance are equally applicable to torsional cycling.
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and the desired life. Thus the requirement for high stress cycling resistance
will be a high ¢,, while high plastic strain resistance requires a high ¢, Total
strain cycling resistance will depend on a high ¢, at short lives, a high o, at
long lives, and a combination of high strength and ductility at intermediate
lives.

Such considerations are illustrated for various hardnesses of quenched and
tempered 1045 steel in Fig. 28. In Fig. 28a the total strain-life curves for three
conditions of steel illustrate that material rankings often reverse themselves
when proceeding from long-life to short-life regions because of the reciprocal
strength-ductility relationship. Figure 28b illustrates the shift in optimum
hardness for steel under strain cycling conditions. At long lives where be-
havior is nominally elastic, the hardest condition displays the highest strain
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FIG. 28—Srrain cycling resistanice of SAE 1045 steel illustrating the shift in optimum
hardness [5].
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resistance. At shorter lives where plastic strain becomes a factor, the softer,
more ductile conditions offer the highest strain cycling resistance. Note that
at 103 reversals all conditions show about the same resistance. Thus optimum
hardness for maximum fatigue resistance decreases with decreasing life or
increasing strain amplitude.

Combined strength-ductility considerations are particularly relevant in
determining notch fatigue resistance. The Neuber parameter, (AcAeE)'2,
which provides an indication of relative notch resistance, is dependent upon
both stress and strain resistance.

Material Processing Considerations

A cyclic properties approach can be a valuable aid in determining effective
processing techniques for achieving high fatigue resistance. Alloy strengthen-
ing processes are traditionally evaluated on the basis of their effect on tensile
yield and ultimate strengths. A number of thermomechanical treatments [38]
are presently available which result in significant increases in yield strength
while often having little effect on fracture strength. Thus the strain hardening
exponent will be substantially reduced, as evidenced by a low uniform elonga-
tion, and pronounced cyclic softening can be anticipated. Further, if the
fracture properties are not increased, little change in fatigue resistance can be
expected.

If the ““ideal” fatigue-resistant material for structural applications could be
achieved, it might have the following characteristics: (1) a strain hardening
exponent of about 0.1 to insure cyclic stability, (2) a high fracture strength
to resist the imposed loads, and (3) a high fracture ductility to accommodate
large plastic strains at critical locations (notches, inclusions, voids, etc.).

Presently attainable combinations of fracture strength and ductility for
various alloy classes are illustrated in Fig. 29.8 From a mechanics of materials
viewpoint, improvements in fatigue resistance can be associated with increas-
ing the upper bounds of the various banded regions. That progress along
these lines is being made is evident in the case of steel. Ausforming is observed
to impart uncommonly high strength coupled with moderate ductility, while
maraging steels exhibit good strength with high ductility.

The fatigue resistances of an ausformed H-11 steel and an 18 percent
nickel maraging steel are compared with two conditions of conventionally
quenched and tempered steel in Fig. 30. The ausformed steel gives maximum
long-life resistance on the basis of its strength, while the maraging steel shows
good overall performance because of its high combination of strength and
ductility.

8 Density and temperature considerations are obviously ignored in this mechanics com-
parison.
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FIG. 29—Monotonic fracture strength-ductility combinations presently attainable in
various alloy classes.

Often bending, torsion, and notched structural members are subjected to
surface treatments in an effort to improve fatigue resistance. The foregoing
discussion suggests some guidelines for these approaches, for instance, surface
hardening techniques such as induction hardening, carburizing, and nitriding
have the effect of increasing the strength and decreasing the ductility of the
surface material.® Thus, from Fig. 28, it can be concluded that such treatments
will be effective at low strains and long lives but may be detrimental to fatigue
performance at high strain amplitudes. Increased strength is not necessarily
synonymous with increased fatigue resistance!

Technigues such as shot peening, which impart high compressive residual
stresses at the surface, will likewise be most effective at long lives, since at
high cyclic strains relaxation of such stresses due to inelastic action may
occur. As shown in Ref 39, residual stresses will be stable as long as the sum
of the residual stress and the imposed stress amplitude does not exceed the
yield strength of the material. Thus a material with a high yield strength
which is cyclically stable would benefit most from such treatments. A stable
residual stress can be treated as a mean stress and its effect on fatigue life
assessed from Eq 4. Knowledge of the monotonic and cyclic stress-strain

9 Residual stress effects associated with these techniques are discussed in the next para-
graph.
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curves for a material allows estimation of the strain amplitudes over which a
residual stress will remain stable.

In short, valuable insight into the cyclic response of components or struc-
tures can be gained through characterization techniques by viewing a smooth
specimen as a filament of material which could be located at any critical
location in the structure.

Concluding Remarks

Our ability to describe cyclic behavior in terms of simple relations using
cyclic properties is quite good. Likewise, a number of useful correlations
exist with monotonic behavior allowing interpretation of cyclic phenomena
in terms of familiar material properties. It should be emphasized that the
significant monotonic properties, o/, ¢;, and n, result from a true stress-strain
analysis of monotonic tension data as opposed to the conventional engineer-
ing analysis. Also, the cyclic stress-strain curve is rapidly gaining acceptance
as a useful input into fatigue studies and analyses. The ease of obtaining
such a curve using the incremental step test recommends it as a promising
standard materials test.
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FIG. 30—Cyclic strain resistance of representative hardened steels [5].
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Consideration of local stress-strain response suggests that in many engi-
neering structures the material at the critical location experiences essentially
reversed strain cycling, thus emphasizing the importance of strain-based
fatigue data. Further, since strain gage readings are frequently used in service
history studies, development of reliable strain-based cumulative damage pro-
cedures remains a fruitful research area.

The analysis of notched fatigue behavior by relating nominal and local
cyclic stress-strain response is presently being extended to a wider range of
notch geometries and more complicated loading spectra. If successful, the
utility of material characterization techniques will be further enhanced. The
demonstrated success of this approach suggests that similar considerations
may prove conceptually and analytically useful in crack propagation studies
{401.
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ABSTRACT: The effects of high loads on crack initiation lives of notched speci-
mens were quantitatively assessed from an analysis of local behavior at the stress
concentration. Local cyclic stresses were determined by a simulation technique
involving unnotched specimens and agreed well with experimental local stresses.
Unnotched specimens were fatigue tested under stress sequences equal to the local
stresses in notched specimens, and test results were used as estimates of crack
initiation lives for the notched specimens. These estimates reflected the general
effects of prior local plasticity on crack initiation behavior at a stress concentra-
tion but were consistently shorter than experimentally determined crack initiation
lives. This discrepancy was attributed to the large difference in volume of highly
stressed material for the notched and unnotched specimens.

KEY WORDS: fatigue (materials), notch strength, crack initiation, loads (forces),
stresses, residual stress, plastic properties, simulation, stress concentration

A few cycles of high loading on a structure can have a significant effect on
fatigue life. The major portion of this effect has been attributed to residual
stresses at stress concentration sites. Residual stresses develop as a result of
plastic deformation due to high loads. A high tensile load causes compressive
residual stresses that increase fatigue life for subsequent lower load levels.
Conversely, a high compressive load causes tensile residual stresses that de-
crease fatigue life for subsequent lower load levels. These residual stresses
are effective primarily during the crack initiation life of a structure and have
diminishing influence on fatigue life as cracks grow away from the stress
concentration.

Quantitative analyses of the effects of high loads on crack initiation life
have not been possible because of difficulties in assessing the cyclic plastic
stress-strain behavior at a stress concentration site. Recently, however, a

! Aerospace technologist, Fatigue Branch, Structures Research Div., National Aero-
nautics and Space Administration, Langley Research Center, Hampton, Va. 23365.
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useful technique has been developed [/, 2]* which accounts for plastic de-
formation in calculating the stresses at a stress concentration (herein denoted
as local stresses). The technique is based on the simulation of local stress-
strain conditions with unnotched specimens.

In the present study the effects of prior high loads on crack initiation lives
of notched specimens were assessed from an analysis of local behavior at the
stress concentration. The local cyclic stress-strain conditions were determined
by the simulation technique and were compared with experimental results.
Unnotched specimens were fatigue tested under stress sequences equal to the
local stresses in the notched specimens, and test results were used as estimates
of crack initiation lives for the notched specimens. The estimates were com-
pared with experimentally determined crack initiation lives of notched
specimens.

Nomenclature

E  Young’s modulus, ksi (MN/m?)
K; Fatigue notch factor
K; Theoretical elastic stress concentration factor
K, Strain concentration factor
K, Stress concentration factor
N Number of cycles
N., Crack propagation life, cycles
N; Total fatigue life, cycles
N, Crack initiation life, cycles
R Ratio of minimum to maximum stress
S Nominal net section stress, ksi (MN/m?)
Smax  Maximum nominal net section stress, ksi (MN/m?)
AS; Range of nominal stress for ith monotonic load excursion, ksi
{MN/m?)
¢ Local strain
Ae;  Range of local strain corresponding to AS;
¢ Local stress, ksi (MN/m?)
As; Range of local stress corresponding to AS;, ksi (MN/m?)

Observed Behavior of Notched Specimens with Prior Loading

In the present study, fatigue tests were conducted on sheet specimens
(2024-T3 aluminum alloy) with a circular hole (K7 = 2.57 [3]). The specimens
were subjected to one of two loading sequences, shown schematically in
Fig. 1. Both sequences consisted of a few cycles of high loading followed by
cyclic loading at a lower level. The initial high loading was selected to pro-
duce reversed local plasticity at the stress concentration. It was repeated for

* Jtalic numbers in brackets refer to the list of references at the end of this paper.
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FIG. 1—Prior loading sequences and notched specimen configuration.

approximately 10 cycles to stabilize local strain hardening [2]. The subsequent
low loading was selected to produce only elastic cyclic behavior at the stress
concentration. The essential difference between the two sequences in Fig. 1
is the manner in which the high loading ends. High loading in Fig. 1a, “bene-
ficial prior loading,” ends after a tension half cycle, producing a compressive
residual stress. High loading in Fig. 15, “detrimental prior loading,” ends
after a compression half cycle, producing a tensile residual stress. Fatigue
tests were also conducted at the lower loading level (Sy.. = 20 ksi [318
MN/m?], R = 0) without high prior loading.

Fatigue cracks were detected by observing the edge of the hole with a
microscope while tests were in progress. Crack initiation life, N,, was defined
as the number of cycles required to produce a 0.03-in. (0.76-mm) crack. In
many tests, however, cracks extended beyond this length before they were
detected, and for these N, was found by subtracting crack propagation life,
N.,, from the total life, N;. N, was assumed to be constant for each loading
sequence and was determined from tests in which 0.03-in. (0.76-mm) cracks
were detected. The N, values were: 4000 cycles for the case of no prior
loading, 34,000 cycles for beneficial prior loading, and 3000 cycles for detri-
mental prior loading. Errors in crack initiation life resulting from this pro-
cedure were believed to be small because the crack propagation lives were
less than 10 percent of the total fatigue life for all test conditions.

Test results given in Table 1 and also presented in Fig. 2 display the antici-
pated effects of prior loading. Beneficial prior loading increased lives and
detrimental prior loading decreased lives, compared to tests with no prior
loading. The geometric mean life for beneficial prior loading was approxi-
mately 4 times the life for no prior loading, and the geometric mean life for
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FIG. 2—Experimentally determined fatigue crack initiation lives for noiched specimens.

detrimental prior loading was approximately 0.5 times that for no prior
loading (Table 1). In the following sections of this paper these prior loading
effects are interpreted in terms of local cyclic stress conditions that led to
crack initiation at the stress concentration site.

TABLE |-—Experimentally determined crack initiation lives for notched
specimens; 2024-T3 aluminum alloy, K1 = 2.57.

Crack Initiation Geometric Mean of
Lives, N, Crack Initiation
Test Condition cycles Lives, cycles

No prior loading®. . ............ ... 90 700 115 600
113 600
123 100
140 800

Beneficial prior loading (Fig. 1a). . ... 233 000 458 900
269 100
696 400
1 016 200

Detrimental prior loading (Fig. 15). .. 61 800 62 900
62 000
62 800
65 400

¢ Smax = 20 ksi (138 MN/m?), and R = 0.
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Local Stress-Strain Behavior

To assess quantitatively the influence of prior loading, an analysis of de-
tailed stress conditions at the stress concentration site is required. Such an
analysis was not possible but the simulation procedure given in Refs / and 2
provides a reasonable estimate (see the Appendix for description). Maximum
and minimum local stress-strain conditions were calculated for each load
cycle. An unnotched specimen was cycled between these maximum and mini-
mum stress-strain conditions to establish the local stress-strain history for
the notched specimen.

Cycle-by-cycle application of the procedure produced the dashed curves
in Figs. 3 and 4, which represent the maximum and minimum local stresses
for 50 loading cycles. The dash-dot curves shown for the first 10 cycles repre-
sent residual stresses corresponding to half-cycle and full-cycle loadings on
the notched specimens. For comparison, the maximum, minimum, and re-
sidual local stresses were also determined experimentally. Local strains were
measured with small strain gages during each load cycle and were reproduced
in unnotched specimens to find the corresponding local stresses. Experimental
stresses are shown in Figs. 3 and 4 by symbols. As indicated in the figures,
stresses from the simulation procedure agree well with the experimentally
determined stresses.

Figure 3 shows the effect of beneficial prior loading. After the 10 cycles of
prior loading, local stresses cycle between approximately —30 ksi (207

S =40 ks
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(276 /o)
2 R =-1 e A
MN/m H_L’P_Smax 20 kSIG38 MN/m), R= 0—-1
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FIG. 3—Local stress sequence for beneficial prior loading.
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FIG. 4—Local stress sequence for detrimental prior loading.

MN/m?) and 20 ksi (138 MN/m?). For comparison consider the case of no
prior loading, in which local conditions would be elastic and local stress
would cycle between 0 and 51.4 ksi (354 MN/m?). It is evident that beneficial
prior loading had the effect of algebraically reducing subsequent local stresses
by approximately 30 ksi (207 MN/m?), a reduction which caused the increase
in crack initiation life shown in Fig. 2.

The effect of detrimental prior loading is shown in Fig. 4. A tensile residual
stress of approximately 30 ksi (207 MN/m?) remained at the end of the 10
prior loading cycles. However, the first 20-ksi (138-MN/m?) load cycle pro-
duced local yielding in tension and therefore altered the residual stress. A
residual stress of approximately 10 ksi (69 MN/m?) remained at the end of
this 20-ksi (138-MN/m?) load cycle, so after 10 cycles local stresses cycled
between approximately 60 ksi (413 MN/m?) and 10 ksi (69 MN/m?). Com-
parison again with the elastic range of 0 to 51.4 ksi (354 MN/m?) for the
case of no prior loading shows that detrimental prior loading increased local
stresses by only 10 ksi (69 MN/m?), an increase which caused a small reduc-
tion in crack initiation life as shown in Fig. 2.

Analysis of Crack Initiation Behavior

Prediction of Crack Initiation Lives for Notched Specimens

Unnotched specimens cycled to stress levels corresponding to those at a
stress concentration site should accumulate fatigue damage in approximately
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the same manner as the material at the stress concentration; therefore,
fatigue tests with unnotched specimens could provide predictions for crack
initiation lives of notched specimens. To investigate this possibility, un-
notched specimens (made with the same material and fabrication procedures
as used for the notched specimens) were cycled to appropriate stress levels
until failure occurred. These unnotched specimens usually failed before
fatigue cracks grew to an appreciable length; thus, these fatigue lives were
used as estimates of the number of cycles to initiate the 0.03-in. (0.76-mm)
crack in the notched specimens.

TABLE 2—Estimated crack initiation lives from simulation tests with unnotched specimens.

Estimated Crack Geometric Mean of
Initiation Lives, Estimated Lives,
Simulated Test Conditions cycles cycles

No prior loading................... 19 200 35100
22700
43 500
48 100
58 400

Beneficial prior loading............. 140 000 190 600
181 000
273 300

Detrimental prior loading........... 17 300 22 600
23100
28 800

Estimated crack initiation lives are given in Table 2 and are also presented
in Fig. 5 for comparison with the experimentally determined crack initiation
lives for the notched specimens. The symbols represent geometric mean lives
for Tables 1 and 2, and the brackets indicate scatterbands. The geometric
mean of estimated lives for beneficial prior loading was approximately 5 times
the estimated life for no prior loading. For the experimentally determined
crack initiation lives this ratio was approximately 4. The geometric mean of
the estimated lives for detrimental prior loading was 0.6 (60 percent), as long
as the estimated life for no prior loading, compared to a factor of approxi-
mately 0.5 for the experimental crack initiation lives. The estimated lives,
therefore, reflect the general effects of prior loading on notched specimens.

In all cases the estimated mean lives are only approximately 0.4 times as
long as the corresponding experimentally determined lives. This trend was
believed to be in part related to the volume of material subjected to high
stresses. A much larger volume was highly stressed in the unnotched speci-
mens than in the notched specimens (test section for unnotched specimens
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FIG. S—Estimated and experimentally determined crack initiation lives.

was 1.00 in. (25.4 mm) long and 0.800 in. (20.3 mm) wide). Since inherent
microscopic flaws of various sizes are distributed throughout the specimen
material, it is reasonable to expect the unnotched specimen to contain a larger
initial flaw than the highly stressed material in the notched specimen. For the
same applied cyclic stresses, this larger flaw would grow faster than its counter-
part in the notched specimen, and, as a result, the unnotched specimen would
develop a macroscopic fatigue crack in fewer cycles than the notched speci-
men. Thus, the life to crack initiation predicted from an unnotched specimen
cycled under local stresses may be expected to be consistently shorter than
the life to initiate cracks in the corresponding notched specimen.

In an effort to account for this “size effect,” Wetzel [I] replaced K, by K;
in Eq 2 (found in the Appendix), which resulted in smaller calculated local
stresses and, consequently, larger estimates for crack initiation lives. In the
present study, however, K; was nearly equal to K,; therefore, this approach
would not have significantly improved estimates for crack initiation. Further
study of this “size effect” correction is required for other test conditions.

Influence of Residual Stresses

To investigate the effects of residual stresses produced by prior loading
on the notched specimens, additional tests were conducted with unnotched
specimens. For these tests the 10 cycles of high stress in Figs. 3 and 4 were
omitted and the unnotched specimens were cycled to failure under the local
stresses shown beyond the tenth cycle (Table 3). These tests simulated only
the residual stress effects of prior loading. Results are presented in Table 3
and are also plotted in Fig. 6. For beneficial prior loading, the geometric
mean life from these tests (Table 3) was nearly 9 times the estimated life for
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no prior loading (Table 2), and the life for detrimental prior loading was
approximately 0.9 as long. These ratios are significantly larger than the
corresponding values of 4 and 0.5 determined from crack initiation tests with
notched specimens (Table 1), a discrepancy that indicates the influence of
high loads on notched specimens cannot be predicted solely from residual
stress effects.

TABLE 3—Fatigue lives from constant amplitude tests with winotched specimens.

Maximum Minimum Fatigue Geometric Mean of
Stress, Stress, Lives, Fatigue Lives,
ksi (MN /m?) ksi (MN /m?) cycles cycles
21.3....... —30.1 270 900 300 500
(147) (—208) 276 900
361 700
61.5....... 10.1 28 300 31 700
(424) (69.6) 32400
34 600

Damaging Effect of High Local Stress Cycles

In addition to the effects of residual stress on crack initiation lives, high
prior loading may produce a second effect. Topper and Sandor [4] found that
high prior stress cycles had a damaging influence on fatigue lives of unnotched
specimens, larger than predicted by the linear damage rule. Because the local
stress sequences in Figs. 3 and 4 are similar to those used by Topper and
Sandor, the 10 cycles of high local stress probably had a damaging effect on
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the crack initiation lives in the present study. The high stress cycles could have
initiated microscopic cracks which would grow under subsequent lower stress
cycles to produce this damaging effect, as suggested by Dolan and Corten [5].

The procedure used in the present study to estimate crack initiation lives
inherently accounted for both the damaging influence of high local stress
cycles and the effects of residual stresses. The estimated crack initiation lives
from Table 2 are plotted in Fig. 6 for comparison with the lives simulating
only the residual stress effects. Differences between them were attributed to
the effects of the 10 cycles of high local stress on subsequent fatigue behavior.
(The 10 cycles of high stress represented a negligibly small percentage of
fatigue life based on the linear damage rule.) In beneficial prior loading,
Fig. 6, the residual stress effect increased the geometric mean life from 35,100
to 300,500 cycles, but the damaging effect of high local stress cycles reduced
the estimated life to 190,600 cycles. For detrimental prior loading, fatigue
lives are within the scatterband of the reference case of no prior loading;
however, comparison of geometric mean lives shows a very small life reduc-
tion due to residual stresses and a larger reduction caused by the 10 cycles of
high local stress. The 10 cycles of high local stress appear to have been the
the primary cause for life reduction in the case of detrimental prior loading
in Fig. 2. In general, the results in Fig. 6 illustrate the importance of con-
sidering both residual stress effects and the damaging effects of high local
stress cycles for analyses of crack initiation behavior at stress concentrations.

Conclusions

Fatigue tests of notched specimens demonstrated that prior loads which
produced compressive residual stresses caused longer crack initiation lives
than were observed in tests without high prior loading. Conversely, high
prior loads that produced tensile residual stresses caused shorter crack ini-
tiation lives. In addition to producing the effects of residual stresses, a few
cycles of high local stress had a damaging effect on life. This effect was
attributed to microcracks, produced by the high local stress cycles, that grew
readily under subsequent low stress cycles. The observed effects of prior load-
ing on notched specimens were interpreted as the combined result of residual
stresses and the damaging effect of high local stress cycles.

The procedure used to simulate local conditions at a stress concentration
produced accurate local stresses. Unnotched specimens were cycled to stress
levels corresponding to those at the stress concentration site to obtain esti-
mates of crack initiation lives for the notched specimens. These estimates
reflected the general effects of prior local plasticity on crack initiation be-
havior at a stress concentration but were consistently shorter than experi-
mentally determined crack initiation lives for notched specimens. This trend
was attributed to the large difference in volume of highly stressed material
for the notched and unnotched specimens.
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APPENDIX

Simulation of Local Stress-Strain Behavior

In Refs / and 2 local stress and strain at a stress concentration were simulated
using unnotched specimens. The basis of this simulation is illustrated schematically
in Fig. 7 for the case of a sheet containing a circular hole. When loaded as shown in
Figure 7a, the fatigue critical points lie on the boundary of the hole at Points C.
In a thin sheet a state of uniaxial stress exists at these symmetrically located points,
and the local stress there is shown schematically as o, acting on a small element of
material. An identical stress state can be produced in an unnotched specimen under
an applied stress of ¢, as shown in Fig. 7b; therefore an unnotched specimen can
be used to represent the cyclic stress-strain behavior at points C by cycling the un-
notched specimen between limiting conditions for stresses and strains that occur
at points C. For this investigation, limiting conditions for stress and strain at point
C were calculated by the Neuber equation [6]

Kr?=KoKe ... ... .. )

which relates stress and strain concentration factors to the elastic stress concentra-
tion factor. This equation was rewritten as

Aoy = (KTAS{)Z/EAei ........................ (2)

where As; and Ae¢; are the changes in local stress and strain corresponding to the
ith monotonic excursion of nominal stress, AS;. Substituting into Eq 2 values of
Ky and E for a given configuration and material and a value of aS; for a given load
cycle results in a hyperbolic relationship between aAe; and A¢;. A particular solution
for this relationship can be determined by plotting Eq 2 together with a uniaxial
stress-strain curve for the material. The intersection of the stress-strain curve and
the hyperbola from Eq 2 provides values of As; and Ae; that satisfy Eq 2 and are
also consistent with the stress-strain behavior of the material.

The cycle-by-cycle application of this procedure can be explained with Fig. 8,
which shows a typical first cycle of nominal stress for which local behavior is sought.

o

NERRBNBRRENE T
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T

1}
@) SPECIMEN WITH STRESS CONCENTRATION. (b} UNNOTCHED SPECIMEN.
FIG. 7T—Simulation of local stress with an unnotched specimen.



48  HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS

/, \2
K_AS
. - -y .
- be B \‘\
5 o‘._AEI_.\JA
[+ wy
= o T
wy bl
[o 4
2 75
S o 2 )
=178 ’ / 8 ‘
i1 / - {
As) TIME 0 LOCAL STRAIN, €
4N
AN
N\
B

N\
(a) NOMINAL STRESS CYCLE. (b} SIMULATED LOCAL STRESS-STRAIN CURVE.

FIG. 8—Nominal stress cycle and corresponding local stress-strain curve.

The cycle has been divided into monotonic excursions of nominal stress and each
excursion has been labeled. To illustrate, Eq 2 has been evaluated for a given Kr
and E and plotted in the first quadrant of Fig. 84 for AS;. This hyperbola represents
the locus of maximum values of local stress and strain corresponding to AS;. An
unnotched specimen was loaded in uniaxial tension to obtain the stress-strain curve,
OA. Point A corresponds to the intersection of the curves and therefore represents
the only combination of As; and A, that satisfies Eq 2 and is also consistent with
the stress-strain curve, OA4. Thus point 4 represents the estimated maximum values
of local stress and strain during the first quarter cycle. For the second excursion of
nominal stress, AS,, point 4 was taken as the initial state. Accordingly, Eq 2 was
plotted relative to point 4 for AS», as shown in the third quadrant. The unnotched
specimen was unloaded from point 4 and loaded into compression until the result-
ing stress-strain curve intersected this limiting curve corresponding to AS,. The
intersection, point B, represents the estimate for the minimum values of local stress
and strain for this cycle of nominal stress. The local stress-strain curves for cycling
beyond the first cycle were determined by repeatedly applying this procedure to find
the extreme points for each cycle.

Similarly, half-cycle residual stresses and strains were found for the nominal stress
cycle in Fig. 8a by plotting Eq 2 relative to point 4 with AS; = AS,. The intersection
of this curve for Eq 2 with the curve 4B established the half-cycle residual stresses
and strains for the unloading excursion, AS;. Subsequent residual conditions were
determined by repeating this procedure for each unloading excursion.
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DISCUSSION

R. M. Wetzel' (written discussiony—We have learned a great deal from Dr.
Crews and his colleagues at the NASA Langley Research Center. With this
in mind I should like to ask him to comment on the following.

Notches are frequently less severe in fatigue than indicated by Kr, the
theoretical elastic stress concentration factor. For this reason K, a “fatigue
strength reduction factor” or “fatigue concentration constant,” is frequently
defined for a given notched specimen as [/]*

fatigue strength, unnotched specimen at a given life
fatigue strength, notched specimen at the same life

s ()
K; factors so defined are constant at long lives but tend to decrease toward
1.0 at shorter lives because of inelastic deformation. Several authors (for
example, Refs 2—4) have derived empirical expressions for determining the
value of K; at long lives; however, it has been my experience that these ex-
pressions are unreliable particularly when applied to specimens of a different
material or geometry than originally used to derive the relationships. There-
fore, whenever possible, I think it advisable to determine, or at least verify,
K; values using Eq 1 and experimental data for the specimen in question.

With this introduction I should like to question Dr. Crews’ statement that
K, was nearly equal to Ky for the specimens he used. The unnotched speci-
mens used to simulate the fatigue behavior of notched plates lasted 0.4 as
long as the notched plates. This was explained as being the result, in part, of
a size effect, since a larger volume of metal was highly stressed in the unnotched
specimens than in the notched specimens. The observation, as well as Dr.
Crews’ explanation, supports the alternate view that K, as defined by Eq 1
would be significantly less than Kr. Use of this K, in place of Kr in Neuber’s
equation (Egs 1 and 2) would improve the agreement between the unnotched
specimen lives and the notched specimen lives.

In general, 1 believe that the “fatigue concentration constant,” K;, deter-
mined from long-life data and Eq 1, should be substituted for Ky when
Neuber’s equation is applied to fatigue problems. This conclusion is verified
in Refs 5-8.

1 Scientific research staff, Ford Motor Co., Dearborn, Mich.
* Italic numbers in brackets refer to the list of references at the end of the Discussion.
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It is gratifying that Dr. Crews’ results agree with a similar investigation
which also studied the effect of prior plasticity and utilized Neuber’s equation
and the technique of simulating notch behavior with unnotched specimens.
This work was done at the University of Illinois. It is reported in detail in
Ref 8 and is summarized in Refs 6 and 7.

J. H. Crews, Jr. (author's closure}—The size effect present in the fatigue
behavior of notched specimens can be interpreted as the combined result of
two effects, both related to the size of the highly stressed region at the notch.
In small notched specimens or in specimens with high K7 values, the highly
stressed region may be small compared to the microstructure of the material.
For such cases, the local stress gradient may be attenuated by material in-
homogeneity, and, as a result, local stress may be less than predicted by Kr.
The second factor that produces a size effect is related to the initial size of the
critical flaw that eventually develops into a fatigue crack. As previously dis-
cussed in this paper, the critical flaw at the notch is smaller than its counter-
part in the unnotched specimen. As a result of this difference in initial flaw
size, a notch may be less severe than predicted from the fatigue behavior of
unnotched specimens.

In large specimens with mild stress concentrations, as in the present study,
elastic local stresses are in agreement with Kr. Observed long-life size effects
for such cases are usually small (K, nearly equal to Kr) and are attributed to
the initial flaw size effect.

In the present study measured elastic local stresses (strains) were in agree-
ment with Kr, as expected. Therefore, Ky was used in Neuber’s equation for
the calculation of local cyclic stresses. The substitution of K, for K7 in
Neuber’s equation, as suggested by Dr. Wetzel, would have decreased these
calculated local stresses and would have increased the life estimates. How-
ever, since the size effect was attributed to the initial flaw size effect, it would
have been inappropriate to correct for this effect by deliberately altering the
calculated local stresses.

In my view, since the notched specimens in the present study were large,
Kr was appropriately used in Neuber’s equation. The question of using Kr
or K, for smaller specimens was beyond the scope of this study.
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ABSTRACT: This paper describes an investigation on annealed Nickel A to
explore the effects of simultaneously applied cyclic and monotonic strains. The
results are presented in terms of the true stress-strain envelope of the end points
of individual hysteresis loops. During mixed straining, early increased hardening,
and later softening with progressive mean strain, occurs in comparison to simple
tension. In the limit, the stress level required for deformation is controlled by the
stress amplitude of the stabilized hysteresis loop associated with cyclic strain
component, and monotonic hardening effects are absent. For tensile monotonic
strains, superimposed cyclic strains lead to early necking, until, in the limit, neck-
ing occurs with zero mean strain and provides a mechanism for low-cycle fatigue
crack nucleation. A failure criterion which fits the results is developed. Here
erfey = 1 — (N;[N;)®58 where ¢, is the tensile ductility, N,, the fatigue life
for the cyclic strain component alone, ¢, and N the fracture strain and fatigue life,
respectively, for the mixed mode of deformation.

KEY WORDS: deformation, fracturing, strains, fatigue (materials), ductility,
nickel, hardening (materials), evaluation

It is the purpose of this paper to investigate the deformation and fracture
of a ductile metal subjected to superimposed cyclic and monotonic strain.
While much has been written on the flow and fracture of these processes con-
sidered separately, very little has been said about the concurrent effects of
cyclic and monotonic strain. Reflection on the actual state of affairs in
plastic flow suggests that these combined deformations can occur more
frequently than is commonly accepted. Some of the more obvious examples
include (1) deformation instabilities in local regions of a body subjected to
controlled cyclic displacements at remote locations in the body, (2) bodies

1 Metallurgy and Ceramics Laboratory, Research and Development Center, General
Electric Co., Schenectady, N. Y. 12301.
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subjected to constant externally applied loads and simultaneously subjected
to cyclic plastic strains arising from some different loading system, (3) metal-
working processes where the flow process is nonhomogeneous, and (4) flow
processes where the deformation is the consequence of steady stress and
intense ultrasonic vibrations. Each of these situations is considered in more
detail below.

It is a common experience to observe plastic instabilities in controlled dis-
placement experiments in low-cycle fatigue exploration. For example, a
uniaxially loaded hourglass-shaped specimen subjected to controlled ampli-
tude displacement at each end of the specimen will undergo a shape change
with repeated cyclic plastic strain in which the minimum diameter decreases
and the diameters at adjacent sections increase. If the cyclic strain at the
minimum diameter is controlled, the adjacent sections will increase in diam-
eter even more and the specimen will shorten. These effects and others, in-
cluding similar shape changes in uniform cross section bars, have been
reported earlier [/]? and a mechanism for the behavior was given. More
generally, shape instability can be expected to occur in bodies subjected to
nonuniform cyclic plastic strain, the extent of which depends on the magni-
tude of the strain and on the cyclic strain hardening characteristics of the
material. Thus, most fatigue failures fall into this category, since the strain
at the precise location in the body where failure develops is never so carefully
controlled that a mean strain component cannot occur. Indeed this mecha-
nism has been proposed by McClintock [2] as the basis for fatigue crack
nucleation. It is clear then that the process of simultaneous actions of cyclic
and monotonic strain is vital to the fatigue question.

Bars subjected to steady uniaxial loads and cyclic plastic torsion or bend-
ing are examples of (2) above. Other loading combinations can be imagined.
Under such circumstances the bar can undergo progressive length change,
an effect referred to as ‘‘cyclic-strain-induced creep,” ‘“racheting,” etc.
Numerous references now exist reporting information on this subject [3-5],
but an understanding of the process sufficient to allow prediction of resuits
is lacking.

Many metalworking processes involve the simultaneous action of cyclic
and monotonic strain. Swaging and forging are obvious examples. However,
in many other processes, notably rolling and drawing, the flow is nonhomo-
geneous and involves extension accompanied by a reversed shear [6]. Little
information exists as to how one accounts for this behavior by some metal-
working theory.

Of particular interest to the present investigation is the reported influence
of intense ultrasonic vibration on reducing the flow stress of metals during
plastic flow [7]. While this effect has been described in terms of an acoustic

2 Ttalic numbers in brackets refer to the list of references at the end of this paper.
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energy mechanism, it may also be shown to be merely a special case of a
broad behavior involving cyclic-monotonic strain interaction, in which the
cyclic strain controls the deformation rate. It is this broader view to which
this paper is addressed.

Some preliminary attention should be given to the complexities of the
strain hardening and softening effects involved in the interaction of cyclic
and monotonic strain. The concern here is with annealed, unalloyed metals
where hardening or softening effects may be quite pronounced. In monotonic
deformation, strain hardening alone will occur; while, under cyclic strain,
hardening or softening results depending on the degree of prior cold work.
Thus in the annealed state, imposition of cyclic strain produces cyclic harden-
ing, the degree of which depends on the plastic strain range imposed. When
the material has received prior cold work, subsequent cyclic strain may either
harden the material further or soften it, depending on the amount of prior
cold work and the imposed plastic strain range [8, 9]. When the deformation
is a combination of both monotonic and cyclic strains, the consequence is a
more rapid hardening in the early stages of strain than for monotonic de-
formation alone, since the cyclic hardening effects of the two processes are
additive. After some state of hardening is reached, however, softening can
occur from the cyclic strain so that in the later stages of deformation the
combined strain hardening effects are less than for monotonic deformation
alone.

In an earlier paper [I] experiments were carried out on several materials
in which simultaneous cyclic and monotonic strains were imposed. The in-
terest was primarily directed toward the difference in material response
rather than the specific effects of combining monotonic and cyclic strain. In
the present paper a single nietal is considered and attention is given to the
straining history. Of principal interest is the load and stress response of the
material and the eventual fracture of the material as a result of some mixed
cyclic and monotonic strain. Although not all of the possible problem areas
identified above will be fully resolved from this work, it is hoped that a
clearer insight into the complexities of superimposed cyclic and monotonic
straining can be achieved.

Material and Test Procedure

Test specimens for the planned experiments were prepared from 2g-in.-
diameter bar stock of Nickel A, the nominal composition of which was 0.2
percent manganese, 0.15 percent iron, 0.1 percent copper, 0.1 percent carbon,
0.05 percent silicon, 0.005 percent sulfur, and the balance nickel. The test
method involved uniaxial push-pull loading, requiring the use of hourglass-
shaped specimens. These were prepared with a minimum diameter of 0.150
in. and a specimen radius of curvature of 0.5 in. Following careful surface
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preparation ending with longitudinal polish to remove all circumferential
scratches, the specimens were annealed in dry hydrogen for 1 h at 750 C.

Testing was performed in a 20,000-1b-capacity, reverse loading Instron
machine. In all tests the machine crosshead rate was maintained constant
during straining. Changes in diameter were measured and recorded and
served as a basis for strain control. Loads were also continuously recorded
against time, and by means of an X-Y recorder, plots of load versus diameter
change were obtained.

The unique feature of this investigation was the strain program, which in-
volved the superposition of cyclic and monotonic strain as described in Fig. 1.
Because strains large enough to cause localized necking could be expected,
the diametral strain was selected for measurement and control. To meet the

cYcLic
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. I / .
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MEAN
DIAMETRAL
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4 €m + + —
] I 2 3  CYCLES
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STRAIN -~
0 V Y M CYCLES

FIG. 1—Cyclic tension straining pattern.
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requirements of the program depicted in Fig. 1, the diametral strain limits
were defined as

i, = —Ki— KN+ Y)...................(1
and

where K is the diametral strain amplitude established for a specific test and
K, is the mean diametral strain per cycle. A positive value for K; and K,
corresponds to a decrease in diameter and specimen elongation. Also, N is
the number of cycles and ¢, and e,, the diametral strain limits at the peak
tensile and compressive loads, respectively. Converting Eqs 1 and 2 into
diameter limits gives

dy = doe Kr-KaN+029 3)
d2 = d()eKl—Kz(‘\.+ 0.78) (4)

where d,, d; and d; are the initial diameter and the diameter limits correspond-
ing to the peak tensile and compressive loads, respectively. Further, the
longitudinal strain limits are considered to be twice the diametral strain
limits given in Eqs 1 and 2. This assumes Poisson’s ratio to be 0.5, an
assumption which is in error only in the very early part of the program.

It is apparent from Eqs 3 and 4 that d, and ds are not linear with N and, as
a result, that the diameter-cycle program is not simply controlled. As a con-
sequence, a strain programmer was developed to establish the appropriate
diameter limit on the diameter change recorder as the test proceeded (see
Ref 10). Figure 2 shows the test facility used, including the programmer,
while Fig. 3 illustrates some typical outputs from an experiment, including
force-time, total diameter change-time, and force-total diameter change
records. Loads obtained from these records, together with the diameters pre-
dicted from Eqs 3 and 4, formed the basis of a computer program to calcu-
late the tensile and compressive true stress amplitudes, the true strain limits,
and other desired information.

The test program conducted in this investigation is outlined in Table 1.
Note that most of the experiments involved specimen extension (positive K3)
although a few mean compression experiments were conducted. Tests were
run until failure, except for those involving a value of K, = 0.0004.

Test Results

Monotonic Behavior

Room temperature true stress-strain data were obtained from a uniaxial
tension test and are shown in Fig. 4. Here the flow stress is plotted versus the
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TABLE 1-—Test program.

Diametral Strain Amplitude, K, Mean Diametral Strain per Cycle, K,

00004................. 0.0001
0.00002
0.000004
—0.00002

0002.................. 0.0005
0.0001
0.00002
0.000004
0
—0.0001
—0.0005

0005.................. 0.01
0.0025
0.00125
0.000625
0.0001
0
—0.0001
—0.000625
—0.0025

001125, ............... 0.0225
0.015
0.0075
0.0050
0.0025
0.00125
0.000625
0.0001
0

longitudinal plastic strain (defined as log, (4o/A4), A and A, being the in-
stantaneous and initial areas, respectively). The measured true fracture strain
was found to be 1.59.

Effect of Prior Monotonic Strain

A few experiments were undertaken to define the cyclic hardening or soft-
ening characteristics of Nickel A for different amounts of prestrain when
subjected to controlled diametral cyclic strain. Typical test results are shown
in Fig. 5. The behavior indicated is characteristic of many unalloyed metals
reported in the literature [8, 9]. Pertinent features include (1) early hardening
and eventual saturation of the initially annealed material, with the rate of
early hardening and the level of saturation increasing monotonically with the
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FIG. 2—Testing facility, including cyclic-monotonic strain programmer.

strain range; (2) cyclic softening in the prestrained state, the initial hardness
level being determined by the degree of prestrain and the rate of softening?
increasing with decreasing strain range; and (3) the tendency of the metal to
reach the same stress amplitude with continued cycling, independent of the
initial state, that is the approach to a stabilized hysteresis loop. These state-
ments presume that the imposed cyclic strain is sufficiently large that some
plastic deformation is present.

The criterion for cyclic hardening or softening would appear to relate to
the hardness in the prestrained state and the magnitude of the imposed cyclic
strain range. A basis for determining what will happen can be found approxi-
mately with the aid of Fig. 4. Here the stabilized hysteresis loop data obtained
from Fig. 5 have been added, after converting to the stress amplitude and
longitudinal plastic strain amplitude. For a given prestrain, the monotonic
flow stress is found from curve A. Assuming this value to be the stress
amplitude of a stabilized hysteresis loop, the nonhardening or softening plastic

3 The rate of hardening or softening is defined here as the change in stress range per cycle
for a constant total strain range.
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FIG. 3—Typical cyclic tension data: (a) force versus time, (b total diameter charnge versus
time; (c) force versus total diameter change.

strain amplitude is determined from curve B. If the applied plastic strain
amplitude is less than this value, the prestrained metal wili soften; for an
applied plastic strain amplitude larger than this the metal will harden. Thus,
for example, for a prestrain of 10 percent an imposed plastic strain amplitude
of 0.004 or less causes cyclic softening, while a strain amplitude of 0.004 or
greater leads to cyclic hardening.

The concept of the stabilized hysteresis loop is found to apply for several
unalloyed metals, although such behavior cannot be generalized to all metals.
Feltner and Laird {9] describe the tendency for stabilized loop formation in
terms of the slip character of the metal involved; those exhibiting wavy slip
(aluminum, copper) and having high stacking fault energies develop a prior
strain-independent hysteresis loop. Materials with low stacking fault energies
deform by planar slip, as, for example, Cu-7.5Al, and do not develop a
single-valued stress level with cyclic straining. It is clear, however, that for
Nickel A, where the stacking fault energy is high, there is a strong tendency
to develop a unique hysteresis loop. This has an important bearing on the
work that follows.
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Cyclic Tension and Compression Experiments

There are several ways in which the results of the test program outlined in
Table 1 can be represented, depending on whether a particular test is regarded
primarily as monotonic or cyclic. First, however, there is one important point
to be noted, namely that, save for the smallest value of K], all tests involve a
fully reversed stress. This is seen in Table 2 where the numerically largest
value of the mean stress in any one test is tabulated against the stress range
obtained for that mean stress. Save for K; = 0.0004, the mean stress is very
small in relation to the stress range. For this low value of Kj, the mean
stresses are about one half of the stress range, indicating the absence of
appreciable stress reversal.

Considering the tests from the viewpoint of controlled cyclic strain, the
representation of data relating stress range and cycles of strain, as shown in
Fig. 5, can be used. Figures 6 and 7 are included for two cases, namely, for
K, = 0.002 and K, = 0.005. For all values of K; cyclic hardening occurs, and

TABLE 2—Mean stresses produced by simultaneous cyclic and monotonic strains.

Diametral Strain Mean Diametral Largest Mean Corresponding
Amplitude, Strain Amplitude, Stress, Stress Range,

K1 Kz ksi kSl
0.01125....... 0.0225 4.7 256
0.015 4.5 307
0.0075 1.0 27N
0.005 38 251
0.0025 1.0 245
0.00125 1.1 220
0.000625 0.7 205
0.0001 0.2 190
0.005......... 0.01 6.5 226
0.0025 2.9 257
0.00125 2.0 245
0.000625 0.5 188
0.0001 1.3 158
0.002......... 0.0005 1.5 149
0.000t 1.6 154
0.00002 1.2 135
0.000004 0.9 116
—0.0001 2.7 125
—0.0005 5.5 140
0.0004. ....... 0.0001 62,7 138
0.00002 549 134

0.000004 327 97.4

—0.00002 55.7 90.7
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FIG. 6—Stress range versus cycles of strain for various values of K » and mean diametral
strain, K; = 0.002.

40

the degree of hardening increases as K., the mean strain advance per cycle,
increases. This is not surprising, since for any given number of strain cycles
the mean strain increases with K.

These curves reflect the tendency of the material to develop a stabilized
hysteresis loop for a specific value of K, the diametral strain amplitude, with
mean strain accumulation, as determined by the product of K, and the num-
ber of cycles. To show directly how the accumulated mean strain interacts
with the cyclic strain to affect the stress range, dashed lines of constant mean
strain are included in Figs. 6 and 7. Note that the lower strain amplitude
produces the same accumulated mean strain with a lower stress range. For
example, 200 cycles with a K; = 0.002 and K; = 0.0005 produce a mean
strain of 0.10 at a stress range of 140,000 psi. On the other hand, 40 cycles
and a K; = 0.005 and a K, = 0.0025 produce the same mean strain but at a
stress range of 170,000 psi. Thus, the same mean strain accumulation can be
accomplished at lower strain and stress ranges, but more cycles are required.

Additionally, in Fig. 6 comparisons are made of the hardenening which
develops in cases where the values of K: are the same in magnitude but oppo-
site in sign. Note that a lower stress range is required to produce the same
mean strain (K. X N) when K, is negative. Arguments to justify this will be
given later.
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FIG. 7—Stress range versus cycles of strain for various values of K , and mean diametral
strain, K, = 0.005.

A more interesting way to look at the results of the mixed cyclic and
monotonic testing program is to consider them as one does a uniaxial mono-
tonic tension or compression experiment. Considering first the cyclic tension
tests, and plotting the ordinary stress found at each tensile limit versus the
corresponding ordinary strain, defined as 4o/ 4, the ratio of areas (Figs. 8,
9, and 10) are obtained. Here for each X; the corresponding K, values become
parameters. The ordinary monotonic tensile data (K, = 0) are included for
comparison. Because of the early cyclic hardening in conjunction with the
mean strain advance, in each case the ordinary stress values rise more rapidly
than for tension without cycling: the hardening increases with the increasing
value of K.. The rate of hardening is then observed to decrease as the mean
strain accumulates and the stress level rises. Just as in the simple tension test,
a stress maximum is reached, followed by a gradually developing decrease in
stress. Since the ordinary stress is being considered here, these curves are
actually a reflection of the peak tensile load with each cycle. The behavior
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of these peak stresses on loads then indicates the same type of necking in-
stability that is characteristic of the simple tension test, but with certain
notable differences. First, it will be observed that with increasing values of
K, the ordinary strain required for necking decreases—most spectacularly
seen in Fig. 8 when this mean strain decreases from 0.31 in simple tension to
0.06 for K, = 0.000625. In some instances, when K: is very low and the num-
ber of cycles very large, the effect disappears, probably because a fatigue
crack has developed to cause local constraints.
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o K,=000t25
80,000
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P
Ao
60,000}~
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FIG. 8—Ordinary stress-strain envelopes for various values of K ,, K; = 0.01125.
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FIG. 9—Ordinary stress-strain envelopes for various values of K., K; = 0.005.

A second important observation is the change in the maximum in the
ordinary stress envelope curve with increasing K. The change is found to
depend on the value of K. In Fig. 8, where K is 0.01125, the individual maxi-
mum stress increases with increasing K.; while, in Figs. 9 and 10 where the
K, value is lower, the individual maximum values decrease with increasing
mean stress. The effect appears to depend on the stabilized hysteresis loop
stress amplitude associated with the particular K; chosen. The values are
indicated in the figures for K; = 0. When the stabilized stress amplitude is
greater than the ordinary stress maximum in simple tension (the alternate
tensile strength), the maximum stresses for decreasing values of K; rise; when
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the stabilized stress amplitude is less than ultimate strength, the maximum
decreases with decreasing Ka. In the limit, and in the absence of an intervening
fatigue crack, it would appear that the stabilized stress amplitude and the
maximum in the ordinary stress envelope are synonymous. This raises an
interesting question regarding stability, a point which will be discussed later.

These same data may also be represented in terms of true stresses and
strains, where curves can be constructed of the envelope of individual true
stress and strain values obtained at the peak of each hysteresis loop. The
curves are shown in Figs. 11-15 for the values of K, and K; outlined in Table 1.
They reflect the observations described for Figs. 8-10, namely, the more
rapid hardening in the early stages of mean strain deformation in comparison
to the simple tensile behavior. Representation of the data in this manner,
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FIG. 10—Ordinary stress-sirain envelopes for various values of K ., K, = 0.002.
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however, describes more appropriately the behavior of the material after neck-
ing. As was shown above, necking occurs earlier with increasing K, and
hence these curves have added meaning. Particularly note the increase in
softening with decreasing values of K, at high mean strains (Fig. 12). In con-
trast to the early increased hardening, the later increased softening of the
mixed strain mode of deformation reflects the influence of the cyclic softening
phenomenon characteristic of cold-worked structures and shown in Fig. 5.
It would also appear that the minimum slopes of the several curves in Figs.
11-13, after large accumulated mean strains have developed, are roughly the
same, independent of K; or K,. The average value of this slope is 65,800
psi—an interesting fact to be discussed later.

The behavior of early increased hardening and later increased softening
depending on K; requires some crossover point or region, as shown for Figs.
11-13 where it is found to occur at lower mean strains as K; is reduced in
magnitude. Further, it would appear that, for each K, the family of curves
described by the parameter K, is bounded between the curve for simple
tension and a straight line drawn from the point representing the stabilized
stress amplitude, where K. is zero, with the minimum slope of 65,800 psi.

From the trends indicated in Figs. 11-13 it would appear that by lowering
K, to reduce the stabilized stress amplitude, the true stress-strain envelope
is correspondingly lowered, particularly when the ratio of K, to K is small;
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however, when K, is decreased to 0.0004 (Fig. 14) a different behavior is
observed, in which the high mean strain cyclic softening no longer develops.
Early hardening is evident, but following this the envelope closely follows
the simple tension curve. This behavior is a matter for further discussion.

Experiments have also been conducted with negative values of K,, and their
true stress-strain envelopes are shown in Fig. 15 for K; = 0.005 and Fig. 13
for K; = 0.002. The same general trends are observed in the low mean strain
regions for negative values of K as for positive values. A significant difference
is to be noted, however, at the higher mean strains, where the negative K,
experiments reveal much less hardening. This is seen most dramatically in
Fig. 15 for K, = —0.0001, where, after a very rapid hardening, the subse-
quent strain hardening is essentially zero. Similarly, in Fig. 13, also with
K, = —0.0001, a mean strain is reached at a stress of 70,000 psi as compared
to a stress of 107,000 psi in a simple compression test.

Fracture

Except for the lowest strain amplitude employed, K; = 0.0004, all tests
were carried to failure, which occurred either by a sudden separation in the
case where failure was by ductile fracture or by rapid decrease in load ca-
pacity with continued cycling when the failure was by fatigue. At failure the
cyclic life and the mean strain were determined, and for each test the ratio
(¢;/¢,y and (Ny/N;,) were computed. Here ¢ is the mean strain at fracture,
¢, the tensile ductility in simple tension, N, the fatigue life, and N,, the
fatigue life for the same K; when K, = 0.

The following procedure was used to represent the fracture results of this
investigation. From the test results for K; = 0, that is for cyclic strain only,
a plot of the plastic strain range, Ae,, versus N, gave, as a best fit, the relation

N80, = 0729, . . .............. .05

Here, for simple tension, N, = 14 cycles, and Ae,, = ¢, the fracture ductility,
or

M'oo'éﬁaAep = (%)0'5636f0 ..................... (6)

For a mixed failure, that is for positive values of both K, and K, it can be
assumed that the actual ductility is reduced by the amount of mean strain ;.
Thus the fatigue failure criterion, Eq 6, becomes

NOS3Ae, = (U)%%%ery — €)oo @)
Dividing Eq 7 by Eq 6
(Ni/Np)o =1 — (/€)oo (8)
The test data and Eq 8 are shown in Fig. 16.
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FIG. 16—Representation of fracture for mixed cyclic and monotonic straining.

Discussion

The effect of superimposed cyclic strain on monotonic deformation is
shown to consist of early rapid hardening due to the additive effects of both
monotonic and cyclic strain hardening. As the mean strain develops so does
the cyclic strain softening, and the net strain hardening is then determined
by the combination of monotonic hardening and cyclic softening. The limit
in this process is perhaps best typified in the case of K; = 0.005, K, = —0.0001
(Fig. 15), where hardening to the stabilized hysteresis loop stress amplitude
is developed after very little mean strain and the subsequent deformation
occurs with no further hardening, the monotonic strain hardening being
fully removed by the cyclic strain.
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The behavior exhibited in compressive deformation (negative K.) does not
have a counterpart in tensile deformation. Here, even for the smallest value
of K,/ K, where the greatest softening effect would be anticipated for a specific
value of Kj, a finite value for monotonic strain hardening still exists. The
explanation for this behavior most probably can be traced to the localized
nature of the deformation process in cyclic tension tests, that is, to necking.
As seen in Figs. 8-10, the superposition of cyclic strain decreases the mean
strain required for necking, and a larger fraction of the total deformation is
necking strain. Under such conditions, the developing notch geometry leads
to constraints to flow, and the stresses generated are higher than those re-
quired to produce flow in the absence of the neck. Evidence for the constraint
effect can be seen in Fig. 6, where the stress range required for specific values
of K, and K; is higher when K is positive than when K, is negative. It is also
present in simple uniaxial loading, as seen by comparing the tension and
compression curves in Fig. 15. At least part of the difference in flow stress
here can be accounted for by the difference in geometry as deformation
proceeds.

A quantitative measure of the effect of necking on the indicated hardening
was not undertaken. The Bridgman correction [/7] could have been applied,
in which case the radius of curvature of the neck as well as the neck diameter
would have to be determined throughout the test.

Evidence in support of the necking constraint view was obtained in a
single test. A specimen with an initial diameter of 0.25 in. was pulled in
tension to a prestrain of 0.495, a value sufficient to produce necking. The
specimen was then remachined to a diameter of 0.172 in. to remove the neck
and subjected to a K; = 0.005 and K; = 0. The specimen softened so as to
produce a true stress envelope value of 92,000 psi after 155 cycles. This point,
F, is shown on Fig. 12, where it is found to fall well below the various true
stress-strain envelopes. Failure took place before complete softening had
occurred, however, and it remains in doubt at the moment whether the
necking constraint completely explains the observed hardening as K, — 0.

The early necking for mixed cyclic and monotonic deformation is of
interest and would appear to be a direct consequence of the requirement for
necking in monotonic loading, that is, when do/de = o. Here cyclic strain
hardening raises the early mean strain flow stress to shift the point of necking
to lower mean strains. In the limit, when K, — 0, this could occur at zero
mean strain, which suggests the possibility that a necking instability may
initiate a fatigue crack. In the absence of any mean strain, when cycling has
proceeded to the point that the hysteresis loop has become fully stabilized,
mean strain can be accommodated by the initiation of a neck and a corre-
sponding decrease in load. Further localization of strain then occurs in the
notch root formed by the neck, the root radius decreases further, and finally
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a crack is formed. Because of the accompanying load decrease, it may in fact
be difficult to prevent the instability from occurring, since less work is done
by this process. A requirement for the initiation of the instability is a strain
range sufficiently large to induce cyclic plastic strain over the entire cross
section; hence, the argument would appear to be applicable for low-cycle
fatigue only.

The ability to deform nickel monotonically at stress levels determined
largely or entirely by the cyclic strain component requires a knowledge of the
appropriate values of K; and K,. In the present program; for the several
values of K, ratios for K, to K, as low as 0.01 were employed. For K; =
0.0004, it would appear that even lower values of K,/K, are required to effect
softening at large mean strains. This becomes quite laborious even with the
approach used, since 10° cycles or greater are required to produce mean
strains of 0.01. It would appear from the present results that mean strains
could be produced at low stress amplitudes, provided means could be found
for introducing the high number of cycles required. This suggests the use of
high-frequency vibration, such as ultrasonics. Unfortunately, fatigue failure
serves as a limit to the total deformation, and with decreasing values of K;
this becomes an increasingly important limitation.

In this regard the failure criterion shown as Eq 7 and experimentally
supported in Fig. 16 can be rewritten as

Aep/ery = QAN — QNKs/eg)]. oo 9
where ¢, = 2N;K,. Plotting Ae, versus N; for various values of K. and

a = 0.563, the effect of K, on life is shown in Fig. 17. This curve gives an
indication of what might be expected when mean strain develops during
cyclic strain, either by purpose or for lack of appropriate control.

The behavior of Nickel A as discussed above is felt to be typical of those
metals which can exhibit a stabilized hysteresis loop that is independent of
prior history. These metals are generally characterized as exhibiting wavy
slip and have high stacking fault energies [9]. Although cyclic hardening and
softening are characteristics of most metals, many show a history dependence
(characterized by planar slip [9]) such that the stabilized hysteresis loop is
not unique to the level of cyclic strain alone. Under such circumstances the
cyclic and monotonic strain interactions are more complex than are repre-
sented here.

Conclusions

Based on the experimental results presented here, the following con-
clusions are drawn:

1. The simultaneous action of cyclic and monotonic strains on annealed
Nickel A results in a monotonic deformation whose developed true stress-
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strain envelope shows an earlier hardening and a later softening in compari-
son to the simple tensile true stress-strain relationship. This behavior is
traceable to the cyclic strain hardening characteristic of metals in the annealed
state and cyclic strain softening for metals in the cold-worked state.

2. For a given value of K,, as K: — 0, the true stress-strain envelope
hardens with little mean strain to the stabilized stress amplitude associated
with K.. If K; is negative, there is no further hardening with additional mean
strain; while, if K, is positive, hardening continues with mean strain. The
hardening in the latter case is attributed only to the constraint to flow due to
localized necking.

3. When K, is positive for a given K, necking occurs at progressively lower
mean strains with decreasing values of X,, until for K, — 0 necking occurs at
zero mean strain. Under the action of pure cyclic strain, when the stabilized
hysteresis loop stress amplitude is attained, the metal is unstable to any mean
tensile strain. A fatigue crack is then initiated at the developing neck and
failure proceeds in this more localized mode of deformation.

4. As K; becomes small the ratio K./K; becomes very low in order to
produce the above effects. This requires a very large number of cycles to
produce any significant mean strain, and premature fatigue failure occurs.

5. A relationship /¢, = 1 — (N;/Ny,)*?% describes failure for this mixed
mode of straining.
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ABSTRACT: The present state of knowledge of the role of metallurgical structure
in the achievement of high fatigue resistance is critically examined and the appli-
cation of such knowledge is discussed. At the present time resistance to fatigue is
best characterized in terms of phenomenological parameters such as the cyclic
strain hardening exponent. The effect of changes in metallurgical structure on
these parameters is then the best index of the microstructural effects. The impor-
tance of distinguishing between resistance to repeated stresses as opposed to
resistance to repeated plastic strains is emphasized, since the metallurgical means
of achieving the required resistance can be radically different. The fatigue process
is discussed in terms of plastic deformation, crack initiation, and crack propaga-
tion mechanisms, and the techniques by which these processes can be modified
are detailed and related to the phenomenological parameters. Finally, a set of basic

guidelines for achievement of high fatigue resistance by metallurgical means is
outlined.

KEY WORDS: crack initiation, crack propagation, fatigue (materials), metal-
lographic structures, microstructure, plastic deformation, strains, stresses

Nomenclature
o Stress
Strain

oo Stress amplitude
Ae¢, Total strain range
Ae, Plastic strain range
Ae, Elastic strain range

o; Microcyclic yield stress = intrinsic fatigue strength limit
Ae; 20/E

E  Young’s modulus

N; Cycles to failure
Cyclic strain hardening exponent

o’; Fatigue strength coefficient

1 Scientific Research Staff, Ford Motor Co., Dearborn, Mich. 48121. Dr. Feltner is a
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o; Monotonic true fracture strength
¢, Fatigue ductility coefticient
¢  Monotonic fracture ductility

As yet, a commercial alloy has not been developed specifically for the
purpose of resisting fatigue even though it is the most common mode of frac-
ture occurring in practice today. In this paper we address ourselves to the
problem of how to achieve high fatigue resistance in materials by metallur-
gical means. In seeking resolution of this problem, one must clearly know
(1) the phenomenological parameters which provide the best indexes of high
fatigue resistance, (2) the metallurgical factors important to the operation of
those mechanisms which control fatigue fracture, and (3) the interrelation
between these phenomenological and metallurgical factors. Finally, to be
useful, this knowledge must be restated in a form which will serve as a set of
guidelines for achieving high fatigue resistance by metallurgical means.

Although this paper is concerned primarily with micromechanisms in
fatigue, it is not our intention to attempt a complete review of the literature
on fatigue mechanisms. Several extremely good reviews treating mechanisms
of fatigue hardening and softening and crack initiation and growth have
appeared in recent years [/-5].2 We shall attempt to correlate and synthesize
this information into a form useful® to the metallurgist who seeks to develop
new materials or optimize existent ones for best fatigue resistance.

Indexes of High Fatigue Resistance

Morrow [6] first set forth and discussed a set of fatigue properties analogous
to those used to characterize the static strength of materials. These properties
and other factors pertinent to the resistance of metals to cyclic deformation
are reviewed in this symposium by Landgraf {7]. Our discussion is therefore
concerned with those aspects of fatigue properties whose association with
fatigue mechanisms can be identified.

One must first decide whether repeated stresses or repeated strains are to
be resisted, since different applications may call for a material which is strain
resistant, for example, rather than stress resistant. Typicai of applications of
strain-resistant materials are those involving thermal fatigue: that is, turbine
blades, nuclear fuel element cans, spacecraft hardware subject to extreme
temperature changes such as in a lunar environment, etc. Although many
components may have to resist large loads, geometry and constraint factors
may result in the critical location largely undergoing strain cycling and
therefore locally requiring a strain-resistant material. Some applications, such

2 [talic numbers in brackets refer to the list of references at the end of this paper.

3 The understanding derived from basic studies on fatigue mechanisms has proved

intrinsically useful in that the “mystery” of the fatigue process has been largely removed
(as developed in a private discussion between J. C. Grosskreutz and C. E. Feltner in 1968).
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FIG. 1—Schematic siress-life curve.

as hot forging dies, may require a material which has both good strain resist-
ance (thermal fatigue) and good stress resistance (impact fatigue).

The stress and strain resistance of materials is commonly characterized
by stress-life and strain-life plots such as those shown schematically in Figs.
1 and 2. Inspection of Fig. 1 shows that for the mortal life range a high
stress-resistant material should have a stress-life curve with a high intercept,
o';, and shallow slope, b. For the infinite life range a high value of 5, is desired.
Examination of Fig. 2 shows that in the long-life range good strain resistance
is determined by the same parameters indicative of good stress resistance.
For short lives, where plastic strain dominates, a large intercept, ¢, and
shallow slope, ¢, are desirable.

It has been shown [6-8] that all of these slopes and intercepts are related
at least empirically to monotonic and cyclic stress-strain properties, namely,

= 7 T (la)
L (1b)
b~ —n'/QA+50). ... ... ... (1¢)
e —1/(0+ 52"y ... .. (1d)

where n’ 1s the cyclic strain hardening exponent, ¢; is the monotonic true
fracture strength, and ¢ is the monotonic fracture ductility (see Fig. 3).
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FIG. 3—Schematic monotonic and cyclic stress-strain curves.

Approximations (la) and (1) result in the monotonic and cyclic stress-strain
curves going through the same point as shown in Fig. 3. The variation of 5
and ¢ with ' is shown in Fig. 4. Changes in n’ by metallurgical means to
bring about desirable changes in b and ¢ may not necessarily lead to increased
fatigue resistance, since undesirable changes in ¢, and ¢, may result. Analysis
of a large amount of data used and cited in Ref 8 has shown that o; and ¢
are empirically related to »’ in the general manner shown schematically in
Fig. 5. Thus, probably the best single index of the change in finite life fatigue
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resistance induced by alloying is the cyclic strain hardening exponent, n'.
Using the symbols 1 = increases and | = decreases, we note from Figs. 1-5
that for increased stress resistance it is desirable to decrease »’, since,

asn |,o;tand b ... ... ... .. )

both of which are desirable changes, while for increased plastic strain
resistance it is best to increase! n’, since,

asn f,etandce). ... 3)

Throughout the discussion of fatigue mechanisms we shall therefore attempt
to delineate the interrelation of the cyclic strain hardening exponent, »’, and
metallurgical factors that determine fatigue mechanisms.”

4 Note that both high plastic strain resistance and high stress resistance are not com-
patible, since opposite changes in n’ are required. Stated another way, stress resistance
requires good monotonic strength (o,) while strain resistance depends on good ductility (e;).
Thus, the age-old problem in alloy development of balancing strength and ductility also
occurs in the achievement of high fatigue resistance.

5 Although we recognize that fatigue mechanisms may be influenced by elevated tem-
peratures [9-11] and corrosive environments [/2, 73], the following discussions are limited
largely to room temperature and air environment.
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The Role of Metallurgical Structure in Mechanisms of Fatigue

Let us now examine the metallurgical factors important to the operation
of those mechanisms that control fatigue fracture. To do so we will concen-
trate our attention on three particular aspects of plastic deformation: (1) the
onset of plastic strain, (2) the distribution of plastic strain, and (3) strain
hardening. That these factors are of primary concern can be justified on the
following basis:

1. The results of many investigators show that the onset of plastic strain
is essential to the fatigue process. Indeed, Mason [/4, 15] has shown that in
germanium, a material in which dislocations will not move at room tempera-
ture, fatigue fracture is nonexistent.

2. Based on a large number of studies, crack initiation is known to occur
in regions where the strain is concentrated or localized [/6, 17].

3. Microscopic observations of the manner in which fatigue cracks grow
lead one to the conclusion that the factor controlling the rate of crack propa-
gation is the strain hardening behavior of the material at the crack tip [/8-20].

Thus, to control fatigue fracture we are forced to look for metallurgical
means of controlling these three basic aspects of plastic deformation as they
occur during fatigue.
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Crack Initiation

A variety of specific dislocation models have been developed to describe
the nucleation of fatigue cracks (for a review see Refs /7 and 27). However,
virtually all of these models inherently rely on the onset and localization of
plastic deformation by slip, leading to crystallographic notching of the metal
surface. Consequently, our discussion will center on this ““descriptive” model
rather than specific dislocation models. Although modes of deformation
other than slip (for example, twinning) may be important in a few metals
[22-24], they are not considered herein.

Ideal Behavior: The Case of the Copper Single Crystal—Before discussing
crack initiation mechanisms in commercial alloys it is instructive to consider
the nucleation of cracks in an “ideal” case such as in copper single crystals.
In the low amplitude-long life region (10% to 107 cycles), a crystal oriented
for single slip will form uniform fine slipbands on the surface® and appre-
ciable cyclic strain hardening occurs [25, 26] after only a few cycles. The
matrix structure associated with this hardening consists of dislocation debris,
dipole mats, etc. [3, 27]. After some small percentage of the life (say less than
1 percent) the slip begins to concentrate in bands (see A4 in Fig. 6) 10 to 50
um wide, termed persistent slipbands (PSB), in which cracks are eventually
nucleated [28].

Extensive studies [29-37] have shown that the dislocation structure in
these bands is a cell structure and thus characteristic of the high amplitude
fatigue-matrix structure [32]. Flow stress [25], hardness [33], and hysteresis
loop [34] measurements all indicate that PSB’s are “softer”” than the matrix,
that is, they have both a lower flow stress and a lower strain hardening rate.
Watt et al [35] have shown that there is a high degree of reversibility of slip
in any one PSB (see Fig. 6). For example, in Fig. 6 the persistent slipbands
in A formed after 4500 cycles were removed by electropolishing and the
crystal was then pulled one-half cycle to the peak tensile stroke (B in Fig. 6),
whereupon faint slip lines reappeared. However, at the peak compression
stroke these slip lines virtually disappeared completely, C. Continuing the
cycle, the bands reappeared at the peak of the second tensile stroke. This
reversibility is also shown at 1034 and 11 cycles, E and F, and 10014 and 101
cycles, G and H. At the 100-cycle level, however, permanent nonreversible
offsets are present, indicating incomplete reversibility, that is, slip racheting.
After 2500 additional cycles, I, the persistent slipband pattern was nearly
identical to that before electropolishing, 4. Two conclusions can be drawn
from these observations: (1) in support of indirect observation [25, 33, 34]
the flow stress and degree of strain hardening are lower in the bands than in
the matrix and (2) the high degree of slip reversibility in the bands indicates

6 In the absence of internal defects and surface compressive residual stresses, cracks
always nucleate at the surface because of the lack of constraint to plastic deformation.
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that the bands themselves strain harden slowly once they are formed. Both
of these effects are related to the cyclic strain hardening exponent, n’. The
reason that persistent slipbands form is still unclear. However, the following
description seems consistent: Initially the crystal hardens uniformly by a
debris-hardening mechanism [27]. Once the crystal fills with debris the local
stress becomes large enough to cause local softening, that is, there is a stress
level above which the debris structure is locally unstable. This localized cyclic
strain softening, by definition, results in concentration of plastic strain.

Slip racheting in bands results in a crystallographic notching (notch-peak
topography) of the crystal surface as shown in Fig. 7. Crevices formed by
slip racheting are embryonic eracks from which a fatal crack may grow by
other mechanisms to be discussed subsequently.

Several variables can alter this picture, notably, strain amplitude, tempera-
ture, and slip character. As the amplitude is increased the entire surface is
covered with PSB’s [3/] with a tendency in polycrystals to intergranular
rather than transgranular initiation [36, 37]. The influence of slip character
seems less clear. Wells [38], for example, has suggested that planar slip will
be heterogeneous, presumably resulting in more severe notching. Conversely,
McEvily and Johnston [39] concluded that planar slip was beneficial in dis-
persing slip and thereby reducing the severity of notch-peak topography.
Equally important is the reversibility of slip in a band, for unless racheting
occurs a notch-peak topography will not develop. Laird and Feltner [36]
have shown that a greater degree of slip reversibility in copper-aluminum alloy
(Cu-7.5Al) than in copper leads to less racheting and therefore increased life.
Thus both slip homogeneity and reversibility play a role in crack initiation,
the worst combination being heterogeneous, nonreversible slip. In general,
the weight of the evidence indicates that in single-phase naterials alloying
with substitutional atoms to achieve a more planar slip character will produce
a more homogeneous slip distribution. Moreover, the tendency to *“‘reversible”
strain hardening is increased [38]. As will be shown, this conclusion is not
usually applicable to multiphase materials (see next section). Finally, lower
temperatures generally lead to more homogeneous, reversible slip [36] and
therefore longer lives.

Crack Initiation and the Fatigue Strength Limit—Thus far our discussion
has dealt with cases where cracks are actually formed, the implicit assumption
being the stress is high enough to cause the onset of plastic strain. There is
presumably some stress amplitude below which plastic strain is negligible.
We conclude that an intrinsic fatigue strength limit exists in all materials
below which fatigue can never occur. This limit has been labeled as ¢, in
Fig. 1 (Ae;/2 in Fig. 2 equals ¢,/ E), and it marks the point (‘knee’’) at which
the stress-life curve becomes horizontal. Evidence that such a microyield
stress exists in fatigued materials has been published by Feltner and Morrow
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[401, whose results are shown schematically in Fig. 8. Note that at some small
inelastic strain (say 107%), the anelastic strain [¢1] (which is nondamaging)
equals the plastic strain. We arbitrarily define the stress at this point, o;, as
the microcyclic yield stress. This stress is closely related to the “cyclic stress
sensitivity limit”> discussed by Lazan [42]. Examination of the results of
Ref 40 shows that o, is nearly identical to the fatigue strength limit and thus
serves as an indicator of the stress below which fatigue will not occur.

In the case of copper single crystals, both Helgeland [33] and Roberts [3]]
have shown that there is a stress (about 3 kg/mm?) below which persistent
slipbands will not form. Presumably fatigue failure will not occur below this
level, although this point has not been “proven™ by tests to very long lives
(say 10° to 100 cycles). The existence in copper crystals of a stress-inelastic
strain bebavior like that shown in Fig. 8 can be deduced from Helgeland’s
[33] work and the stress, ¢;, corresponds to the stress below which persistent
slipbands will not form.

The intrinsic fatigue strength limit in germanium is equal to the fracture
strength [14, 15], undoubtedly because of the inherent high Peierls stress in
covalent bond-diamond-type lattices [43]. Similarly, the intrinsic fatigue
strength limit in body centered cubic (bcc) metals should be higher than in
other structures such as face centered cubic (fcc) or hexagonal close packed
(hcp), again because of a higher Peierls stress (or lattice friction stress) [44].
This may be hard to demonstrate, however, because of the difficulty of sepa-
rating out the effects of interstitial impurities. We conclude from this dis-
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cussion that, contrary to some beliefs, the concept of an intrinsic fatigue
strength limit is valid for all materials. In many metals, such as aluminum
alloys, the position of the knee may not be in the “visible” life range (say
less than 10? cycles). Steels and some other metals, on the other hand, often
show a knee in the [0% to 107 life range, which 1s easily observed at conven-
tional testing machine frequencies. The exploitation of the intrinsic fatigue
strength limit to achieve higher fatigue resistance will be discussed in subse-
quent sections.

Crack Initiation Resulting from the Instability of Metallurgical Structures
Under Cyclic Strain—In a previous section it was noted for copper crystals
that cracks may nucleate in regions of strain concentration that develop
when the matrix structure, initially hardened by cyclic straining, becomes
unstable and locally undergoes cyclic strain softening. Similar behavior oc-
curs in metals that are initially strengthened by various metallurgical means.
As in the case of copper crystals, persistent slipbands in commercial alloys
undergoing low-amplitude fatigue must behave like bulk material undergoing
large cyclic strains; accordingly, the analogy may be used that the cyclic
stress-strain response of structures under large strain is representative of
what occurs locally at small strains and long life.

Although commercial alloys are often strengthened by cold work, the dis-
location substructures introduced are generally unstable and soften by appre-
ciable amounts. The cyclic stress-strain behavior and changes in dislocation
structures in cold-worked materials have been studied by several investiga-
tors [45-49]. The existence of both a unique cyclic stress-strain curve [48] and
a unique saturation dislocation structure [49], irrespective of prior history in
wavy slip-mode materials, explains why cold work has virtually no effect on
life behavior at high amplitudes [36, 47]. Even in planar slip-mode materials,
softening is so marked that little effect of cold work on life is observed [36].
On the contrary, macroscopic softening at long lives is small [48, 50] and
cannot account for the only small improvement in fatigue strength relative
to tensile strength [5/]. Steels, for example, cold-worked by drawing or roll-
ing, show improved fatigue strength but not to the same extent as the tensile
strength [52, 53].

Recent studies of the dislocation structures in cold-worked pure metals
after low-amplitude fatigue [50] allow an interpretation of the above problem.
Copper specimens, cold-worked by 30 percent reduction in thickness, showed
a uniformly dense dislocation cell structure of about ¥4-um diameter (Region
A, Fig. 9). After fatigue at various percentages of life, large dislocation free
regions about 10 um in extent (Region B, Fig. 9) were observed. These locally
softened regions had little or no effect on bulk softening measurements;
nevertheless, they represent regions of low intrinsic flow stress surrounded
by a highly strengthened matrix. Strain localization and resultant crack
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FIG. 9—Dislocation structure in cold-worked copper after low-amplitude cyclic straining.

nucleation should naturally occur in these regions. Since these soft regions
develop early in the life [50], it is not surprising that cold work does not
produce as significant an increase in long-life fatigue resistance as might be
expected [571].

Dislocation substructures introduced during martensitic transformation,
for example, in quenched and tempered steels, behave in a manner similar to
substructures produced by cold working. Beardmore and Feltner [54]) have
demonstrated this effect in a low-carbon alloy steel.

Precipitation-hardened alloys often exhibit instability under cyclic strain
as shown by the behavior of the y’-strengthened nickel-base superalloys in
Fig. 10. (See also the work of Wells and Sullivan [55].) After initial hardening
these alloys undergo a subsequent softening. Similar observations have been
made on aluminum alloys [56] and quench-aged iron-carbon alloys [57].
The subsequent softening effect is attributed to the shearing of precipitate
particles by dislocations and their subsequent resolution in the matrix [58-61]
leaving precipitate-free channels. These precipitate-free regions are then local
soft spots of Jow flow stress in which strain concentrates and promotes crack
initiation.

Instabilities are also observed in alloys strengthened by long-range order.
Figure 11, for example, shows hardening and subsequent softening of an
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FIG. 11—Cyclic stress response of disordered and ordered Ni;Mn alloy subjected to cyclic
straining.

ordered NI;Mn alloy [62]. This effect is interpreted as the breakdown of the
long-range ordered structure. However, in this case the life is not decreased,
because ordering results in a more planar slip character and a resultant
homogenization of slip, which apparently outweighs any effects of strain
concentration due to local softening. Long-range order has also been
found to increase the long-life fatigue strength in single-phase materials [63].
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A number of high-strength steels are strengthened by various combinations
of precipitation (or dispersion) and dislocation substructure hardening,
notably quenched and tempered steels, ausformed steels, maraging steels, etc.
Appreciable cyclic strain softening is observed in several of these steels [7].
Although the cyclic stress-strain behavior of these materials has been in-
vestigated [7, 64, 65] in addition to their general fatigue resistance (see Refs
65 and 66 for a review), little is known concerning the details of crack initia-
tion processes that may be related to the stability of the microstructures.

Mechanistically, instabilities often produce severe local strain concentra-
tions, leading to early crack nucleation which is most detrimental at long
lives. Phenomenologically, instabilities always produce softening, which
means n’ increases (see Fig. 3) either nominally or locally. Based on Eq 2,
metallurgical structures which are unstable under cyclic straining will
generally result in decreased fatigue strength resistance, the largest effect
being observed at long lives, as the change in & is more severe than that in o;.
On the other hand, Eq 3 shows that softening will give increased resistance
to cyclic plastic strains.

As pointed out by Ham [5], metallurgical structures stable in fatigue, such
as impenetrable particles (ThO, in nickel, that is, TD nickel [67, 68]) and
spinodally decomposed solid solutions (copper-nickel-iron) [69], may lead to
higher fatigue strength resistance since the full-strength potential of the
material is realized. Yet, their plastic strain resistance and notch fatigue
resistance may be impaired because of their inability to soften. These effects
are not completely related to crack initiation processes, the crack growth
processes being significant, particularly at short lives. However, the above
discussion does serve to point out that extreme care should be exercised in
deciding whether an application requires a stress-resistant or plastic strain-
resistant material.

The Relation of Aging Effects to Crack Initiation—Aging effects in fatigue
arise from the interaction of point defects—primarily interstitial and substi-
tutional solute atoms—with dislocations. These interactions inhibit plastic
flow and therefore may play a role in both crack initiation and growth. The
evidence indicates, however, that their major effect is upon crack nucleation.
Consider, for example, that materials subject to aging effects always show
significantly lower long-life fatigue strength and the absence of a distinct
fatigue limit when specimens with “‘artificial cracks” (notches) are tested.

Aging reactions may influence fatigue resistance in three ways: (1) by
raising the intrinsic fatigue strength limit by some amount, As; (Fig. 12),
(2) by decreasing (the absolute value of) the slope of the crack initiation line
(from Line 4 to B in Fig. 12), and (3) by altering the crack growth rate. The
resultant effect shown by Line D in Fig. 12 is to move the position of the
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FIG. 12—Schematic influence of aging reaction on stress-life behavior.

knee to shorter lives and to increase the stress resistance in the mortal life
range. The influence of aging reactions on g, is assumed to be small, although
there are exceptions to this rule.

As discussed by Adair and Lipsitt [70], two types of aging phenomena
occur which lead to increased fatigue resistance: (1) those due to strong
dislocation-solute interactions prior to testing, such as that characterized by
the distinct yield point exhibited by mild steel in a tension test, and (2) those
due to dislocation-solute interactions during fatigue, such as that charac-
terized by the Portevin-LeChatelier effect, that is the occurrence of jerky
flow during tension testing.

In the mortal life range, mild steels with distinct yield points [7/-73] and
pure bcc metals like molybdenum [74] and iron [75] exhibit a net softening
at low strain amplitudes and a net hardening at high amplitudes. At low
strain amplitudes first softening and then hardening occurs {73]. These
results have established that the dislocation locking is broken down and the
yield point disappears {7/-74]. A typical example of this behavior is shown
in Fig. 13. The fatigue strength limit is clearly that cyclic stress which is just
sufficient to cause significant cumulative plastic strain to bring about gradual
dislocation unpinning. At low amplitudes this softening is localized and
persistent slipbands are formed in which cracks are nucleated. The key to
achieving the highest fatigue resistance in these materials is to raise the
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microyield stress, ¢;, by employing a locking solute which has the highest
possible solute-dislocation binding energy.

Strain aging during fatigue, on the other hand, is exceptionally complex
and depends on a number of variables [58, 76-78], not the least of which
is the size of specimen employed [79]. Dynamic strain aging varies according
to how long is required for the reaction to begin to be effective. However,
the more rapid reactions apparently depend on the initial solute concentra-
tion, while reactions occurring over longer time periods may be related to
the resolution of iron carbide particles [78]. For dynamic strain aging to be
a potentially useful fatigue-strengthening mechanism two conditions are
essential: (1) a solute migration energy that is sufficient to permit the solute
to keep up with the mobile dislocation and (2) a high solute-dislocation bind-
ing energy. As pointed out by Ham [5], several variables may influence these
two factors. We must conclude that more work on the kinetics of strain
aging during fatigue is required before this process can be extensively em-
ployed as a fatigue-strengthening mechanism.
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FIG. 13-——Monotonic and cyclic stress-strain curves for molybdenum (Ref 14).
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Grain Size and Boundary Effects—The influence of grain size on fatigue
has recently been reviewed by Pelloux [80). One can conclude from this re-
view that grain size influences (1) only crack initiation in wavy slip-mode
materials and (2) both crack initiation and propagation in planar slip-mode
materials.

The influence of grain size on the low cycle fatigue of copper [8/] and
aluminum [37] is shown in Fig. 14. It is clear from this data that decreasing
the grain size by a factor of 20 to 50 produces only about a factor-of-2 in-
crease in life. Similarly, copper [82] shows only slight increases in long-life
fatigue resistance for substantial changes in grain size. Forrest and Tate [83]
concluded that in 70-30 brass, grain size influences the long-life fatigue
strength primarily through its effect on crack propagation.

The mechanism of intergranular crack initiation at high amplitudes
(Ae, = 0.015) in a disordered iron-cobalt-vanadium alloy is shown in Fig. 15.
Early in the life (Fig. 154) slipbands impinge upon a grain boundary and the
offset shear in the band results in a high stress across the boundary. Continued
cycling causes the stress to increase as slipband racheting creates continually
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FIG. 14—Influence of grain size on the low cycle fatigue of copper and aluminum.
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FIG. 15—Mechanism of intergranular crack initiation in low cycle fatigue of disordered
iron-cobalt-vanadium alloy.

increasing oftsets. Eventually the stress builds up to a value which exceeds
the cohesive strength of the boundary and it pops open, as shown in Fig. 155.
Obviously, slip homogenization and “‘reversible” strain hardening will reduce
the stresses on boundaries and lead to increased life. Such effects have been
demonstrated by Laird and Feltner [36].

For the same cumulative plastic strain, small grain materials, on the
average, will develop smaller offsets than will large grain materials. The reason
for this is simply that, if Ae,, = A//]is the same in each grain, and if / is taken
as proportional to the grain size, then large grain materials will develop
larger values of Al at the boundary and therefore higher stresses causing
shorter crack initiation periods. However, it appears that the benefits in life
achieved by suppression of crack initiation are minimal for the very large
changes in grain size that are required. Another approach would be to seek
ways of increasing the cohesive strength of the boundary. Usage of small
grain sizes as a fatigue-strengthening mechanism appears to have the greatest
potential in suppressing crack growth in planar slip-mode materials. In multi-
phase alloys exhibiting more complex behavior, synergistic effects may arise
because of the influence of grain boundary area on precipitation and aging
reactions.
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Microstructural Defects and Their Role in Crack Initiation—A variety of
microstructural defects may be present in commercial alloys as a result of
processing. These defects act as strain concentration centers which greatly
speed up the crack nucleation period and lead to lower fatigue resistance.

Inclusions constitute one of the most common microstructural defects. A
typical example of a fatigue crack nucleating from an inclusion is shown in
Fig. 16. Factors affecting the degree to which inclusions influence the fatigue
strength of materials include (1) size and shape, (2) location relative to the
surface, (3) orientation to the tensile stress, (4) deformability of the inclusion,
and (5) the deformation and strength characteristics of the matrix. Inclu-
sions in steels have been extensively investigated [84, 85], while some work
has been done on commercial aluminum alloys [86].

Another major type of defect is the local “soft spot™ in a high-strength
microstructure resulting from improper heat treatment. Examples of such
soft spots include aging inhomogeneities in aluminum alloys [87], proeutec-
toid ferrite in quenched and tempered steels [66], retained austenite in
quenched and tempered steels [88], and mixtures of these structures [89]. The
magnitude of the effect of incomplete heat treatment on the fatigue strength
Iimit of two steels is shown in Fig. 17. Note that fatigue strength losses may
be as large as 10 to 12 percent.
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FI1G. 16—Cruack initiation at an inclusion, A, in an ordered iron-cobalt-vanadium alloy.
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FIG. 17—Influence of incomplete heat treatment on the fatigue strength limit of quenched
and tempered (left) SAE 4340 steel [881 and (right) SAE 5140 steel [89].

Pores due to gas evolution or shrinkage in cast metals may also be pre-
ferred sites for crack initiation. An example is shown in Fig. 18 for a cast
nickel-base superalloy.” Coherent annealing twins also act as preferred crack
nucleation sites both in single-phase [21, 90] and multiphase materials [9/].

There is no evidence to indicate that the crack initiation mechanism is
altered by any of these metallurgical defects. It appears that they simply speed
up the kinetics by virtue of their strain concentration effect. Fatigue strength
improvements will always be obtained, primarily at long lives, by removal
or minimization of these defects by standard metallurgical processing tech-
niques, the discussion of which is beyond the scope of this article.

Crack Propagation

Metallurgy of Fatigue Crack Propagation—One of the major questions con-
cerning fatigue mechanisms as yet unanswered is “When does nucleation
end and propagation begin?” Schijve [92], for example, has developed the
schematic picture shown in Fig. 19, which shows the average length of
cracks (starting in different ways) as a function of percentage of life. Note
that the values of crack length may vary by a factor of 103! Yet it is virtually
impossible to decide at what length a crack may actually be considered a
crack. Grosskreutz [93] has analyzed 19 sets of observations of crack nuclea-
tion and concluded that a crack has been nucleated whenever it gets large

? Feltner, C. E. and Wetzel, R. M., “The Influence of the Volume Fraction of v’ on
the Cyclic Deformation and Fracture of Cast Nickel-Base Superalioys,” unpublished
research.
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FIG. 18—Fatigue crack initiation at a gas pore in a cast nickel-base superalloy.

enough for an observer to see it, by whatever observational technique he is
using. Analysis of the 19 cases recorded by Grosskreutz shows that the
median nucleated crack is 0.003 in. long and requires 25 percent of the life
(N; = 5 X 10% to reach this size. In the face of this unresolved problem,
those interested in developing engineering cumulative damage theories have
been forced to arbitrarily define an “‘engineering size™ crack [94].

Nevertheless, considerable progress has been achieved in understanding
and characterizing the growth of fatigue cracks, as evidenced by several
symposia which have emphasized this subject [95, 96]. Mechanistically, the
picture has not significantly changed since the 1966 ASTM Symposium on
Crack Propagation [96]. Thus in this section we will only briefly review the
situation as it existed in 1966 and then consider that work done in the inter-
vening three years which has added new insight.

Two different stages of crack growth have been defined [/8], as illustrated
in Fig. 20. Stage I (crystallographic or microcracking) cracks grow from slip-
generated nuclei along planes of maximum shear stress (slip planes) until a
critical depth? is reached. At this point the crack grows in a Stage 11 mode
(noncrystallographic) along planes perpendicular to the maximum tensile

¢ The critical depth is undefined but it increases with increasing life.
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stress. Figure 21 shows that Stage 1l cracking dominates the life at high
amplitudes but plays only a minor role in the long-life regime. It is generally
agreed that plastic deformation phenomena at the crack tip, particularly
strain hardening, control the rate of crack growth. Observations of crack
sections [4] and appreciable fractographic evidence [97-99] have provided
the necessary information to construct [4, /00] a description of Stage 11
crack growth shown in Fig. 22. During the tensile stroke, plastic strain occurs
at the crack tip and results in a blunted crack which has an increased surface
area. Upon reversal of the load, the crack faces close together without com-
plete reversal of the plastic flow, and thus the crack advances some amount
proportional to the difference of new surface created in the tensile stroke
and that regained in compression. Full compression resharpens the crack,
preparing it for the next cycle. The plastic blunting-collapse process is re-

CRACK LENGTH FAIL-SAFE
PRO;LEMS TYPICAL
==3 SIZES
r im | 2
LAR
(!J l'l 1t =S TRUCTURE
é & 102mm— |
[VE . |
8 linche COMPONENT
@xa "
= o F cY St SPECIMEN
: CRACK STARTING FROM DEFE L /
an—— a— _——_—‘ am— p
\’os‘°“/A

102 Ro\?\ \“(_ b /
x F/
<z LiARTING 14 {0001 o GRAIN
5% —CR CK 22— Y - SlZE
(S / y
05 - y
Vo ) /
2 y -

e~°‘7
<
1038 e@l
!
&/
¢
Z .42 &Y
0} 10°8% &
6 51 oq.v'/
g %
o9 7
- ATOMIC

z DISTANCE
o ® “ o 80 100

—-@=PERCENTAGE FATIGUE LIFE
FIG. 19—Schematic picture of crack growth curves, indicating the range of values for
the crack length (after Schijve [92)]).



100 HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS

sTace I (Non-Crystallographic)

sTAGE I (Crystallographic)

// N1 N\

|
.

FIG. 20— Different stages of crack growth (after Laird [4)).

sponsible for the formation of ripples or striations on the fracture surface
which have been shown to correspond to individual cycles [/01].°

Laird {4, 104] has suggested that there is no fundamental difference be-
tween the mechanisms of Stage 1 and Stage 11 crack growth, although a
Stage 1 crack tends to be confined to a persistent slipband and is thus more
constrained. Direct observations [/05, 106] of the dislocation structures at
Stage 1 and Stage 11 crack tips in copper single crystals appear to support
this idea.

From a strengthening mechanism point of view it is desirable to delineate
those microstructures which will retard crack propagation. In the high-
amplitude range, Laird [4] states that differences in microstructure have a
minimal effect on crack growth rate. At low amplitudes it appears that the
effects of only a few microstructural variables are understood [4]. The work
of McEvily and Boettner [/07] and Miller et al [/08] show that increasing
the planarity of slip (by substitutional alloying) generally decreases the
growth rate.'® Recent results by Karashima et al [/10] appear to support this
conclusion. They found for a given crack length that the plastic zone size

9 Broek [/02] has shown that if ripples are not observed on replicas in an electron micro-
scope, it may be a consequence of viewing angle and replica flattening. Environment may
also play a key role in whether ripples are observed on a fracture surface [/03].

10 In certain cases [709], substitutional alloying may induce a frequency effect, that is
reduced growth rates at high frequencies, as a result of a solute pinning effect.
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increased as the stacking fault energy of several fcc metals increased (that is,
a more wavy slip character). Since crack growth rate is proportional to plastic
zone size [/11], one can conclude that planar slip tends to retard crack growth.

Although cold work increases long-life fatigue resistance (as discussed
under crack initiation) the small amount of data available indicates that it
has little influence on crack growth rate [//2]. High strains at Stage Il crack
tips undoubtedly cause appreciable softening, thereby minimizing the benefit
of cold working.

The role of grain size is unclear. Hoeppner [82] and Boettner et al [37]
show for copper, a wavy slip-mode material, that grain size has little effect
on Stage 11 growth rate, while for 70-30 brass, a planar slip-mode material,
grain boundaries appear to suppress the growth of cracks from Stage I to
Stage 1I [83]. In Cu-7.5 Al alloy decreasing grain size may suppress Stage If
crack growth rate [/07]. Based on these few results we conclude that grain
size has virtually no effect on fatigue crack growth rate in wavy slip-mode
materials and only a slightly greater effect for planar slip-mode materials.

Results obtained by Broek [/13] show that inclusions increase crack growth
rates at high stresses. At low stresses they are not particularly detrimental,
which may explain differing results previously reported [//4, 115].
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FIG. 22— Mechanism of Stage I crack propagation (after Laird [4] as depicted by Broom [9)).

We shall not comment on the effect of precipitation hardening or dispersion
strengthening on fatigue crack propagation rates since as yet no clear picture
has developed. Generally, we would conclude that the influence of various
microstructures on the kinetics of crack growth is poorly understood. More
systematic investigations on the effect of metallurgical structure are needed
before a clear set of guidelines can be developed for achieving high fatigue
resistance by suppressing crack propagation through metallurgical means.
In the absence of such information, a more fruitful approach is to consider
the mechanics of fatigue crack propagation and attempt to deduce what
simple material properties provide the best indexes of high resistance to
fatigue crack propagation. With this information, the effort expended in
cut-and-try alloy development procedures may be greatly reduced.
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Mechanics of Fatigue Crack Propagation—Considerable effort has been
spent experimentally determining crack growth laws and in developing asso-
ciated theories. These efforts have been reviewed by several authors [3, 92, 93,
111]. The net result is that the fatigue crack propagation rate, d//dn, is
generally believed to obey the following law:

dijdn = Ae™PP/M....... @)

where Ao is the applied stress range, / the crack length, and m, p, and M
parameters which may (or may not) depend on material properties. Several
investigators have developed relations for m, p, and M [2, 8, 116, 117] and in
some instances these factors have been experimentally evaluated [/18-12]].
A typical set of results that demonstrates variations in these parameters for
several materials is shown in Fig. 23.
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FIG. 23—Crack growth results showing variations in m, p, and M for several materials
(after McEvily and Boetiner 116)).
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Based on the wealth of crack growth data and the direct observations of
crack growth processes, a rash of theories of fatigue crack propagation have
appeared very recently [/22-729]."* The fundamental problems in developing
these theories have been (1) to determine the displacements in the vicinity
of the crack tip and relate them to the nominal stress or strain, (2) to employ
a realistic criterion for crack advance, and (3) to incorporate a realistic stress-
strain law. In solving problem 1, loading and geometry (that is, the mechanics)
are accounted for, while 2 and 3 introduce appropriate materials properties.
Problem 1 has been particularly difficult and several approaches have been
employed, including (a) usage of the Bilby-Cottrell-Swinden (BCS) theory of
continuously distributed dislocations [130], (b) elastic-plastic analyses, and
{c) elastic-plastic measurements,

A significant advance in elastic-plastic analysis has been made recently by
Rice and Rosengren [/3]/] and Hutchinson [/32, /33], who have obtained
the solution for the stress distribution for the case of an elastic-plastic crack
using a deformation theory of plasticity and a power hardening law, These
results have formed the basis of the crack propagation theory of Yokobori
and Ichikawa [/27]. The mode!l of Frost and Dixon [/22], on the other hand,
uses the elastic solution of an elliptic crack and then corrects the displace-
ments for local plasticity at the crack tip by means of the experimentally
determined relation [/34, 135]:

e = (E/E) %,

where ¢ is the total (crack tip) strain, e, is the crack tip strain from elastic
analysis, E is Young’s modulus and E, is the secant modulus corresponding
toe. It is interesting to note that Eq 5 is an experimentally determined version
of Neuber’s rule [/36]? which has been found extremely useful in describing
notch fatigue behavior (Stage II crack propagation) [/37, [38]. Finally,
Tomkins [/26] has used the BCS analysis, a power hardening law (the cyclic
stress-strain curve), and a plastic decohesion crack advance criterion. Many
of these crack growth theories result in m and p being constants (which does
not agree with experiment) and M being the only parameter dependent on

1 Grosskreutz, J. C., “A Theory of Stage Il Fatigue Crack Propagation,” 1966, unpub-
lished research.
12 Wetzel (private communication, [969) has shown that Eq 5 is equivalent to Neuber’s
rule. Thus, substituting £ = S/e, E; = o/¢, and . = K,e (where S and ¢ are nominal
[elastic] values of stress and strain, o and ¢ are local [crack tip] values of stress and strain,
and K. is the Hookean stress concentration factor), we obtain after rearrangement
K. = (a/s X ele)?

Introducing the relation for stress and strain concentration factors (for any stress-strain law)
K., = a/S, K( = e/?

gives after substitution in the above

K= (Ks X K)V2 oo .. .. .(Neuber’s rule)
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materials properties, generally due to unrealistic choices of stress-strain law
and crack advance criterion.

From a fatigue-strengthening mechanism or alloy development viewpoint
the resultant equations of Tomkins [/26] contain the best combination of
realism and usefulness. Tomkins’ equations are

dl T o

— = | Ae, @0 x| 6

dN [32 (61"10'/1/)2] i 8 ©)
for high amplitude, plastic strain cycling and

a == R L 6]

dN 32947 (6", )

for stress cycling, where o', is a cyclic flow stress. Few results are available
for plastic strain cycling, but those of Boettner et al [37] for copper are re-
plotted in Fig. 24 according to Eq 6, with n’ = 0.15 [48]. It can be seen that
the agreement is excellent. Tomkins has shown that the integrated form of
Eq 6 fits strain-life data well. Furthermore, his comparison of Eq 7 with
several sets of stress-cycling crack growth data results in very good correla-
tions. These equations are particularly useful in that they result in fairly
simple indexes of crack propagation resistance, namely #’, s/, and ¢,, We note
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FIG. 24—Crack propagation behavior of copper (with n’ = 0.15).
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pure metals.

in Eq 6 as ' increases that the crack growth rate decreases, which correlates
with the effect described earlier in Eq 3. This infiuence of »’ is shown in Fig.
25 for the short-life region (that is, where the life is virtually all crack propa-
gation) for several alloys. Similarly, one can show that the crack growth
rate under stress-cycling will decrease as n’ decreases, which agrees with the
stress-life effect given by Eq 2.

The great value in these equations is that they allow us to circumvent the
problem of the paucity of data, clearly showing the effects of microstructure
on crack propagation behavior. Until further work is done in this area, one
must generally rely on these parameters and their usage in mechanical crack
growth theories to minimize the cut-and-try procedures so prevalent in alloy
development work.

Guidelines for Achieving High Fatigue Resistance by Metallurgical
Means—A Summary

We have attempted in this paper to synthesize the extant literature on the
role of metallurgical structure in the achievement of high fatigue resistance.
In so doing, we have been compelled to present our summary of those
phenomenological parameters which provide the best index of high fatigue
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resistance, as the alloy developer must have simple yardsticks by which to
measure the results of his efforts. The cyclic strain hardening exponent n’
is, in our opinion, the best single index; increased values give good plastic
strain resistance and decreased values give good stress resistance. In certain
cases the relation of »’ to mechanisms of crack initiation and propagation in
alloys of diverse microstructure can be shown. Ways in which crack initiation
may be suppressed are summarized as follows:

1. Raise the microcyclic yield stress, ¢, to stop plastic strain.

a. Alloy, by case carburizing, etc.

b. Introduce compressive residual stresses by mechanical/metallurgical
methods.

c. Alloy for strain aging and dislocation pinning.

2. Homogenize surface slip.

a. Alloy in surface layer for planar slip character.

b. Alloy for stable precipitates.

¢. Alloy to stabilize cold work or transformation substructures.

3. Eliminate metallurgical strain concentrations.

a. Eliminate inclusions in hard steels and strong aluminum alloys.

b. Eliminate “soft spots” with low intrinsic yield stresses—aging in-
homogeneities in aluminum alloys, free ferrite, retained austenite,
etc.

¢. Minimize casting defects.

Processes such as those in la and 15 are fully discussed in other contribu-
tions to this book. A similar summary for crack propagation is virtually
impossible to draw up until further research is done.

The ideal material should have a planar slip character, “‘reversible” strain
hardening, a small grain size, a stable precipitate structure or dislocation
substructure, no “metallurgical” strain concentrations or “‘soft spots,” effec-
tive dislocation pinning elements, and a crystal structure with a high Peierls
stress. Undoubtedly no single material may have all these characteristics.
Certain ones may in fact exclude others. Yet, some steels [/39, 140}, compos-
ites [/41-143], and dispersion-strengthened metals [67] combine several of
these microstructural characteristics to give improved fatigue resistance. A
better understanding of the interaction between strengthening mechanisms
and fatigue crack initiation and propagation processes will no doubt in the
future lead us to the achievement of yet higher fatigue resistance in the
development of new commercial alloys.
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ABSTRACT: The service lives of nickel-base superalloy components in gas turbine
engines are frequently limited by their fatigue properties. This paper reviews what
is known about the fatigue behavior of nickel-base superalloys and suggests
methods for improving their properties. Low-temperature crack initiation occurs
preferentially at microstructural defects such as pores and brittle phases in cast
materials and at defects such as brittle phases and annealing twin boundaries in
wrought materials. The brittle phases may contain inherent cracks or be cracked
during working operations or service exposures. Plastic deformation at low tem-
peratures is concentrated in coarse planar bands, and as a result matrix cracking
is predominantly transgranular and crystallographic. Techniques are discussed
for increasing the low-temperature fatigue properties by minimizing the role of
microstructural defects and achieving a more homogeneous distribution of de-
formation.

At elevated temperatures, intergranular cracking predominates and methods
are discussed for improving fatigue properties through grain size control, the use
of columnar-grained and single-crystal materials, and the application of oxidation-
resistant and fatigue-resistant coatings.

KEY WORDS: fatigue, fatigue strength, nickel alloys, nickel-base superalloys,
Stage I fracture, Stage II fracture, crack initiation, crack propagation, micro-
structure, environment, coatings, temperature, frequency, grain size, single crystal

Nickel-base superalloys are used extensively in the gas turbine industry for
applications where good elevated temperature creep and tensile strength are
required. Although these alloys possess relatively good oxidation resistance,
they must be used with protective coatings in the hotter parts of modern
engines. The advanced nickel-base superalloys exhibit unique temperature-
dependent strength properties in that their strength is constant or even in-
creases slightly from room temperature up to about 1400 F. These alloys are
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also unusual for engineering load-carrying materials in that they are used at
temperatures in excess of 80 percent of their absolute melting temperature.

In many applications for these materials in gas turbine engines, fatigue
damage limits their useful life. Table 1 shows the fatigue strengths (endurance
limits) for a number of materials at room temperature {/~6].2 In general, the
endurance limits for nickel-base superalloys are a low fraction of the flow
stress, much lower than those for relatively pure single-phase materials and
lower than those for most other classes of engineering materials, except for
some high-strength aluminum alloys and ultrahigh-strength ferrous alloys.
While the endurance limit increases somewhat with increasing temperature
[1], it is still considerably below the yield stress. Thus, in certain applications,
the excellent high-temperature static strength of these materials is com-
promised by poor fatigue properties.

TABLE 1—Fatigue strength of various materials at room temperature.

0.2 % Offset Endurance
Yield Limit at Normalized

Class of Stress, 107 Cycles, Endurance
Material Alloy ksi ksi Limit Type of Test Refer-
ence
Nickel-base
superalloy.. Inconel X 122 30 0.25 reversed bending 5]
Inco 718 145 63 0.43 reversed bending  [2]
Incoloy 901 128 25 0.20 reversed bending (3]
Udimet 700 142 35 0.25 reversed bending  [4]
Aluminum
alloy...... 2024-T4 50 24 0.48 reversed bending (5]
7075-T6 75 25 0.33 rotating beam 1
Titanium
alloy...... Ti-6Al-4V 130 43 0.33 reversed bending  [5]
High-strength
ferrous alloy 4340 130 72 0.55 rotating beam [
18Ni marag-
ing steel (1) 205 100 0.49 roating beam [1]
(2) 280 84 0.30 axial 7]
Pure metals. . Ni 16 15 0.94 rotating beam (6]
Al 5 5 1.00 rotating beam [6]
Cu 7.5 7 0.93 reversed bending  {6]
Fe (0.2 TV) 18 26 1.44 rotating beam 61

There has been relatively little research directed at gaining an understanding
of the fatigue properties of nickel-base superalloys. However, in recent years,
a number of studies have been reported that begin to shed light on the nature

2 Jtalic numbers in brackets refer to the list of references at the end of this paper.
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of cyclic deformation and fracture in these materials, and these studies will
be the subject of this review. Most of this work has been conducted on speci-
mens cycled isothermally. The important and more complicated problem of
thermal fatigue, where both the strain and temperature are cycled, has re-
ceived even less careful attention and therefore will not be treated at length
in this paper. Following a brief review of the microstructure of nickel-base
superalloys, the fatigue characteristics and mechanisms at low and elevated
temperatures will be described, and then the possibilities for improving the
fatigue strength will be explored.

Microstructure of Nickel-Base Superalloys

Gamma and Gamma Prime Phases

Nickel-base superalloys, in general, consist of two principal phases: a face
centered cubic (fcc) solid-solution-strengthened matrix (v) and a coherent,
ordered, intermetallic submicron precipitate, Fig. 1. Some high-temperature
nickel-base alloys such as Hastelloy X are single phase, but these will not be
considered in this review. The type and amount of precipitate in the two-
phase alloys depend on the particular superalloy composition and heat treat-
ment. The most common precipitate is fcc and of the form 4;B (v'), where 4

A~ e
g \‘x Ve
i ~— /
P~
- W ‘F\‘ i
” b 1A /5%
- I~ L""’"‘—L
e ~ o ~ =
._\“.‘ i '—-..\ F ~

Courtesy E. Gajdusek, Prart & Whimey Aircraft

FIG. 1—A rypical nickel-base superalloy microstructure consisting of a v’ precipitate in
a v solid-solution marrix.



116 HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS

is primarily nickel and cobalt, B is primarily aluminum and titanium, and
where other alloying additions substitute for either 4 or B. Gamma prime
1s found in most high-strength cast alloys, such as MAR-M200, Inconel 713C,
In 100, and B-1900, and in some wrought alloys such as Udimet 700 and the
Nimonic 80 through Nimonic 115 series of alloys. Some alloys contain more
than one precipitate as well as precipitates with crystal structures other than
fce. The volume percent of 4 varies widely, ranging from about 15 percent
for some wrought alloys to greater than 50 percent for cast alloys [7]. Some
typical superalloy compositions are given in Table 2.

TABLE 2—Compositions of several nickel-base superalloys, weight percent.®

Alloy Al Tt Ct Co W Mo Fe Cb Ta B Zr C Ni
Nimonic 80A.... 1.4 24 20 ... ... ... ... ... ... ... ... 0.08 balance
Nimonic 90. . . .. 1.4 24 20 17 e e ... ... 0.08 balance
Nimonic 115....49 39 15 15 .35 o0 oo ... ... 0.15 balance
Inconel 718. .. .. 0.6 09 19 .o ... 30180 +» » .. 0.10 balance
Incoloy 901 .. ... ... 26 125 ... ... 60 340 ... ... 0.015 ... 0.10 balance
Udimet 700. . ... 43 3315 185 ... 50 ... ... ... 0.03 ... 0.7 balance
MAR-M200..... 5020 9 10 125 ... ... 1.0 ... 0015 0.05 0.15 balance
B-1900.......... 60 1.0 8 10 ... 60 ... ... 43 0015 0.07 0.11 balance

« Source: Nickel-Base Superalloys, International Nickel Co., Inc., 1964,
5Cb + Ta 5.0.

Minor Phases

In addition to the v and ¥’ phases, most superalloys contain a number of
other phases, several of which are potentially detrimental to fatigue strength.
Carbon is added to superalloys to form carbides at grain boundaries and
thereby enhance creep rupture properties [8]. The carbides formed include
MC, M,C;, M,,Cq, and M(C, where M, the metal atom, is primarily chromium
in M;C, and M,;C,, and is usually titanium, tungsten, columbium, molyb-
denum, and tantalum in MC and M,C; cobalt and nickel are also found in
M¢C [9]. Impurities in superalloy melts result in the formation of very small
amounts of titanium nitrides [/0] and sulfides [//], and the deliberate addi-
tion of boron to improve creep rupture properties can lead to boride forma-
tion [/2].

Effect of Brittie Phases and Defects on Crack Initiation

The initiation of fatigue cracks in nickel-base superalloys is almost always
associated with defects in the microstructure, such as brittle phases, casting
pores, coherent annealing twin boundaries, and, at elevated temperatures,
grain boundaries. Possible exceptions to this statement are the slipband
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cracking of wrought, recrystallized material and carbide-free single crystals
oriented for single slip in low-cycle fatigue near room temperature (see the
sections on Low-Cycle Fatigue of Polycrystals and Fatigue Behavior of
Single Crystals). In general the cast alloys fail by propagation or linkup of
cracks from brittle inclusions or pores at low temperatures and along grain
boundaries at high temperatures. Linking of cracks between multiple initia-
tion sites is favored by high strain ranges, whereas at low strain ranges a
single defect dominates the fracture process. The same generalizations apply
to wrought alloys, with the exception noted above, and with the addition of
coherent twin boundaries as a major source of cracking at long lives and low
temperatures. With this general background, let us examine the role of
specific types of defects in detail. Except where specified, discussion will be
concerned with room temperature properties.

Preexisting Cracks in Brittle Phases

The brittle minor phases in the nickel-base superalloys, notably carbides,
nitrides, sulfides, and borides, may become cracked at some point during the
processing history of the material. Cracks in MC carbides have been observed
in the as-cast microstructure of directionally solidified MAR-M200 [/3] and
Udimet 700.® The cracks always run parallel to the long dimension of the
carbide (Fig. 2a) and can closely follow the contour of an irregularly shaped
particle (Fig. 2b). Since these carbides are the first product of solidification
upon cooling a melt, and differential contraction between these phases and
the solid matrix places the particles in compression, the cracks must form
prior to the solidification of the matrix. It has been suggested {/3] that the
cracks result from sharp compositional gradients in the carbide during
growth from the melt, and in Udimet 700 the cracks have now been found
to occur at the interface between an MC carbide and another phase believed
to be a carbosulfide.?

Owing to the residual compressive stress, the cracks in the carbides of the
directionally solidified materials cannot be revealed by mechanical polishing.
It has been found by replicating the surface of a mechanically polished
specimen under increasing tensile stress that these cracks commence to open
up, and slip is generated at the crack tips at about one fifth of the yield
stress [/3]. It is interesting to note that the 107 cycle endurance limit occurs
at maximum stresses of about the same value. At higher stress levels, the
precracked carbides are the sites of slip and crack initiation (Fig. 3) and the
fatigue life is a strong function of carbide size at room temperature and at
1400 F. For example, at room temperature the material containing large

3 Gell, M., Leverant, G. R, and Organ, F. E., Advanced Materials Research and Develop-
ment Laboratory, Pratt & Whitney Aircraft, Middletown, Conn., unpublished research.
Note that all references to unpublished research are for work done at this laboratory.
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FIG. 2—MC carbides containing cracks in as-cast single crystals of MAR-M200 (X2000);
after Gell and Leverant [13].
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FI1G. 3—Preferential matrix slip and crack initiation (arrow) at the tips of a precracked
carbide in a single crystal of MAR-M200; stress axis vertical (X200); after Gell and Leverant
[13].
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FIG. 4—The effect of carbide size on the fatigue life of directionally solidified MAR-M200
at room temperature.

carbides (0.25 to 0.30 mm) fails upon loading above the proportional limit,
whereas materials having somewhat smaller carbides (0.12 to 0.14 mm)
exhibit much improved fatigue lives (Fig. 4). Complete removal of the MC
carbides further improves the fatigue life by a factor of 2.
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Deformation-Induced Cracking

Initially sound particles can be fractured by impingement of slipbands
[14-16] or by a sufficiently large tensile strain in the matrix, similar to the
manner of fiber fracture in a composite. Under these circumstances, the
crack in an elongated particle always forms across the short dimension and
so may be distinguished from preexisting cracks in directionally solidified
alloys (see previous section on Preexisting Cracks). Carbide fracture has
also been observed in glass-bead blasted surfaces, presumably from impact
[4]. Certain machining operations, for example, grinding and turning, have
been found to produce fractured particles at the surface. The residual com-
pressive stress associated with such operations may offset any harmful effects
by (a) preventing the particle fractures from opening up in tension or (b)
inhibiting the shearing displacement along the fractures through surface
friction. Any relative motion of the two halves of a fractured particle will
propagate one or more slipbands from the crack tip, which are the precursors
to a Stage I fatigue crack. The only effective way of suppressing this process
at lower temperatures is to achieve a surface compressive stress, for the
particle cracks are sharp and necessarily enforce plastic relaxation in the
matrix. Dispersal of the shear displacements by means of cross slip is ex-
ceedingly difficult because deformation in these v + +' alloys proceeds by
the motion of superlattice pairs [/7].

Some amelioration of the effect of brittle phases is obtained at high tem-
perature. The chief benefit is probably obtained from oxidation of the
particles at the free surface, which may reduce the stress concentration at the
crack tips, with perhaps some tendency towards slip dispersal as a conse-
quence of thermally activated cross slip. The endurance limit, which may be
taken as an indication of the severity of defects, increases from 0.2 to 0.5 of
the flow stress between room temperature and 1400 F [/3, /8]. Another possi-
bility is rupture of the particle matrix interface at locations of slip impinge-
ment, thus avoiding fracture of the particle. The decreasing strength of such
interfaces with increasing temperature is an element in the transition to
intergranular cracking (see section on Grain Size and Grain Boundary Struc-
ture). While we have observed instances of carbide-matrix interfacial rupture,
mainly in elevated temperature low-cycle fatigue, it has not been identified
as the critical mechanism of transgranular crack initiation.

Porosity

Gas or shrinkage porosity may be of equal importance to brittle phases
in initiating fatigue cracks in cast superalloys (Fig. 5) and is the chief source
of cracking in carbide-free single cyrstals. Surface-connected pores are more
damaging than internal pores; this could be the result of the greater stress
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FIG. 5—Preferential slip and crack initiation (arrows) at the periphery of a surfuce pore
in single crystal MAR-M200.

concentration of the surface pore or the effect of the environment. Large
pores are much more damaging than small ones, primarily because the stress
decays more slowly with distance from a large pore; consequently the length
of the slipband emanating from the pore and the amplitude of shear displace-
ment are greater, resulting in more rapid crack initiation and propagation.
There may be in addition a true size effect in these materials such that defects
smaller than some critical dimension are not capable of initiating slip or
cracking (/9]

Coherent Annealing Twin Boundaries

Coherent twin boundaries are significant sites of crack initiation in wrought
alloys at room temperature {4] and in low-cycle fatigue in the temperature
range below the transition from slipband to grain boundary cracking [20]
(Fig. 6). In the case of wrought Udimet 700, surface twin boundary cracking
in low-cycle fatigue was prominent from 600 to 1000 F. Internal twin bound-
ary cracks were observed at 1200 F, but none at 1300 F where the cracking
was predominantly intergranular. The absence of ¥’ precipitation across the
twin boundary may explain the rapid falloff of twin boundary strength with
temperature that is suggested by the preceding results.

Low-Temperature Fatigue

In this section we review the cyclic deformation and fracture behavior of
nickel-base superalloys below the creep range. Much of the discussion deals
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FIG. 6—Cracking along a coherent annealing 1win boundary in the interior of a low-cycle
Jatigue specimen of Udimet 700 tested ar 1200F; stress axis horizontal, after Wells and
Sullivan.®

with wrought, polycrystalline Udimet 700 [4, 20, 2/] and single crystal MAR-
M200 [/3, 22]. These are the materials which have been studied most exten-
sively to date and their properties are believed to be typical of those to be
found in other v + 5’ nickel-base superalloys.

Deformation at low temperatures in these materials is characterized by
the shear of both v and v’ phases by a/2 (110) superlattice dislocation pairs
[17], where a is the lattice parameter (Fig. 7a). Since cross slip of the super-
lattice pairs at low temperatures is difficult, deformation in all forms of these
materials proceeds by the generation of coarse, planar bands containing a
high density of dislocations (Figs. 7 and 9). No indication of any difference
between bulk and surface slip behavior has been revealed by comparing sur-
face slip offsets with internal plastic deformation revealed by a slipband
etching technique [23].

Low-Cycle Fatigue of Polycrystals

In low-cycle fatigue of wrought Udimet 700 at room temperature [2]],
there is an initial brief period of cyclic strain hardening and this is followed
by cyclic strain softening over the remainder of the life of a specimen (Fig. 8).
The strain hardening is accompanied by dispersal of slip onto neighboring
planes and the softening implies increasing concentration of cyclic slip in the
active bands. Figures 9a and b show that there is a high degree of reversi-
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bility of slip in certain bands in the first cycle. The slip offsets are generally
greatest at the center of surface grains, and cracking is observed to initiate
there. Slipband or Stage 1 cracking (Fig. 9¢) develops gradually, but is always
observed at a low fraction of life (usually 5 to 10 percent). At large strains,
characterized by strong intersecting slip, cracking may be very segmented
along short lengths of slip traces. At small strains the slipbands and subse-
quent microcracks extend completely across the grains with little deviation.
Most of the life of a specimen is occupied by microcrack extension and

(a) Transmission electron micrograph showing dense dislocation structure of bands and
superlattice dislocations (arrows) generated during low-cycle fatigue; after Gell and
Leverant {32].

(b) Planar slip offsets on the surface of a carbide-free single crystal.

FIG. 7—The planar character of room temperature cyclic plastic deformation in single
crystals of MAR-M200.
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FIG. 8—The variation of load range with cycling for a low-cycle fatigue specimen of
Udimer 700 tested at room temperature, after Wells and Sullivan [21].

linkup, with linking governing the lifetime at high strain range. Figure 10
shows an example of the progressive linking of surface cracks, which propa-
gate into the specimen volume and then form a Stage 11 macrocrack. The
area of crystallographic cracking (Stage 1) is limited to the outermost layer
of grains at high strain, but may be very extensive at low amplitudes. The
transition to Stage Il is marked by ductile striations and the absence of
crystallographic facets. The tensile overload region of the fracture surface is
a mixture of ductile rupture and smooth grain boundary surfaces. The grain
boundaries are believed to be easy paths for crack propagation at high strain
rates because of the presence of brittle carbide and boride particles in the
boundaries.

At temperatures between 200 and 1200 F, cyclic strain aging occurs in
wrought Udimet 700 and is accompanied by simultaneous slip dispersal
and rapid strain hardening [20]. Crack initiation and propagation between
600 and 1000 F occur predominantly at coherent twin boundaries both at
the surface and in the interior, and crystallographic facets are observed on
the fracture surface in the tensile overload region. In a cast alloy [24] where
there are no coherent twin boundaries, cracking occurs along slipbands at
1200 F. Presumably, carbide precipitation in active slipbands in the wrought
material is responsible for hardening and for the erratic variation of cyclic
life with temperature (Fig. 11). The size of the fatigue zone is reduced and
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the amount of crystallographic cracking during tensile overload is increased
by the aging that accompanies cycling in tests at 200 F and above. It is
interesting to note that a small amount of aging is beneficial to life, while a
large amount is detrimental.

High-Cycle Fatigue of Polycrystals

As was discussed in the section on Effect of Brittle Phases and Defects on
Crack Initiation, high-cycle fatigue generally involves the growth of a crack
from a single dominant defect in both wrought and cast materials. In the
former case, coherent annealing twin boundaries are the chief sites of crack
initiation [4]. The cracks when first observed in cantilever bend specimens
are a finite size, that 1s about 1/10 to 1/4 of a grain diameter. It has been
reasoned that these cracks must grow at a rapid rate up to the point at which
they are first observed, because careful observations earlier in life showed
no cracking and extrapolation of subsequent crack growth data indicates the
crack would have to exist prior to cycling. Once detected, the rate of growth
of these surface microcracks is independent of crack length and varies with
the fourth power of the total strain range. ,

This work [4] also demonstrated the large influence of mean stress on the
rate of surface microcrack extension. For example, the propagation rate in
an electropolished specimen cycled between zero and a maximum value in
compression was a hundred times smaller than that in a specimen cycled
about zero mean stress through the same stress range, and the ratio of crack
propagation rates between an electropolished specimen and a glass-bead
blasted specimen having a surface residual compressive stress was of the
order of 10* (Fig. 12). In all cases the cracks initiated at the surface along
twin boundaries which were oriented for maximum in-plane shear.

There was little difference in the number of cycles to first detection of the
coherent twin boundary cracks in the glass-bead blasted and electropolished
specimens. In addition to the reduction in the rate of surface crack propaga-
tion by glass-bead blasting, there also was a doubling of the endurance limit
at 107 cycles. On the other hand, a cold-worked specimen with no long-range
residual stress did not show an improvement in endurance limit. This indi-
cates that the improvement in fatigue properties from glass-bead blasting
results from the residual stress rather than from any effect of cold work.

The rate of propagation of a macroscopic fatigue crack in polycrystalline
Udimet 700 at room temperature obeys a AK?®-¢ law (Fig. 13), where AK, the
change in stress intensity factor, is proportional to the change in stress range
and the square root of the crack length.* Similar behavior has been found for
other alloys [25]. The macroscopic path of the crack in a pulsating tension

1 Hopkins, S. W. and Landes, J. D., unpublished research.
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(a) /2 cycle.
(b) 1 cycle.
(¢) 764 cycles; N, = 765 cycles.

FIG. 9—The development of surface slip and cracking during low-cycle fatigue of Udimet
700 at room temperature; stress axis is vertical ; extrusion-like markings are caused by pene-
tration of replicating material into cracks; after Wells and Sullivan [21].

fatigue test follows approximately the plane of maximum normal stress.
However, at low values of stress intensity, individual microcrack segments
are crystallographic and follow coarse, planar slipbands (Stage 1 cracking).
At high stress intensity, slip lines and crack surfaces are distorted and ductile
striations are observed on the fracture surfaces, indicating crack propagation
in the Stage II mode. The variation of stress intensity apparently alters only
the degree of strain hardening and not the crack propagation law. In torsion,’
the crack shows very little tendency toward branching and closely follows a
direction of maximum resolved shear stress. Possibly because of a reduction
in branching, the propagation rate in torsion is considerably greater than in

s Welis, C. H. and Hopkins, S. W., unpublished research.
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(a) 290 cycles.
(b) 400 cycles.
(c) 764 cycles; N; = 765 cycles.

FIG. 10——Linkup of cracks on the surface of a low-cycle fatigue specimen of Udimer 700
tested at room temperature; stress axis vertical; after Wells and Sullivan {21).

tension when the maximum resolved shear stress is the same in torsion and
tension.

Fatigue Behavior of Single Crystals

The cyclic deformation of single crystals results in relatively more dispersal
of slip than in the wrought alloy and no apparent reversibility of the displace-
ment. Figure 7b shows the planar surface slip offsets early in the life of a
low-cycle fatigue specimen of MAR-M200 and Figure 7a reveals the high
density of dislocation loops and dipoles concentrated in these bands. Crack
initiation in (100) oriented crystals occurs at MC carbides or micropores,
but slipband initiation has been observed in carbide-free crystals oriented
for single slip. There is some linking of individual slipband cracks; however,
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FIG. |1—Variation of low-cycle fatigue life of Udimet 700 with temperature at a total

strain range of 0.016; after Wells and Sullivan [20].

the rate-controlling mechanism of fracture is the propagation of a single
crack over a large fraction of the specimen cross section, resulting in large
Stage I facets which have been identified as {111} planes [/3, 22]. There is
normally no transition to Stage II cracking. The Stage I facets in high-cycle
fatigue are highly reflective and contain distinct fracture steps and river lines
(Fig. 14a). Those in low-cycle fatigue are less reflective, and the most distinct
features are equiaxed dimples less than 1 um in size (Fig. 14b). In order to
explain the features on Stage I fractures and the absence of evidence for
rubbing, it has been proposed [/3] that cyclic slip activity either lowers the
cohesive energy of the slipband or that there is a local enhancement of the
normal stress across the band by the accumulation of dislocation dipoles and
multipoles [26]. Final separation then occurs under the influence of the local
normal stress at the crack tip.

Comparison of Fatigue Behavior of Single Crystals and
Polycrystals at Room Temperature

The mechanism of Stage I cracking has not been positively identified, but
it is suggested that the key to understanding its behavior is the reversibility
of slip. Two limiting points of view are possible: If slip is completely rever-
sible, no defect accumulation, strain hardening, or degradation of the co-
hesive strength would be expected, and crack initiation would have to be
governed by oxidation of surface slip offsets by the environment [27]. On
the other hand, if slip is irreversible, then the possibility exists for strain
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hardening, dispersal of slip activity onto neighboring planes, defect accumu-
lation, and a decrease in the fracture energy of slip planes. There is evidence
that suggests the behavior of polycrystals is closer to the former case and
single crystals to the latter.

In the polycrystalline material, direct observation of reversibility of slip-
band displacements has been made. Reversibility of strain hardening is
supported by measurements of the Bauschinger effect: a simple analogy
between the deformation of a blocked slipband and the extension of a parallel
arrangement of spring and friction block provides a very accurate prediction
of the hysteresis loop shape from the initial stress-strain curve [28]. The dis-
placement of a slipband is equivalent to that of a shear crack in an elastic
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FIG. 12—Surface crack growth rate as a function of alternating stress amplitude in

Udimert 700 at room temperature for electropolished and glass-bead blasted specimens, after
Burck er al (4].
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FIG. 13—The effect of stress intensity factor range on the crack growth rate in Udimet
700 at room temperature; after Hopkins and Landes.*

body with friction on the crack surfaces; therefore these displacements should
be proportional to the total strain, and it is found that the cyclic life correlates
with total strain range [2]].

It has also been shown theoretically that under the assumptions of planar
slip and impenetrable grain boundaries the stress-strain curve should be
independent of grain size [29], and this has been found to be the case in
limited testing (Table 3). In this model, the range of slip displacement is
proportional to the rate of Stage I crack initiation and, for a given total
strain range, should be proportional to grain diameter. Table 3 shows that
a reduction in grain size significantly improves the low-cycle fatigue life of
Udimet 700. While the effects of grain size and total strain range on the range
of slipband displacement should be identical, it has been found that changes
in total strain range have a much larger effect on fatigue life than changes in
grain size. This can be explained by the fact that much of the specimen life
is occupied in microcrack linkup and as the grain size is reduced, the density
of microcracks increases and linking has to occur over relatively shorter
distances.

In support of the hypothesis of slip reversibility in the polycrystalline
material, internal crack initiation and crystallographic facets in the tensile
overload stage are never observed at room temperature. In contrast, cyclic
strain aging of this material in the temperature range of 200 to 1200 F (clearly
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TABLE 3—Effect of grain size on the stress-strain curve and
fatigue life of wrought Udimet 700 [29].

Flow Stress, ksi Cycles to Failure
Average Linear at 0.016

Intercept, mm 0.02 9 Offset 0.29% Offset 1.0% Offset Strain Range

0.095....... 122 142 153 970
0.043....... 125 145 155 2470

an example of irreversible slip) results in internal cracking and facets on the
overload fracture surface.

Investigations on single crystals suggest a smaller degree of reversibility of
slip® [13] than in polycrystals. At the same plastic strain range, there is
greater dispersal of slip, the amount of cyclic strain softening is negligible,
and there is a much smaller Bauschinger effect. This difference is reasonable
in the light of the absence of strong obstacles to slip in the single crystal. The
features on the Stage I fracture surfaces (Fig. 14) and the observation of
tensile fracture along slipbands formed by cyclic prestrain would suggest
glide band decohesion (see section on Fatigue Behavior of Single Crystals).

High-Temperature Fatigue

With increasing temperature, additional factors must be considered in
describing the fatigue behavior of nickel-base superalloys. These include the
effect of the gaseous environment and the effects of mean stress, time, cyclic
frequency, and temperature on thermally activated deformation processes and
the tendency to intergranular cracking. As was true of the description of low-
temperature fatigue, much of our knowledge of the elevated temperature
behavior of nickel-base superalloys comes from studies of wrought, poly-
crystalline Udimet 700 (30, 3/] and single crystal MAR-M200 [/8, 32]. In
the following discussion, the mode of crack initiation and propagation will
be considered to be intergranular or transgranular. The mode of trans-
granular cracking will be further described as crystallographic (Stage 1) or
noncrystallographic (Stage II).

Effect of Temperature

Numerous investigators [/8, 20, 33-38] have found in many different super-
alloys that intergranular crack initiation and propagation occur much more
readily with increasing temperature. The transition temperature from trans-
granular to intergranular surface crack initiation is a function of the particu-
lar alloy composition, heat treatment, test frequency, and stress history, and
falls approximately in the range 900 to 1400 F.
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Wrought Udimet 700 has been studied most extensively. Some indication
of surface intergranular crack initiation in isothermal low-cycle fatigue was
found at 1200 F [20], while all crack initiation at the surface was inter-
granular at 1400 F [30]. At the latter temperature, the intergranular cracks
propagated at the most one grain diameter into the sample before a transition
to transgranular cracking occurred. At 1700 F, where time-dependent damage
{creep) is more extensive, crack initiation (Fig. 15) and propagation are pre-
dominantly intergranular [3/]. In thermal fatigue tests of many different

FIG. 14—Srage 1 facets on the fracture surfaces of directionally solidified MAR-M200
specimens tested at room remperature: (a) high-cycle fatigue (b) low-cycle fatigue; after
Gell and Leverant [13, 22).
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FIG. 15—Intergranular cracking on the surface of a specimen cycled at 1700 F; stress
axis vertical. Specimen surface was etched following removal of oxide scale by mechanical
polishing. After Wells and Sullivan {31].

superalloy compositions {33-35, 37, 38], the transition to primarily inter-
granular cracking has been found to occur at peak temperatures of 1500 to
1600 F in reasonable agreement with the isothermal low-cycle tests on Udimet
700.

The mode of fatigue cracking in single-crystal and columnar-grained
materials is also a function of temperature. In low-cycle fatigue tests of
MAR-M200 at 1400 F, deformation is concentrated in [111] slipbands (Fig.
16a). Although the dislocation density in the bands is lower than at room
temperature (Fig. 7a), cracking is in the Stage I mode. As the temperature is
increased to 1700 F, deformation becomes more homogeneous (Fig. 16b) and
irreversible, and noncrystallographic cracking occurs on a surface normal to
the stress axis (Stage II mode, Fig. 17). Cracking at both temperatures
originates at carbides or micropores.

Effect of Grain Size and Grain Boundary Structure

Under conditions where intergranular cracking occurs, the grain size has
an effect on fatigue life. The general observation has been that thermal fatigue
life decreases with increasing grain size {33, 35, 37], although isothermal low-
cycle fatigue tests on Udimet 700 at 1400 F¢ have shown the opposite result.
The problem that arises in assessing the significance of these experiments is
that the different heat treatments required to produce various grain sizes

& Wells, C. H. and Sullivan, C. P., unpublished research.
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FIG. 16— Dislocation structures typical of single-crystal MAR-M200 specimens cycled
10 failure at a high strain range at (a) 1400 F and (b) 1700 F: after Gell and Leverant [32].

simultaneously change the structure of the grain boundary and its immediate
vicinity, which could affect resistance to both crack initiation and propaga-
tion. For example, in Nimonic 80A [8], Cr,C; is found in the grain bound-
aries of specimens solutionized at 1975 F and aged at 1290 F to produce small
grains (ASTM grain sizes 4 and 5) but is not found in the grain boundaries
after a 2190 F solutionizing and the same aging treatment to produce large
grains. An attempt was made to separate the effects of grain size from grain
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boundary structure by thermal-fatigue testing a Ni-20Cr binary alloy [8],
however, the carbon content of the alloy was sufficient to produce carbide
precipitation in grain boundaries [39], which precludes an unambiguous
result.

As is obvious from the above discussion, additional research is needed to
separate the effect of grain size from concomitant changes in grain boundary
structure. It is also necessary to distinguish the separate effects of grain size
on crack initiation, propagation, and linkup; a possible framework for accom-
plishing this is considered in the section on discussion of Intergranular
Cracking.

Certain elements such as carbon, boron, and zirconium are known to have
significant effects on creep rupture behavior of superalloys through their

FIG. 17—Montage of an internally initiated Stage Il crack responsible for specimen
Sailure at a low strain range at 1700 F; after Gell and Leverant [32].



136 HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS

influence on grain boundary properties [40, 4/]. These elements were also
found to increase individually the resistance to thermal fatigue crack initia-
tion in a nominal Nimonic 80A composition [33). The compositions which
exhibited the best resistance to thermal fatigue crack initiation had the best
elevated temperature tensile ductility. The source of crack initiation at grain
boundaries has not been as carefully documented in elevated temperature
fatigue tests as it has been in creep [42, 43]. It is likely that the formation of
cavities at the interface between the matrix and carbides or other hard particles
that occurs during creep is also present during elevated temperature fatigue.

Directional Solidification

Columnar-grained and single-crystal forms of cast nickel-base superalloys
offer a distinct advantage over polycrystalline materials in elevated tempera-
ture fatigue through elimination of intergranular cracking [/8]. For example,
columnar-grained and single-crystal MAR-M200 have low-cycle fatigue lives
at 1400 and 1700 F that are 10 to 100 times greater than the polycrystalline
form of the same material (Fig. 18) [44]. The improvement in fatigue life is
due to the predominance of the slower modes of transgranular crack propa-
gation in these materials. If a crack is initiated in a grain boundary in the
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FIG. 18—Fatigue lives of conventionally cast, columnar-grained, and single-crystal
MAR-M200 as a function of total strain range at 1400 and 1700 F; after Leverant and Gell
[18].
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FIG. 19—Surafce intergranular crack initiation and propagation in columnar-grair.
MAR-M200 tested in low-cycle farigue ar 1700 F, stress axis is horizontal; after Leverant
and Gell [18].

columnar-grained material, it cannot propagate intergranularly over a large
distance because the grain boundaries become parallel to the stress axis,
Fig. 19. Single-crystai Udimet 700 similarly shows an improvement in life at
1400 F? over wrought polycrystalline material, although the improvement is
not as large as that for MAR-M200. An explanation is that in the polycrystal-
line Udimet 700, crack propagation was primarily in the slower transgranular
mode, whereas much of the cracking was intergranular in polycrystalline
MAR-M200.

Effect of Frequency

The frequency of cycling has been found to have a significant effect on
both the fatigue life and the mode of crack propagation at elevated tempera-
tures. However, little influence of frequency on surface intergranular crack
initiation has as yet been observed?® [45, 46).

In a study of the effect of cyclic frequency on the fatigue life of Nimonic 90
at 1650 F for frequencies of 0.12, 10, and 8000 cpm, it was found that fatigue
lives increased with frequency [36]. A similar observation has been made on
directionally solidified MAR-M200 at frequencies of 2 and 600 cpm at 1400
and 1700 F [/8]. Fatigue lives were greater at the higher frequency by a factor
of 5 at 1400 F and 175 at 1700 F. In this case, the incidence of surface second-
ary cracks was investigated as well and it was found that more intergranular
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and transgranular cracks were initiated at the lower frequency at each tem-
perature (Table 4) which is indicative of the importance of creep-induced
damage at low frequencies in the directionally solidified materials. It has also
been demonstrated for Nimonic 90 tested at 1650 F and 10 cpm that the
fatigue life is almost an order of magnitude greater for push-pull cycling than
for repeated-tension cycling [36]. Since the mean stress is higher in the re-
peated-tension cycling, this also emphasizes the iniportance of creep effects.
In addition, several investigators [24, 45, 46] have found that crack propaga-
tion is primarily transgranular at temperatures up to 1750 F for cyclic fre-
quencies ranging from 1800 to 8700 cpm, whereas it 1s primarily intergranular
at frequencies less than 10 cpm. Figure 20 shows a comparison of the crack
propagation mode for Udimet 700 tested at 1700 F at 2 and 1800 cpm.”

TABLE 4—Effect of cyclic frequency on secondury cracking and
fatigue life of directionally solidified MAR-M200 [18].

Number of
Surface

Temperature, Stress Range, Frequency, Secondary Cycles to
deg F ksi cpm Cracks per cm Failure
1400. . ... 5to 135 600 0 30 X 108
1400. ... .. 5to 135 2 8.2 6.1 X 102
1700. . .... Sto 65 600 1.7 1.7 X 108
1700. . .... 5to 65 2 4.2 9.7 X 102
1700. . .... Sto 92.5 600 0.5 5.2 X 108
1700. .. ... 5t092.5 2 10 29 x 10t

The mode of transgranular crack propagation at these temperatures also
depends on the frequency of cycling. For example, in columnar-grained
MAR-M200 at 1400 F [/8], crack initiation and propagation at 2 cpm are
primarily in the Stage 11 mode, whereas at 600 cpm crack initiation and the
initial portion of crack propagation occur in the Stage I mode. In addition,
at 1700 F in carbide-free MAR-M200 single crystals, 50 percent of the fatigue
zone was Stage I at 600 cpm, but 90 percent was Stage I at 36,000 cpm.? The
type of transgranular crack propagation that occurs may be related to the
rate at which dislocations move out of slipbands. For example, at high fre-
quencies many cycles are accumulated, while the dislocations at a crack tip
remain in a planar band; this is conducive to Stage 1 cracking. On the other
hand, at low frequencies, dislocation dispersal out of bands occurs during a
single loading cycle and, therefore, leads to a more homogeneous strain field
and consequently to Stage Il cracking.

7 Boone, D. H. and Paskiet, G. F., unpublished research.
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Environmental Effects

Both advantageous and detrimental effects of oxidation on surface crack
initiation and propagation have been reported [32, 34, 46—-48]. A number of
possibilities exist: for example, crack initiation may be retarded by the oxida-
tion of deleterious phases or accelerated by preferential intergranular attack
[46]. Crack propagation may be retarded by crack-tip blunting and by the
wedging open of the oxide-filled cracks during compression or accelerated
by a brittle layer at the crack front. It is also possible that surface inter-
granular crack initiation at elevated temperatures may not be related to
oxidation at all. In Udimet 700 tested in low-cycle fatigue at 1400 F, it was
found that interior as well as surface cracks were intergranular [30]. This
result suggests that intergranular initiation is related to the decrease in the
inherent grain boundary strength with increasing temperature rather than to
oxidation.

A clear example of oxidation retarding crack growth is found in the tests
on columnar-grained MAR-M200 at 1700 F and 600 cpm [32]. It was ob-
served that most cracks were surface-initiated, and that these surface cracks
were formed first; yet, the crack that eventually led to failure was initiated
in the specimen interior (Fig. 17). Cracks initiated in the interior were narrow
and had sharp tips (Fig. 214a); whereas, surface cracks were wide and con-
tained oxide both at the crack tip and between the crack faces (Fig. 215). It
is likely that the oxide increases the crack-tip radius and reduces the amount
of crack resharpening that is possible on unioading from peak stresses, and
these effects should retard surface crack growth [49]. Other nickel-base
superalloys in polycrystalline form tested at high frequencies at temperatures
between 1300 and 1700 F show similar effects in that failure originates at an
internal site even though there is surface intergranular cracking [¢5].5:

Investigations of the fatigue of Inconel 550 [47] and Inconel X [48] at
1500 F and frequencies of 1970 and 300 cpm, respectively, show that the
fatigue lives of both materials are longer in vacuum than in air. The fatigue
lives of both materials in the different environments converge at long lives
and the point of convergence occurs at shorter lives for higher ratios of mean
to alternating stress. Not enough metallographic evidence is presented in
either of these studies to assess the importance of environmental effects on
crack initiation and crack propagation. Investigations of the effect of other
corrosive environments on the high-frequency fatigue strength of several
Nimonic alloys at 1200 and 1380 F have indicated no significant change in
life from air tests, suggesting that both the cycles to crack initiation and trans-
granular crack propagation rates are unaffected by these environments (50].

8 Ellison, E. G. and Sullivan, C. P., unpublished research.
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(a) Interior crack (arrow) initiated at MC carbide and micropore.
(b) Surface-initiated crack showing oxide, a light region denuded of 4’ precipitate, and
crack branching (arrows).

FIG. 21—Secondary cracks in low-cycle fatigue specimens of single-crystal MAR-M200
tested at 1700 F; stress axis is vertical; after Gell and Leverant [32).

Oxidation-Resistant Coatings

Aluminide coatings are normally used on nickel-base superalloys that
operate at temperatures above 1500 F. Figure 22 shows a typical coating, the
principal phase of which is NiAl [57]. Measurements of the tensile strain to
first crack in some conventional nickel-aluminide coatings have indicated a
brittle-ductile transition at about 1400 to 1500 F [52]. Below this tempera-
ture range, tensile elongation is less than 2 percent, whereas it increases
rapidly with increasing temperature above the transition. Coatings can
influence fatigue life depending on the substrate material and the testing
conditions, as discussed below.

At temperatures where the coating is brittle, coating cracks are initiated
in the first half-cycle in high-strain fatigue and may lead to reduced fatigue
lives compared to uncoated material (Fig. 23). For example, the low-cycle
fatigue life of Udimet 700 at 1400 F is reduced 20 percent by a nickel-
aluminide coating.® On the other hand, at low strain ranges, plastic deforma-
tion in the coating is quite limited, and Udimet 700 with an electropolished
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2

FIG. 22— The structure of a typical nickel-aluminide coating on a nickel-base superalloy
( X 1000); after Fornwalr and Boone [51].

coating actually has a higher endurance limit at room temperature than
electropolished, uncoated material.? At 1700 F, where these coatings are rela-
tively ductile, the low-cycle fatigue life of Udimet 700 is improved with a
coating because early surface intergranular crack initiation in the substrate
is prevented [3/]. A nickel-aluminide coating had no effect on the 1400 and
1700 F low-strain fatigue life of columnar-grained MAR-M200 tested in
pulsating tension at 600 cpm [/8], because the cracks which led to failure in
both the coated and uncoated materials were initiated in the specimen interior.
It should be realized that the coating could affect the fatigue life in low strain
range tests where the stress is biased to the surface, such as in bending.

* Burck, L. H., unpublished research.
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The metallurgical structure of both the coating and the coating-affected
substrate zones must be considered in order to optimize fatigue properties.
For example, the ductility of a coating can be increased by heat treatment,
which improves the low-cycle fatigue life of Udimet 700 at 1400 and 1700 F
[30, 311. In this alloy, a thin layer containing sigma phase is formed near the
coating-matrix interface during heat treatment [57]). Some preferential crack
propagation was observed along the boundaries of this phase, but there was
no evidence that it served as a crack initiation site. Surface irregularities in
the coating can have an important influence on coating crack initiation, such
that cracks are frequently found at surface depressions [37] (Fig. 24). Also,
topographical features of the substrate surface prior to coating have been
found on the coating surface [52).

Discussion

The purpose of this section is to summarize those aspects of the behavior
of nickel-base superalloys that directly affect their fatigue strength, and to
suggest approaches by which the strength of these materials may be improved.
A number of these approaches are relatively new, and in some cases there is
no information available to evaluate their potential. In other instances, it is
necessary to understand the processes of crack initiation, propagation, and
linkup under the specific conditions of interest before deciding how fatigue
properties may be improved. In these cases, a framework for considering the
various possibilities is attempted.

FIG. 23—Cracks formed in an aluminide coating below the ductile-to-brittle transition;
after Boone and Paskiet.’
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: b R
FIG. 24—The initiation of a crack at a coating surface defect on a low-cycle fatigue
specimen of Udimet 700 tested ar 1700 F; siress axis horizontal ; after Wells and Sullivan [31].

The relatively poor fatigue strength of nickel-base superalloys can be at-
tributed to the planar slip character, to lack of slip dispersal and the presence
of defects at low temperatures, and to intergranular cracking and defects at
elevated temperatures. Table 5 summarizes some potentially fruitful ap-
proaches for improving the fatigue properties of these materials that will be
discussed below. For. this discussion, low temperatures are those at which
crack initiation and propagation are transgranular in polycrystals, and high
temperatures are those at which initiation or propagation or both are inter-
granular.

TABLE 5—Approaches for increasing futigue strength of nickel-base superalloys.

Improving Crack Improving Crack
Temperature Range Initiation Resistance Propagation Resistance

Low Temperatures. . 1. Eliminate or reducesize ofde- 1. Impart residual compressive

fects. stress to surface.
2. Reduce grain size. 2. Obtain more homogeneous de-
3. Use fatigue resistant surface formation.
coatings.
4, Obtain more homogeneous
deformation,
High Temperatures.. 1. Retard intergranular initia- 1. Retard intergranular propaga-
tion in polycrystals. tion in polycrystals.

2. Use fatigue- and oxidation- 2. Use single crystals.
resistant surface coatings.
3. Use single crystals.
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Role of Defects

Once the defect responsible for crack initiation has been determined, crack
initiation and, to a lesser extent, crack propagation resistance can be im-
proved by removal of the defect or a reduction in its size. Depending on the
type of the defect, this may be accomplished in a given material by alloying,
casting, or heat-treating modifications. The cracking of brittle phases may
also be eliminated by better fabrication or surface-finishing practices. Where
crack initiation along annealing twin boundaries is the limiting factor, the
density and length of the twins can be controlled by the amount of deforma-
tion prior to recrystallization and by the grain size, respectively. The twins
can be entirely avoided by using cast materials. The improvement in fatigue
properties obtained by reducing the size of a defect or eliminating it from
the microstructure will be greatest for low-temperature applications and for
conditions where the defects remaining in the structure are not nearly as
deleterious as those that were removed.

Slip Homogeneity

In low-strength, single-phase metals and alloys, good fatigue properties
have been associated with a planar slip character and a high degree of slip
dispersal [6, 53-56]. In nickel-base superalloys, the concentration of slip in
coarse, planar bands and the absence of a high degree of slip dispersal con-
tributes to the relatively poor fatigue properties. It should be possible to im-
prove the fatigue properties by dispersal of the planar slip or by a change in
slip character from planar to wavy. There has not been much research done
to achieve either of these objectives, so discussion will be centered around
possible avenues of approach.

Slip dispersal can be achieved by increasing the number of active slip
nucleating sites or the cyclic strain hardening rate [57). Both objectives may
be achieved by introduction of a finely spaced, hard, incoherent dispersoid
at the surface or throughout the volume of the material. Alloying and heat
treatment can effect a change in slip dispersal or the cyclic work hardening
rate only insofar as they change the density, size, and location of hard second-
phase particles. It is also possible to disperse slip in surface grains by surface
working treatments, although in the case of glass-bead blasting of Udimet 700,
slip dispersal was not the cause of improved fatigue life (see section on
Deformation-Induced Cracking).

Grain size refinement should also provide an improvement in crack initia-
tion resistance, although slip dispersal in most cases is less important than a
reduction in the mean free slip distance. It has been shown that the rate of
slipband crack initiation should be proportional to the range of shear band
displacement and, consequently, inversely proportional to grain size [29].
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This grain size effect requires slipbands or slip along annealing twin bound-
aries to extend completely across a grain and this condition is most likely to
be satisfied when the maximum stress in a cycle exceeds a large fraction of the
proportional limit. If the mean free slip distance could be reduced to approxi-
mately the size of v’ particles or less, then the slip character would essentially
become more wavy.

Intergranular Cracking

As is true of most polycrystalline materials, the elevated temperature
fatigue properties of nickel-base superalloys are limited by intergranular
initiation and propagation. The intergranular cracking is initiated preferen-
tially on grain boundaries normal to the stress axis (the conditions favoring
this were discussed in the section on High-Temperature Fatigue). Assuming
a constant grain boundary structure, the effect of grain size on fatigue life
can be hypothetically arranged into two broad categories (Fig. 25).

In the first case, likely to be found at low stress ranges, a single inter-
granular crack is initiated and propagates to failure with little or no crack
linking. It can be seen in Figs. 25a and ¢ that a crack on a transverse boundary
in a fine grain material is much smaller before it reaches a triple point than a
crack in a coarse grain material. At the triple point the cracks must undergo
the more difficult processes of crack reinitiation, branching, and propagation
on a boundary not normal to the stress axis if it continues intergranularly
(Fig. 25a), or the cracks must propagate in a much slower transgranular
mode (Fig. 25¢). Under these circumstances, the fatigue life should increase
with reduced grain size.

In the second case, likely to be found at high strain ranges, cracks are
initiated on transverse grain boundaries, with the number of cracks increasing
with reduced grain size. If crack linking is the critical step in the fracture
process, whether it be intergranular (Fig. 256) or transgranular (Fig. 254),
the rate of linkup should be inversely proportional to grain size. Hence,
the fatigue life should increase with grain size.

Just as the brittle phases and casting pores that initiate cracks are con-
sidered defects, so too should grain boundaries under conditions of inter-
granular failure be considered defects. It has been possible by reducing or
eliminating their effect through directional solidification of materials into
either columnar-grained or single-crystal forms to improve significantly the
creep, stress rupture, thermal shock [58-60], and elevated temperature fatigue
properties (section on Directional Solidification). The use of materials in
single-crystal forms has the added advantage that they can be made carbide-
free; there is no need for carbides whose sole purpose is grain boundary
strengthening. The use of defect-free, single-crystal materials appears to be
the ultimate solution to the problem of achieving improved elevated tempera-
ture fatigue properties of nickel-base superalloys.
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(v}

(o)

(4)

A

(a) Intergranular initiation and propagation; linkup unimportant.
() Intergranular initiation and propagation; linkup important.
(c) Intergranular initiation, transgranular propagation; linkup unimportant.
(d) Intergranular initiation, transgranular propagation; linkup important.

FIG. 25—A schematic drawing comparing elevated temperature surface cracking in (left)
coarse- and (right) fine-grained polycrystalline materials.
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Fatigue-Resistant Coatings

Since most fatigue cracking is initiated at an external surface, the use of a
coating with physical and mechanical properties different from those of the
substrate can have a marked effect on the fatigue behavior of the coating-
substrate combination. Coatings are not presently used on nickel-base super-
alloys for low-temperature applications such as turbine shafts and disks;
however, the life of these components is often limited by fatigue and could
benefit by the application of fatigue-resistant coatings. The discussion will,
therefore, deal with desirable characteristics of both low- and high-tempera-
ture coatings.

Low Temperatures—At low temperatures, the important considerations for
coating selection, assuming a tightly adherent coating can be made, are the
elastic modulus, yield strength, ductility, and fatigue strength of the coating
relative to that of the substrate. The most important consideration is that the
coating have superior fatigue properties at a given stress range as compared
to that of the substrate. Additional advantage can be obtained by a low elastic
modulus of the coating when cycling is totally in the elastic range, because the
coating and the substrate undergo the same total strain range, and the stress
range experienced in the coating, As., is given by: '?

Ac, = (E./E)Ac;

where E. and E, are the elastic moduli of the coating and substrate, respec-
tively, and A, is the stress range of the substrate (Fig. 26a). If the substrate
or coating or both are plastically yielded then, in addition to the above con-
siderations, the relative yield strengths and cyclic work hardening and soft-
ening rates are needed to determine the magnitudes of the stress and plastic
strain ranges in the coating and substrate. Figures 26b and 26c¢ illustrate, for
the first cycle, two of the many possible cases.

Elevated Temperatures—For elevated temperature applications, nickel-base
superalloys must be used in conjunction with an oxidation-resistant surface
coating. This is normally of nickel-aluminide type, the exact structure of
which can be complex and is dependent on the initial aluminum concentration
at the surface, subsequent heat treatments, and service exposures. Coating
performance on a substrate is normally evaluated on the basis of the oxidation
resistance as measured in static or dynamic tests. However, it is known that
if the aluminum concentration of a coating is high, which is desirable for
oxidation resistance, brittle cracks extending to the substrate can be formed
under stress at temperatures below the brittle to ductile transition for the
coating (section on Oxidation-Resistant Coatings). Under these circumstances,
not only may the oxidation protection of the coating be impaired, but the
brittle cracks in the coating can lead to cracking of the substrate. On the other

1 Rau, C. A., unpublished research.
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(a) Coating and substrate are both in elastic region.
(b) Coating is elastic and substrate has plastically yielded.
(c) Coating has plastically yielded and substrate is elastic.

FIG. 26—The stress range (Ao) and plastic strain range (Aep) response of a coating and
substrate for a given applied total strain range (Aer). 1t is assumed that the elastic modulus
of the coating is less than that of the substrate.
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extreme, it is possible to prepare more ductile coatings by lowering the
aluminum concentration during heat treatment. The oxidation protection is
then reduced and, after long time exposures at elevated temperatures, inter-
granular cracking in the substrate can occur following preferential oxidation
and v’ denudation at grain boundaries. It would therefore be desirable to
design coatings so that consideration is given to the fatigue properties of the
coating as well as to protection of the substrate from the environment. This
is an extremely difficult problem, but certain desirable characteristics of a
coating from a fatigue-resistance viewpoint, in addition to those discussed
above for low temperatures, are clear. A discussion of the oxidation resistance
and structure of coatings may be found elsewhere [52, 6/].

The most important aspect is to insure that the fracture strain of the
coating exceeds the maximum applied strain at all temperatures of interest.
This can be accomplished by lowering the ductile-to-brittle transition of the
coating by heat treatment. Crack initiation in a ductile coating can be re-
tarded by minimizing surface irregularities on the substrate prior to coating
and by polishing the coating surface itself (section on Oxidation-Resistant
Coatings). Once a crack has propagated through a coating, it is still possible
to retard substrate initiation by deflecting the crack along the coating-matrix
interface. This requires a relatively weak interface relative to the strength of
the substrate matrix [62]. If interface cracking is extensive, then spalling of
the coating could become a problem.

Residual Compressive Stress

It has been shown for polycrystalline Udimet 700 at room temperature
that a residual compressive stress obtained by glass-bead blasting the surface
has littie effect on crack initiation but markedly reduces the Stage 1 crack
propagation rate while the crack is in the residual stress zone (see section on
High-Cycle Fatigue of Polycrystals). The improvement in crack propagation
resistance is proportional to the magnitude of the residual compressive stress
and its depth. It is important that the surface working treatment confer com-
plete coverage in order to prevent premature failure in those surface areas
having a lower residual stress.

There is some evidence to indicate that a surface working treatment leads
to sharply reduced fatigue properties at elevated temperatures [46]. The
temperature of testing (1382 F) may have produced a surface stress relief but
this would only have reduced or eliminated the improvement in fatigue prop-
erties conferred by the residual stress. Rather, it is likely that surface working
has a deleterious effect on the intergranular initiation that would be expected
at this temperature. In the absence of stress relief, the beneficial effects of
residual compressive stress should be present at all temperatures at which
crystallographic cracking occurs.
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ABSTRACT: An evaluation is made of the infiuence of mechanical properties
on fatigue crack growth rate. Data representing SAE 4340 and modified 4330
steels show that for levels of the stress intensity factor, X, below about 40 ksi/in.
mechanical properties have little influence on growth rate. However, at higher X
levels both the product of Young’s modulus, yield strength, and fracture tough-
ness and the product of Young’s modulus, tensile strength, and true strain at
fracture seem to be reasonable indexes of crack growth resistance. For K levels
above 40 ksiv/in. the fatigue crack growth rate is minimized by tempering 4340
and modified 4330 steel at temperatures of about 1000 and 1100 F, respectively.

KEY WORDS: fatigue (materials), crack propagation, crack initiation, fracture
strength, temper annealing, stress analysis, fracture properties, materials speci-
fications, evaluation

Fatigue fracture has been characterized as including the stages of crack
nucleation, stable crack growth under cyclic loading, and unstable crack
growth during the final load cycle. In principle, optimization of fatigue per-
formance might be expected to involve control over each stage in the fracture
process. However, the difficulty of detecting small cracks less than 0.001 in.
in length, coupled with the fact that such cracks can occur as early as the
first 10 percent of life, suggests that in practice little control can be exercised
over the nucleation stage. Consequently, the best chance for controlling
fatigue performance should involve control of both the stable crack growth
rate and the onset of unstable crack growth.

According to the principles of fracture mechanics, control of unstable
crack growth is defined in terms of the fracture toughness of the material, in
particular K., for conditions where plane strain prevails. Optimum resistance
to unstable crack growth is provided by achieving the maximum fracture
toughness.
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Numerous investigations have attempted to provide insight regarding
control of stable crack growth during cyclic loading by establishing the
dependence of growth rate on the stress intensity factor K [/-3]® or the crack
size and gross stress S, [4-8]. The growth rate dependence on K may be
expressed by the equation, Rate = C(Kn..)™, where Rate is the change in
crack length per cycle, K,... is the stress intensity factor at maximum cyclic
load, m is an invariant integer, and C is an explicit function of mechanical
properties [9-14] (Table 1). Frost and Dugdale’s expression [15] differs from
the above equation in that C is inversely proportional to crack size. For a
given material, crack rate depends upon K., which is in turn a function of
crack size and applied load. If stable crack growth is well represented by
the above equation, then optimization of crack growth resistance should
simply involve minimizing C to minimize growth rate.

TABLE 1—Models of crack growth kinetics.

Rate = C(Knux)™ or C'(AK)"
Rate = d(2a)[dN for center notch, da /dN for compact tension.
Kinax = aS,(za)V'? is the stress intensity factor at maximum tensile load.
AK = (Kpax — Knin); Kunin 18 evaluated at the minimum cyclic load.
a = correction for finite specimen width.
S, = gross section stress.
C = a constant for a given material.

I

m = an invariant integer.
Mechanical
Model Properties in C Value of m
McClintock [12]. .. .. .. o (ES,)! 2
Pearson [I3]. ... . .. ...l (E)3-6 3.6
Keafft [14]. . oo (E*K? o)L 4
McEvily and Johnston {10}....... ... .. ... ... ...... [E(Sy + Su)euSu21 4
McClintock [72]. .. ... ... .. (ES.e)2 4

Note—S, = yield strength 0.2 percent offset,

S. = ultimate tensile strength,

e, = engineering strain at necking,

¢ = ‘‘true strain” at fracture,

n = strain hardening exponent,

E = Young’s modulus,

K;. = plane strain fracture toughness, and
p = size of a region for which the average strain satisfies the fracture criterion.

The objective of the present effort was to determine if the various expres-
sions for C [9-15] or some other parameter can be used as an index of a

3 Jtalic numbers in brackets refer to the list of references at the end of this paper.
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matertal’s resistance to stable crack growth during cyclic loading. To this
end, C functions will be compared with experimental data which include
both crack growth rates and mechanical properties.

Crack Growth Resistance and Mechanical Properties

The problem of primary interest in this study is to determine what com-
bination of mechanical properties is most useful in describing fatigue crack
growth resistance. As a starting point we assume that stable crack growth
during cyclic loading and unstable crack growth for monotonically increasing
load are related. If this assumption is valid, then fatigue crack rate should
be inversely related to fracture toughness as suggested by Krafft’s model [9].
For a given application, however, the choice of a material or treatment to
provide maximum fracture toughness may serve to reduce other properties,
such as yield strength and hardness, below acceptable levels. Consequently,
optimization of crack resistance might be expected to involve a balance
between strength and crack toughness.

An illustration of such a trade-off in mechanical properties is presented in
Fig. 1. This is an idealization (surfaces faired through the actual data) of the
results of Hays and Wessel [/6] for 1-in.-thick 4340 steel plate in which yield
strength and fracture toughness are presented as functions of tempering and
service (test) temperature. For the 1050 F tempering temperature, room
temperature yield strength, S,, and fracture toughness are both high and
have values of about 160 ksi and 160 ksiA/1n., respectively. For lower temper-
ing temperatures crack toughness is reduced, whereas higher temperature
results in a rapid decrease in yield strength. This figure also suggests that the
tempering temperature which provides a balance between room temperature
strength and toughness may also provide optimum properties at other test
temperatures. For example, in the case of the 1050 F temper both yield
strength and toughness remain at relatively high levels as service temperature
is varied from —200 to +200 F. If tempering temperature is lowered by only
50 deg to 1000 F, crack toughness falls sharply at a service temperature of
—100 F. Such a drop in toughness in the expected range of service tempera-
ture must be avoided if brittle fracture is to be prevented.

If the concept of a balance between strength and crack toughness has
merit in describing a material’s resistance to crack growth during cyclic
loading, then growth rate should be inversely related to the strength and
toughness product. In addition to strength and toughness, the other material
property which we believe important in influencing crack growth resistance
is Young’s modulus E. An inverse relation between crack rate and E is the
only common characteristic of all of the crack growth models [9-15]. There-
fore, we suggest that the parameter (ES,Ki.)~' may be of use in assessing
the influence of material properties on fatigue crack growth. Unfortunately,



THROOP AND MILLER ON FATIGUE CRACK RESISTANCE 157

4340 STEEL
MARTENSITE

280

240

200

160

| 120

20

a0

FIG. 1—Idealized relationships of yield strength and fracture toughness of 4340 steel 1o
both 1empering temperature and service temperature. Surfaces have been faired through
actual test results of Hays and Wessel, Ref 16.

this parameter is proposed without benefit of a mathematical model because
we have not found an acceptable basis for one. However, it appears from
what follows that (ES,Ki.)~' does express empirically the effects of heat
treatment on crack growth, at least for the materials examined in this study_

Restrictions on the Expression Rate = C(K,,..)™

Experimental results over a period of time have raised some questions
regarding the universal applicability of the equation Rate = C(K.x)™. In
the first place, plots of log Rate versus log K.,.x are not always the straight
lines required by the equation. In some cases the data can be better repre-
sented by a sigmoidal relation [/7, /8] wherein the derivative of crack rate
with respect to K., is much greater at both low and high levels of K., than
it is at intermediate levels.
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Secondly, when data representing a wide variety of materials, as in Table 2,
are fitted using the method of least squares, the exponent m is not an invariant
integer as required by many of the crack growth models but, rather, is found to
vary from about 2.2 to 6.7 (Fig. 2). The median, average, and standard
deviation of m for the plotted data are 3.3, 3.5, and 0.65, respectively. This
figure represents the dispersion in 69 values of m from eight sources of data
[20-27].4

TABLE 2—Least squares fit of crack growth data.

Number of
Observa-  Average
Materials tions of m m Range in m References ®
Low- and medium-strength steels. . 30 3.5 23105.2 {211, 227
High-strength steels. . .. ......... 20 33 2.2t06.7 [20, 23-25]
Titanium. ...................... 2 3.5 3.68 and 3.31 {24]
2024 aluminum ., .. ............ .. 6 34 2.7t0 3.8 {27}
305 stainless steel. . ............. 6 33 281045 [26]
70-30brass..................... 5 4.1 3.6 10 4.9 [26]
Totalsample. .................. 69 35 2.2t0 6.7 8
2 See Ref. 19.

Finally, implicit in the equation Rafe = C(K,.x)" i1s the assumption that
m and C are separate and independent quantities which express the growth
rate’s dependence on K., and the material’s influence on growth, respec-
tively. Experimental findings for steels suggest that m may be related to
material properties. The resuits of one study of high-strength steel [23] show
an inverse relation between m and fracture toughness. Data for low- to
medium-strength steels follow a similar trend in that m appears to be inversely
related to the Charpy upper-shelf energy [22].

These observations suggest that different fracture mechanisms or processes
can operate during crack growth in different materials, or even at different
K levels for a given material. Thus, the equation Rate = C(Ku.x)” should
not be construed to be a long-range forecaster of crack growth rate, but,
rather, a useful tool for assessing the effects of material treatments on growth
rate for a limited range in K.

Model Predictions

Several models have been used as the bases for derivations of the crack
rate equation. The C expressions for some of these are listed in Table 1.

+ ASTM Book of Standards, Part 31, American Society for Testing and Materials, 1969,
pp. 1099-1114.
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FIG. 2—A normal probability plot of the crack rate exponent m for center-cracked
specimens. The median and mean m values are 3.3 and 3.5, respectively.

The Frost and Dugdale [/5] expression is not listed but has the form
dQ2a)/dN = constant (Ky.x)}/aE(S, + S.), in which the property dependence
of crack rate is related to 1/E*S, 4+ S.) and is similar to others that are
listed. As indicated, each model predicts a specified fixed value for the
exponent.

There should then be a linear correlation between the value of C for
different materials or different conditions of a particular material and the
crack rates measured at a given K level. This was explored at K., levels of
20 and 50 ksin/in. using crack rate results on several high-strength steels
[20, 23-25]) and aluminum alloy [/9, 28] reported in the literature. A large
variability was evident in the plots of crack rate versus C from most of the
C expressions.
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This variability was not surprising—the difficulty in obtaining coherent
information on all variables needed in the comparison, since the reported
results were from several sources, testing was done on center-cracked speci-
mens of different sizes in difterent machines, etc., almost precluded any con-
sistency. The C-expressions of McEvily and Johnston [/0] and of Krafft [14]
were not thoroughly explored, because much of the available data did not
supply the engineering strain at maximum load, ¢,, and the strain hardening
exponent, u, respectively. The variability in the data precluded the possibility
of ruling out the expressions (E)=3-¢, (ES,)!, and (ES.e)? as adequate
descriptions of the material’s influence on crack growth rate. Compared with
these expressions, however, a better example of a linear trend between the
fixed K. crack rate and the values of C was obtained in plots of d(2a)/dN
versus (ES,K;.)"; thus, it seemed appropriate to examine the expressions
(ES,e/) % and (ES, K1) ! to a further extent.

Crack Growth Rates for 4340 Steel

In an effort to reduce the variation in crack rate associated with including
data from different sources, we chose to make model comparisons with
growth rate data from a single source representing a wide range in growth
rate, K,..., and material properties. This choice, while restricting the base
from which conclusions could be drawn, should have served to eliminate
sources of variation such as testing machine and specimen dimensions.

Growth rate data for 4340 steel [23] representing four conditions of heat
treatment are shown in Fig. 3. The plotting position on the abscissa for
spheroidized 4340, designated 1400 F in Table 3, was chosen to reflect the
strength of this material rather than a single treatment temperature. For K.
levels below 40 ksin/in. crack rate decreases continuously as tempering
temperature increases. For K., levels above 40 ksin/in. curves connecting

TABLE 3—Fuabrication of steel test specimens.

Alloy Composition, wt. %,

Alloy C Mn P S Si Cr Mo \Y Ni

4340.. 0.40 0.72 0.011 0.014 0.33 0.84 0.23 . 1.72
4330.. 0.34 0.50 0.012 0.011 0.22 1.15 0.58 0.13 3.08

Note—Heat Treatment
4340: Austenitize 1500 F for !/ h, oil quench; temper for 2 h at 200, 500, 1000,
and 1400 F (held at 1400 for 2 h, furnace-cooled to 1210 and held for 8 h,
then air-cooled; designated as Spheroidized 4340).
4330: Austenitize 1550 F for 2 h, oil quench; temper for 4 h, then water quench
at 600, 800, 900, 1000, 1050, 1200, 1275, and 1300 F.
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FIG. 3—Crack rates in center-cracked plate specimens of 4340 steel at several K levels
and C functions are plotted versus the tempering temperature. At high K levels these show
that minimum rates correspond to the 1000 F temper.

growth rates for the various heat treatments have a minimum in the rate at
about 1000 F. This minimum becomes more sharply defined as the K.«
level increases from 40 to 70 ksin/in. The accentuation of the minimum as
K., increases stems from the fact that the m exponents were not constant
but also reached a minimum value at 1000 F. For the 200, 500, 1000, and
1400 F treatments the m values [23] were 6.73, 3.29, 3.17, and 3.95, respec-
tively.

At the right in Fig. 3 the various C expressions are plotted as a function
of tempering temperature for the four heat treatments of 4340 steel. The
expression (E3K*?;.n)~!, where K*y, denotes fracture toughness values based
on specimens too thin to satisfy plane strain conditions [23], describes a
continuous decrease in growth rate with increasing tempering temperature, a
trend which agrees with the data for K. levels less than 30 ksin/in. For the
higher K levels the variation of observed crack rate with tempering tempera-
ture is in accord with the (ES,e)~? from McClintock’s model [/2] and the
(ES,K*1)" that we suggested. Both expressions describe the trend of the
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data from the 200 to the 1400 F condition, with a minimum in the rate at
about 1000 F. In plotting McClintock’s expression we have assumed that
the region of structural size, p, 1s independent of the treatment temperature.
If p is related to the substructure [//], this assumption may be invalid be-
cause the substructure would be influenced by the treatment. On the other
hand, if p is a function of the density of inclusions [/2], the assumption would
seem to be reasonable. The other expressions are either insensitive to the
property changes from the treatments, such as (E)=3-% or have the wrong
trend for describing these experimental results for the 4340 steel.

Our interpretation is that for this alloy the minimum crack rate is obtained
by minimizing either (ES,e)~? or (ES,K*1.)™! and that the dependence of
crack rate upon material properties is approximated by either expression,
with the latter being the more sensitive indicator. It is noteworthy that the
minimum in rate at 1000 F closely corresponds to the 1050 F temper, which
was referred to in discussing Fig. 1 as that temper providing the best com-
bination of strength and crack tolerance under static loads. As suggested by
the above expressions, for a given material, minimum crack rate should corre-
spond to the maximum product of tensile strength and true strain at fracture
or to the maximum product of yield strength and fracture toughness. Since
many product designs are concerned with elastic behavior and the prevention
of brittle fracture, we believe the latter expression should be used whenever
fracture toughness data are available. The criterion for optimum fatigue
crack resistance is thereby defined as the combination of high elastic modulus,
high yield strength, and high fracture toughness, the maximum product of
which should result in a low rate of fatigue crack propagation.

Optimization of Cracking Resistance for 4330 Steel

An additional test of the utility of (ES.¢) % and (ES,Ki.)™! in predicting
the fatigue crack growth resistance of a material is provided by some pre-
liminary data on a modified 4330 martensitic steel. The relation between
mechanical properties and tempering temperature for this grade differ some-
what from that of 4340 steel because of the difference in composition. The
alloy composition and the heat treatments used are shown in Table 3.

Specimens of modified 4330 steel were made from sections taken from a
large forging heat-treated prior to final machining. Plots of yield strength
and crack toughness, evaluated at room temperature, versus tempering
temperature are shown in Fig. 4. The yield strength, S, was evaluated at 0.1
percent offset and the crack toughness, K*y., was evaluated using the secant
load from specimens evaluated for compact tension in accordance with
ASTM Proposed Method of Test for Plane Strain Fracture Toughness of
Metallic Materials.* The symbol K*;. is used because the l-in. specimen
thickness was not sufficient for valid K. results for some of the test condi-
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FIG. 4—Yield strength and fracture roughness versus tempering temperature of modified

4330 steel. The parameter 10° [(ES,K*,.) appearing in the lower portion of this figure has a
minimum value ar abour 1100 F.

tions. This applies to the values for tempering temperatures higher than
1000 F. Each plotted point in this figure represents a single test result. The
circles represent valid results and the squares represent invalid results.

At the bottom of Fig. 4 is a graph of the quantity 10%/(ES,K*;,.) plotted for
E = 30,000 ksi and values of §, and K*;, obtained from the two upper
curves. The crosses show the range in this quantity at each temper. At
tempering temperatures over 600 F, the quantity decreases to a minimum at
about 1100 F and then rises sharply for tempers of 1200 F and higher.

In Fig. 5 are plots of ultimate strength S, and percent reduction of area
versus tempering temperature of the 4330 steel. Each plotted point represents
a single test result. At the bottom of the figure is a graph of the quantity
10'3/(ES.¢;)?, representing the C expression from the McClintock model,
plotted for £ = 30,000 ksi and values of S, and ¢; = In [1/(1 — RA)] obtained
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from the two upper curves. The crosses show the range in the quantity at each
temper. At tempering temperatures over 600 F, the curve rises somewhat,
falls to a minimum at about 1100 F, and then rises sharply for tempers of
1200 F and higher.

The variation of these two functions of the static test results with tempering
temperature in the 4330 steel is similar to that for the 4340 steel, but in this
case their minimum values correspond to about an 1100 F tempering tem-
perature. This variation suggests that optimum fatigue crack resistance is to
be obtained by tempering the 4330 steel at about 1100 F. A test of this predic-
tion is provided by data taken in zero-to-tension loading of ASTM compact
tension specimens of 1-in. thickness at 5 cycles per second (Fig. 6).
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Fatigue Crack Rate in 4330 Steel

Values of da/dN from the ASTM compact tension specimens at K., levels
ranging from 30 to 80 ksin/in. are indicated by different symbols in Fig. 6.
Data are not yet available for the 1100 F temper, but it appears from the
graph that minimum crack rates will be found between 1050 F and 1150 F.
Rates on either side of this range, especially for K., levels of 50 ksin/in.
and higher, are greater than the values measured at 1050 F temper. (Data
obtained subsequent to paper submission show that the minimum in crack
rates corresponds to 1125 F tempering temperature, see Table 4.)

TABLE 4—Crack growth rate of 4330 steel, 1125 F tempering temperature.

Crack Rate, in. /cycle, at Ky =

K*1o, S, S. RA,
ksin/im. ksi  ksi % 30 40 50 60 70

122.0 153.0 162.0 49.8 12.6 X 107¢ 39.5 X 10~¢ 60 X 10~¢
129.0 150.9 157.9 55.3 8.4 X 107¢ 21.0 X 107¢

Most of the data represent room temperature results. Performance at low
temperatures is also important and some results are shown for the 1050 F
temper at —40 and — 65 F achieved by immersion of specimens in alcohol and
dry ice. These low-temperature crack rates do not differ greatly from the
room temperature values for this temper. This finding could be of special
importance because it indicates that optimizing crack rate through control
of room temperature mechanical properties may also serve to provide good
crack growth resistance at other test temperatures, an observation suggested
earlier in discussing Fig. 1 for 4340.

The curves in Fig. 6 were constructed from equations expressing the
expected form of crack rate versus tempering temperature for various K levels
in the 4330 steel. The equations are used to illustrate the expected trends in
this case because the 4330 data are incomplete. The solid curves represent
the McClintock model expression da/dN = 70 (ES.e) 2Kax*. The exponent
m = 4 is specified by the model, and the constant 70 was obtained from the
average crack rates at K levels of 50 and 60 ksi4/in. for the 1050 F tempering
temperature. The dashed curves represent the equation da/dN = 0.020
(ES,K*1) 1 K,x®5. The exponent m = 3.5 was selected because this is the
average for the data shown in Fig. 2. The constant 0.020 was obtained from
the average crack rates at K,,.. levels of 50 and 60 ksin/in. for the 1050 F
tempering temperature.
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These curves and the data indicate that tempering temperature has little
effect on growth rate for K. levels below 40 ksi4/in.; consequently, test
results at relatively high K levels will be required to evaluate the effects of
various treatments on crack rate. Comparison of the curves with the data
indicates that both equations are in reasonable accord with the data in the
tempering range from 1050 to 1300 F and that a minimum in rates is evident
at about 1100 F. The equation from McClintock’s model predicts the high
crack rates experienced in the tempering range from 800 to 900 F, while the
equation we propose does not. It may possibly be the case that some speci-
mens tempered in this range incurred temper embrittlement and that this is
reflected more strongly by (S.¢;)~2 in the former expression than by (S, K*1.)!
in the latter expression. The latter has a somewhat better agreement with
measured crack rates at the low temper of 600 F and at the higher tempers
from 1050 to 1300 F.
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Completion of more tests at higher K levels for the appropriate tempers
will undoubtedly aid the interpretation of this comparison. Our purpose here,
however, is not to present completed experimental results but rather to illus-
trate and test a concept for optimizing fatigue crack resistance.

Summary

This study supports the view that for certain levels of the stress intensity
factor K the fatigue crack resistance of a material is related to other mechani-
cal properties. Data representing 4340 and modified 4330 steel show that for
Kax Jevels below the range of 30 to 40 ksin/in. substantial differences in
mechanical properties, resulting from tempering at different temperatures,
have little influence on crack growth rate. However, for K..x levels greater
than 40 ksiv/in., useful indexes of crack growth rate are provided by the
parameters (ES,K:,)™! and (ES,e)~%, where E is Young’s modulus, S, is
yield strength, S, is tensile strength, ¢ is the true strain at fracture, and K.
is the plane strain fracture toughness.

At high K levels the optimum fatigue crack resistance, namely the minimum
fatigue crack growth rate, is provided by tempering 4340 and modified 4330
steel at temperatures of 1000 F and 1100 F, respectively. The condition for
minimum fatigue crack rate may be predicted from static test results for these
alloys from the variation of the quantities (ES,K*1.)~! and (ES.e)~? with
tempering temperature. It is hoped that other investigators find these expres-
sions useful for other metals and alloys as well.
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ABSTRACT: A review is made of the available information on thermomechanical
processing of aluminum alloys, especially with respect to their fatigue behavior.
An attempt is made to evaluate from the scarce and sometimes contradictory
experimental evidence the possibility of improving the fatigue resistance of high-
strength aluminum alloys by these treatments. To do so, it is also necessary to
review the important microstructural features and deformation characteristics of
these alloys, which seem to control the various stages of fatigue, and which may
be influenced by the thermomechanical treatments. The discussion is limited to
thermomechanical treatments subsequent to solution annealing. 1t is concluded
that suitable processing offers the advantage of improving both strength and
ductility in Al-Cu and Al-Zn-Mg-Cu alloys. If the effects of inclusions can be
minimized, significant benefits are possible in fatigue, at least in Stage I crack
resistance, by thermomechanical processing.

KEY WORDS: mechanical properties, fatigue (materials), fatigue tests, de-
formation, aluminum alloys, evaluation, microstructure, process variables, heat
treatment

For aluminum alloy applications in aircraft structures the problem of
fatigue response is second in importance only to stress corrosion; thus, there
exists a considerable impetus to improve the fatigue resistance of these alloys.
In the past, aluminum alloy development has concentrated successfully on
the achievement of high static strength, but has resulted in little improvement
in fatigue properties. At present, there seems to exist no well-defined ap-
proach to improve the fatigue resistance by compositional changes. Another
approach to the problem of fatigue improvement is the use of thermo-
mechanical treatments. It is the object of this paper to review the possibilities
of applying this approach to the age-hardened aluminum alloys.

t Materials research engineers, Air Force Materials Laboratory, Wright-Patterson Air
Force Base, Ohio 45433.
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Thermomechanical processing can be conveniently divided into two classes
—high-temperature and low-teniperature processing. High-temperature
thermomechanical processing may be defined as working in or near the re-
crystallization temperature range to achieve a hot-worked structure which is
largely retained during the subsequent thermal treatments for age-hardening
alloys and which will interact with the aging processes. The improved fatigue
strength of extrusions of certain aluminum alloys is an example of the possible
beneficial influence of high-temperature thermomechanical processing [/, 2].2
The avoidance of recrystallization when working at low and medium tem-
peratures necessarily limits the temperature for subsequent thermal treat-
ments. For age-hardening aluminum alloys, low-temperature thermo-
mechanical processing is usually applied after solution annealing and is
characterized by working prior to or during the aging cycle. At present, low-
temperature working after solution annealing and quenching is predominantly
done for dimensional control rather than for the achievement of a suitable
microstructure, and it appears worthwhile to exploit the low-temperature
processing in this latter respect.

To develop fatigue-oriented thermomechanical treatments for age-harden-
ing aluminum alloys it is at first necessary to consider the various processes
that participate in the development of fatigue damage, to examine the in-
fluence of the existing microstructure on each of the stages involved, and to
isolate from this evidence the important features which appear to control each
stage. It is further necessary to understand the structural conditions basic to
high-strength, age-hardened aluminum alloys and to know their deformation
characteristics. This task will be attempted in the next section. The published
information on thermomechanical treatments of age-hardened aluminum
alloys is very scant and sometimes contradictory. What is available and
relevant will be discussed in the section on thermomechanical processing. It
will beconie apparent that most of the work concerned with thermomechani-
cal processing of aluminum alloys hardly explores the full potential of this
method, which lies in the possibility of changing the common strength-
ductility relationship. Such a change probably reflects significant alterations
of the strengthening and deformation mechanisms and should affect both
static and dynaniic properties.

Age-hardening, Deformation, and Fatigue

Vast efforts have been devoted to research and development of age-hard-
ened aluminum alloys and several extensive reviews of this subject are avail-
able [3-7]. Since the behavior of the age-hardened aluminum alloys during
thermomechanical processing depends on both the decomposition reactions

2 Jtalic numbers in brackets refer to the list of references at the end of this paper.
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and the deformation mechanisms, a thorough understanding of both is a
necessary prerequisite. Obviously, however, such a detailed review is outside
the intent of this volume and only a brief summary of the most salient points
will be made here. An extended review by the present authors can be found
elsewhere [8].

It has been found that for most alloys, the observed age-hardening phe-
nomena are based on nonequilibrium decomposition reactions involving one
or more, often sequential, steps. In general, the type and kinetics of decom-
position reactions of a supersaturated alloy matrix depend strongly on tem-
perature. At or near room temperature, decomposition of aluminum-copper
(Al-Cu) and aluminum-zinc-magnesium (Al-Zn-Mg) alloys proceeds by the
formation of Guinier-Preston (G-P) zones. Yield and ultimate strength values
increase with aging time, and fracture elongation remains relatively un-
affected [6, 9, 10). G-P zone formation (the “‘natural aging” process) can also
occur at elevated temperatures prior to the onset of precipitation or “artificial
aging.” The presence of inflection points in the age-hardening curves may be
cited as evidence of this [9]). In contrast to aging by coherent G-P zone
formation, artificial aging is characterized by precipitation of “intermediate”
phases that are generally semicoherent with the matrix and may constitute a
transition phase to the equilibrium precipitate phase. Artificial aging pro-
duces higher strength characteristics and is generally accompanied by a pro-
nounced increase in yield strength to ultimate strength ratio and by a signifi-
cant loss in fracture elongation.

The aging reactions and structural changes during aging depend strongly
on the alloy system and alloy composition. In the following paragraphs a
brief description is given of the reactions occurring in the Al-Cu and Al-Zn-
Mg systems, since these two systems form the bases of the commercial heat-
treatable alloys of interest here. It will be shown in the section on processing
that the different responses of these two alloy systems to thermomechanical
treatments are a direct result of differences in precipitation behavior.

In the aluminum-copper alloys [3-5, 1/-13], hardening during natural aging
is caused by G-P I zones, which form spontaneously after quenching at room
temperature and can already be detected by X-ray diffraction techniques after
only 15 min of aging. G-P I zones can exist at temperatures below 200 C al-
though their numbers decrease above 130 C. Depending on the model de-
rived from X-ray diffraction, G-P [ zones are segregations of one [/4, 15]or a
few [7, 16] layers of copper atoms on {100} matrix planes in complete co-
herence with the aluminum lattice. The lateral size of the zones depends on
aging temperature and ranges from 40 A at room temperature to 100 A at
130 C 3, 14, 15, 17].

Artificial aging involves the following decomposition sequence: solid solu-
tion — §’ — ¢’ — 0 (CuAly), although the various stages are overlapping. In the
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highest strength condition Al-Cu alloys are essentially strengthened by 6"
[18] and much less by 6’, while the stable 6 phase is relatively unimportant for
age hardening. However, the fraction of ¢’ relative to the total of the decom-
position products increases as the aging temperature approaches the limit of
existence of 6.

The structure of 6’ is not fully known but it is characterized by a periodic
stacking of monatomic copper layers parallel to the cube face of the aluminum
matrix with which it is completely coherent [/9]. The 6" particles have a
thickness to diameter ratio of 1:10, and at 150 C they obtain thicknesses of
10 to 40 A [16, 20). The ¢ platelets are coherent on {100} matrix faces and
have a diameter of 1000 A and a thickness of 100 to 300 A during aging at
200 C {21, 22] but grow to larger dimensions at higher aging temperatures.

In the Al-Zn-Mg system two types of G-P zones have been observed during
natural aging depending on the Zn: Mg ratio [23, 24]. Both types of zones
have an arrangement of Zn and Mg atoms such that the overall atomic size
misfit is minimized and the zones take on a spherical shape. The lattice distor-
tions limit the size of G-P zones in the Mg-rich alloys to less than 50 A. At
aging temperatures above 100 C the zones start to disappear [24, 25, 26, 27]
and revert completely at 175 C.

At temperatures above room temperature the decomposition process is
characterized by the formation of z(MgZn,). Hardening appears to be related
to the intermediate phase »” or the nuclei of the 5 phase [24, 26-33]. The »’
phase is coherent with the lattice on {111} planes and has a platelet shape.
The n phase forms from the 4’ phase after loss of coherency but retains the
original orientation relationship.

There is a discrepancy between X-ray diffraction and electron microscopy
observations regarding the existence of G-P zones and their importance for
hardening during artificial aging. To reconcile the disagreement it has been
suggested [5] that the apparent G-P zones observed by transmission electron
microscopy [3/, 33] during aging at or above 120 C are either nuclei of the
n phase or the initial stage of »” formation. It appears that the maximum
hardness obtained above room temperature is essentially caused by »” or an
early stage of 4 phase formation, which 1s in agreement with the previously
mentioned aging phenomena [9] at elevated temperatures, for instance,
inflection points in the age-hardening curves, decrease of fracture elongation.

Plastic deformation in these age-hardened aluminum alloys i1s markedly
nonhomogeneous. Aging inhomogeneities lead to the formation of precipi-
tate-free zones along grain boundaries, and slip will therefore concentrate
into these regions [3/]. However, in addition to slip concentrations resulting
from the presence of precipitate-free zones, slip may also be concentrated
by precipitate-dislocation interactions. In order to become active a dislocation
source must first shear through the existing precipitate structure. Once
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sheared, the second-phase particles offer considerably less resistance to dis-
location motion. It is therefore energetically favorable for the following
dislocations to remain on these same glide planes than to initiate elsewhere
in the matrix.

Most of the fundamental studies of plastic deformation in age-hardened
aluminum alloys have been done on the relatively simple Al-Cu system
[34, 35]. However, the work of Speidel [36] and Jacobs [37] shows that the
same influences exist in commercial SAE 7075.

It is well known that the fatigue strengths of high-strength, age-hardened
aluminum alloys are inherently poor in relation to their static strengths. Un-
fortunately, however, the relationship between the fatigue processes and the
microstructure in these alloys is not clearly understood owing to the com-
plexity of the metallurgical structure and the fineness of the precipitate
(approaching the limit of resolution of the electron microscope). In addition,
if the aluminum alloys are considered in general, it will be seen that while the
static strengths show considerable variations, the fatigue strengths remain
fairly constant, particularly in the notched condition [38]. This suggests that
a relationship between static and dynamic behavior is not straightforward
but must be sought by more subtle considerations.

The poor performance of the aluminum alloys in fatigue has generally been
attributed to the presence of ““soft’ regions at grain boundaries and through-
out the matrix in which the fatigue deformation can take place. The precipi-
tate-free zones along grain boundaries are formed by solute or vacancy de-
nudation, while the formation of these zones within the matrix has been
attributed to either overaging [39, 40] or reversion {41, 42] taking place during
the cyclic stressing. Recently Laird and Thomas {43] have demonstrated that
these soft matrix regions can exist prior to cycling as a result of aging inhomo-
geneities. Some care should be exercised, however, in extrapolating the
observations from simple laboratory-prepared binary and ternary alloys to
commercial alloys in which precipitate-free zones are less marked, presumably
due to the beneficial nucleating effects of the impurity and trace elements
present.

From a review of the general mechanisms of fatigue,® and of some specific
aspects of fatigue of aluminum alloys, one may attempt to isolate the impor-
tant features controlling the development of each stage of fatigue of age-
hardened aluminum alloys in two categories: microstructural features and
fundamental deformation characteristics. We have attempted to do this in
Table 1. Obviously, the whole fatigue process will be influenced by such
external conditions as stress range and environment for example, but these
considerations are outside the intent of the table. Likewise, the influence of

3 For a review of the basic mechanisms of fatigue, see paper by Feltner and Beardmore,
pp. 77-112.
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surface condition has not been considered in the initiation stage. In cases
where a single feature may influence more than one stage of the fatigue
process (as in the case for inclusions, for example), we have tried to indicate
its most critical influence.

TABLE 1—Correlation of fatigue stages with microstructure
and deformation characteristics.

Fatigue Microstructural Fundamental Deformation
Stage Features Characteristics
Initiation. . .. ........ heterogeneities (inclusions, pre- slip mode, cyclic elastic limit
cipitate-free zones) (high-cycle fatigue)

grain boundaries
Stage I propagation. . .cell structures slip mode

slipband formation dynamic recovery

grain size (high-cycle fatigue) homogeneous deformation
Stage 1l propagation. . hardness heterogeneities gross plastic behavior (work

hardening capacity, ductility,
fracture toughness)

In the commercial aluminum alloys [44] inclusions are known to play a
dominant role in crack nucleation. Their importance in nucleation probably
relates to three factors: in the first place, a hard inclusion can act as a stress
concentrator thereby localizing deformation in much the same way as a
notch; secondly, debonding may occur along the inclusion-matrix interface;
and thirdly, the relative brittleness of intermetaliic compounds allows the
possibility of precracking during forming operations. In addition to their
effect on nucleation, inclusions can also increase the rate of Stage Il propaga-
tion by nucleating cracks ahead of the main advancing crack [45, 46].
Grosskreutz et al [47} have also demonstrated the importance of inclusions
by a laboratory-prepared, inclusion-free 2024 alloy. Their results showed
significant improvements in the fatigue strength of this alloy over the normal
2024. Similar improvements had been reported earlier by Brenner [48].

The recent work of Feltner and Laird [49, 50, 51] has reemphasized the
importance of slip mode on the development of fatigue cracks. Materials
with a planar slip mode show inherently better fatigue properties than those
materials exhibiting wavy-type slip. In planar slip matenals the lower stack-
ing fault energy inhibits the ease of cross slip and, by preventing the formation
of sharp surface discontinuities, extends the initiation and Stage 1 phases of
crack development. The apparent sharpness of slip observed on the surface
of deformed aluminum alloys [34, 37] is deceptive and does not mean that
the aluminum alloys deform by a planar slip mode. Detailed transmission
electron microscopy studies [36] reveal that these bands consist of dense
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patches of very short dislocations indicative of a large amount of localized
cross slip within the bands. This localization of slip possibly results from
difficulties in initiation, as described earlier in this section.

It is also worthwhile to elaborate on what we have termed the cyclic elastic
limit. For fatigue damage to accumulate, plastic deformation must occur, at
least on a local scale. There is a tendency to overlook the microplastic strain-
ing that takes place below the conventional 0.2 percent yield stress. Its im-
portance in high-cycle fatigue can be readily seen by the fact that the endur-
ance limit (108 cycles) of most high-strength aluminum alloys occurs below
the 0.2 percent yield stress, even in high-purity alloys where inclusions would
not dominate. Clearly, then, these microstrains are still sufficient to build up
enough damage to initiate and propagate a fatigue crack. It follows that an
increase in the 0.2 percent yield stress without an equivalent increase in the
true elastic limit will not result in improved fatigue strength. This may per-
haps explain the similarities of the fatigue strengths in age-hardened alumi-
num alloys.

It is also necessary to consider the variation of the elastic limit with cyclic
deformation, that is, cyclic strain hardening (or softening). In materials show-
ing a high rate of work hardening, the mobile dislocations are rapidly pinned
and the elastic limit will increase. This is also important in explaining the
improved fatigue performance of materials in which cross slip is difficult.
Confining dislocations to their original glide planes would be of no advantage
unless the dislocations could be locked (and in so doing, tend to deactivate
the source). It is interesting to note here, too, that the aluminum alloys show-
ing the highest fatigue ratio, that is, the ratio of endurance strength to ultimate
strength, are the alloys capable of showing strain aging [40]. Here the cyclic
elastic limit could be expected to be relatively high.

In Stage I crack propagation the controlling factor becomes essentially the
degree of homogeneity of deformation. A highly heterogeneous deformation
structure (slipbands, cell walls) will provide paths along which Stage I growth
will be facilitated. In this view, a material capable of a high degree of dynamic
recovery would be expected to behave poorly in fatigue, since the recovery
accelerates the formation of intense cell walls.

It is important here to distinguish between homogeneous structure and
homogeneous deformation. The production of a more homogeneous struc-
ture in the age-hardened aluminum alloys will not be of any benefit in fatigue
unless the accompanying deformation is also homogenized. The structure
must be stable enough to resist reversion or overaging that could again lead
to localized softening.

In Stage 1I crack propagation, attempts to relate the behavior to micro-
structural details have not been too successful because of the gross plastic
yielding taking place immediately ahead of the advancing crack. However,
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heterogeneities such as precipitate-free zones and inclusions will influence the
crack growth by providing preferential sites. Most empirical equations for
Stage II crack growth have attempted to relate the process to the parameters
listed, and these are essentially the parameters that influence the plastic be-
havior of the material (see, for example, Refs 52 and 53). The exact relation-
ship is, however, still far from clear, the main problem being to engineer
definitive experiments in which the parameters can be independently varied.

The value of a table such as that given here must lie in its ability to point
the way towards improvements in the fatigue performance of the material
being considered. From the analysis shown here, it would appear that a good
place to concentrate a fatigue improvement effort for the aluminum alloys
would be on the parameters controlling Stage I crack growth. This stage de-
pends essentially on the degree of heterogeneity of the microdeformation,
and, if techniques such as thermomechanical processing are to be successful
in improving fatigue strengths, this is the aspect they must improve.

Thermomechanical Processing

The discussion of thermomechanical processing in this section is limited to
low-temperature processing as defined in the introduction. The temperature
range required for mechanical working and heat treatments comprises tem-
peratures up to common aging temperatures that do not induce recrystalli-
zation. Most of the available information on low-temperature thermo-
mechanical processing effects, however, is concerned with working at room
temperature.

In general terms, any combination of mechanical deformations and thermal
treatments during the final processing of age-hardened aluminum can be
considered thermomechanical processing. In this respect the common
straightening or mechanical stress-relieving operations, which involve only a
few percent of plastic deformation prior to natural or artificial aging, must
be regarded as thermomechanical treatments, although the influence of such
operations on the mechanical properties is generally negligible. A well-known
exception are the alloys of the Al-Cu system, which respond to deformations
prior to artificial aging with considerable strength increases. For example, the
yield strength of 2024-T6 aluminum can be increased from 57,000 to 71,000
psi by a 6 percent cold reduction between solution annealing and artificial
aging [54]. A thermomechanical treatment of this type, which derives some
strength benefits from the working operation, has been given the T8 temper
designation.

The high-cycle fatigue properties of many commercial age-hardened alumi-
num alloys in various tempers, including the T8 temper condition, have been
obtained and reviewed by Lyst [55]. The data reveal a total lack of sensitivity
of the fatigue strength of both smooth and notched specimens to the thermo-
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mechanical T8 treatment. More recently, however, Krause and Laird [56]
have found a considerable improvement of the fatigue strength of a high-
purity, binary Al-4Cu alloy, which was swaged 31 percent after solution
annealing and quenching. They showed that the improved fatigue resistance
was clearly above the band of data for conventionally treated aluminum
alloys. The data of Krause and Laird are reproduced in Fig. 1. The striking
similarity between the S-N curves of the materials in the aged and unaged
conditions was interpreted in terms of two competing mechanisms: in the
unaged condition the strength was caused by solid-solution strengthening,
which was almost precisely balanced by the strengthening effects of the pre-
cipitate phases in the aged condition where the solute atoms were drawn from
solid solution. 1t appears likely, however, that natural aging and possibly
strain aging will also be of some influence in the unaged conditions.

The results of Krause and Laird for the high-purity Al-Cu alloy are signifi-
cant enough to consider the microstructural and deformation characteristics
of the thermomechanically treated material in greater detail. The effects of
deformation on the aging reactions in binary Al-Cu alloys and the qualitative
relationship between the resulting microstructure and static strength proper-
ties appear to be well understood [56—63]. The uniform dislocation structure
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after a few percent of plastic deformation of solution-annealed and quenched
Al-Cu alloys helps to overcome the nucleation difficulty of the 8’ phase and
induces a uniform distribution of small & platelets during artificial aging.
The rate of ¢’ formation is decreased due to the reduction of thermal
(quenched-in) vacancies by the deformation-induced dislocation structure.
The increase in strength properties by this thermomechanical treatment can
be safely attributed to the higher density of fine #’ platelets in the structure,
which at the same time should be more stable than the 8”’-hardened structure.
The same observations have been made on commercial alloys of the Al-Cu-
Mg system although the details of aging of commercial alloys are not as well
documented as for the binary Al-Cu alloys. A comparison of the structures
of 2024-T6 and T8 alloys shows that the S’ phase becomes much more uni-
formly distributed, finer, and more numerous when the alloy is deformed
prior to artificial aging [54].

Deforming the solution-treated Al-Cu alloys by more than about 15 percent
produces dense bands of dislocations in addition to the general dislocation
distribution. These bands of highly disturbed lattice serve as nucleation sites
for the stable § phase. Graf [60] and von Heimendahl [58, 59] have shown
that an inversion of the usual precipitation sequence can occur after large
deformations, that is, the stable 6 phase can form prior to the intermediate ¢’
phase. The microstructure of Krause and Laird’s thermomechanically treated
Al-Cu alloy should therefore contain uniformly distributed 6’ and possibly
8 particles in deformation bands, whereas the microstructure of convention-
ally heat-treated Al-Cu material should primarily reveal a high density of
zones of #'. A further important distinction of the thermomechanically
treated Al-Cu alloy is the absence of aging inhomogeneities [56], which are
commonly found in conventionally heat-treated, high-purity alloys as de-
scribed in the previous section.

The presence of some dispersed 6 particles in Krause and Laird’s Al-Cu
material cannot explain its superior fatigue properties relative to the com-
mercial 2024-T86 data from Lyst’s work. Moreover, aging inhomogeneities
appear to play a minor role in commercial materials and should be remedied
anyway in 2024 aluminum by the T86 treatment. It is likely, then, that an
explanation for this difference in fatigue response of the high-purity Al-4Cu
and the commercial 2024 alioys to thermomechanical treatments of the T8-
type can be found in the overriding detrimental influence of inclusions in
commercial material. Work is in progress at the Air Force Materials Labora-
tory to determine the fatigue properties of a thermomechanically treated,
high-purity 2024 aluminum alloy.

The work of Krause and Laird suggests another important effect of the T8-
type thermomechanical processing. The strength increase of comimercial 2024
aluminum between the T6 and T86 condition is generally accompanied by a
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decrease of elongation to fracture. This behavior would be expected from the
commonly observed inverse strength-ductility relationship, which also applies
to age-hardened aluminum alloys [48]. While Krause and Laird did not report
fracture elongation, the reduction-in-area values indicate a significant increase
in ductility for the thermomechanically treated alloy despite the considerable
strength increase. This effect may partly be attributed to the lack of aging
inhomogeneities in the latter condition and partly to a change in the deforma-
tion characteristics. As described in the previous section, Al-Cu alloys as
well as other age-hardened aluminum alloys deform in a pseudoplanar mode
and exhibit large and straight, narrow slip steps at the surface. In contrast to
this behavior, Krause and Laird [56] found homogeneous slip with a wavy
slipband appearance at larger deformations of thermomechanically treated
foil of the same Al-Cu alloy. Perhaps the larger degree of cold-working
(30 to 50 percent) in the case of the high-purity Al-4Cu alloy was responsible
for this increased ductility and the apparent change in deformation charac-
teristics.

McEvily and co-workers [64, 65] provide some further aspects of this T8-
type of thermomechanical processing. Precipitation of the intermediate phase
8 in Al-Mg alloys is difficult and heterogeneous [4, 66]. Precipitate-free zones
at grain boundaries in Al-Mg alloys have been related to the propensity to-
wards intercrystalline, brittle fracture. Investigating a binary Al-10Mg alloy
which was cold-worked 50 percent prior to aging at 200 C, McEvily et al {64]
found improved static strength and fatigue resistance and a change in fracture
mode from brittle intercrystalline to more ductile transcrystalline fracture. A
similar change in fracture mode was also observed for an Al-Zn-Mg alloy
when cold-worked 50 percent prior to aging at 121 C [65]. In this case, the
precipitate-free zones at grain boundaries were not entirely removed, instead
the grain boundaries became strongly jogged. Due to the cold-working opera-
tion there was a small improvement of tensile strength values (about 5 percent)
and fatigue resistance of the Al-Zn-Mg alloy, but contrary to the behavior
of the thermomechanically processed Al-10Mg alloy, the fracture elongation
was less in the T8 than in the T6 condition. In both instances the microstruc-
tures became more homogeneous after working and aging by providing
nucleation sites at dislocations for the formation of 8’ and » in the binary
and ternary alloys, respectively. These examples of thermomechanical proc-
essing effects serve to illustrate the further possiblity of changing the mode
of fracture from brittle to more ductile fracture. On the other hand, it be-
comes apparent that this route of thermomechanical processing does not
invariably produce improved properties, but that the type of alloy with its
characteristic aging behavior must be considered individually.

In comparison with Al-Cu alloys and their commercial modifications the
Al-Zn-Mg and Al-Zn-Mg-Cu alloys do not respond favorably to the T8 treat-
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ment. This behavior has been attributed to the fact that they harden by zone
formation, which is apparently not affected in the same way by the presence
of dislocations as the semicoherent, intermediate phases [54]. If one accepts,
however, the other view (see preceding section) that age-hardening at standard
T6 aging temperatures (110 to 135 C) is predominantly caused by the forma-
tion of fine and rather uniformly distributed intermediate phases, such as
7" (M), then another explanation has to be sought. It is known that " phases
can nucleate on dislocations [67]. In the absence of dislocations, however, 5’
appears to precipitate rather uniformly, and after aging to maximum hardness
at 120 C, it is barely resolvable in the electron microscope. The distribution
of @ in the T6 condition is much less uniform than that for 5’. Therefore, the
effect of deformation prior to aging on the size and distribution of 5’ will be
small, but considerable in the case of ¢'. Furthermore, since the strength
values of Al-Zn-Mg-Cu alloys are not significantly different after T6 or T8
treatments, the effect of strengthening by work hardening is either lost or
counterbalanced by a loss of age-hardening capacity. The transmission elec-
tron micrograph in Fig. 2 of commercial alloy 7075-T86 which was strained
6 percent in tension prior to aging at 250 F (120 C) indicates that some re-
covery may have occurred during aging. According to Averbach [68] the Laue
diffraction spots from a cold-worked Al-Cu alloy become sharper during
precipitation heat treatment, indicating that recovery has taken place. Further

FIG. 2—Transmission electron micrograph of the structure of aluminum alloy 7075 bar
that was stretched 6 percent after quenching and aged 24 h at 120 C (T86 condition X 25,500).
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work is evidently necessary to establish the relative contributions to strength
from work hardening and age-hardening for the T8-type treatments.

Low-temperature thermomechanical processing, however, offers a broader
and more sophisticated scope of treatments than discussed above. Partial
aging of the material after solution annealing and quenching should influence
the dislocation structure resulting from a cold- or warm-working operation
and should retard recovery processes during final aging. The complex aging
sequences of aluminum alloys, which were discussed in the previous section,
and the various interaction mechanisms of dislocations with existing decom-
position products offer a multitude of thermomechanical treatment possi-
bilities.

The available information on this route of low-temperature thermo-
mechanical processing is scant. Some work on the effects of simultaneous de-
formation during aging on the kinetics of ¢’ precipitation in Al-Cu alloys has
been reported in the recent literature [6/, 62] and has revealed, surprisingly,
that & precipitation is retarded under simultaneous creep deformation, where-
as it is accelerated if deformation occurs prior to aging. This retardation of
# precipitation was interpreted in terms of dislocation loops around existing
¢’ particles, which trapped Cu atoms and released them only after climbing
over the precipitate particle. However, no evidence was furnished on the
resulting strength, ductility, and deformation characteristics.

On the other hand, work performed at the Air Force Materials Laboratory
[69] indicated interesting property changes of commercial 7075 aluminum
alloy, when the aging treatment was interrupted by cold working. A more
detailed investigation by F. G. Ostermann into these treatments is presently
being conducted at AFML, and a comprehensive description of the results
has to await the completion of this project. This route of thermomechanical
processing is highlighted by the static properties reported in Table 2.
The increase in yield and tensile strength of the same 7075 bar would not be
too significant if it were not for the simultaneous increase of fracture elonga-
tion. An explanation for these results is speculative at this point. From the
transmission electron micrograph in Fig. 3 of a specimen of 7075 treated to
the TX condition, one observes a much more uniform distribution of dis-
locations when compared with the structure of 7075-T86 alloy in Fig. 2.
This difference in dislocation structure indicates a lower degree of recovery
during final aging or lesser dynamic recovery during working in the 7075-TX
material, which is undoubtedly caused by the precipitation structure present
in the underaged condition. The increased strength values of 7075-TX alloy
may thus be explained in terms of strengthening by retained work hardening.
It is also conceivable that a uniform dislocation structure may permit more
homogeneous deformation to occur, which should benefit ductility. Quite
recently, similar results have been reported by Conserva et al [70] for ternary
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FIG. 3—Transmission electron micrograph of the structure of aluminum alloy 7075 bar
deformed at room temperature during an interrupted aging treatment (X 25,500).

Al-Zn-Mg alloys that had been deformed between low-temperature aging and
subsequent high-temperature aging treatments. The dislocation structures ob-
tained by these workers are very similar to those in Fig. 3 for the thermo-
mechanically treated 7075 alloy.

TABLE 2—The effects of thermomechanical processing of 7075 bar.

0.29 Yield Ultimate Tensile
Strength, Strength, Elongation,
Treatment ksi ksi % in 1 in.
T6. ... ... ... 69.3 79.8 13.3
TMT-TX. ....... 80.5 84.1 16.4

As is known from ferrous metallurgy, thermomechanical processing has
the potential to improve both strength and ductility, and the results given in
Table 2 indicate as much for the age-hardened aluminum alloys. Supporting
evidence of similar results for alloys of the Al-Cu system has recently been
obtained by others.* The observed improvement of strength and ductility
suggests that the above-described thermomechanical treatments may bring

1 Private communication with E. Gold, Aeronutronic Division, Philco-Ford Corp.,
Philadelphia, Pa.
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about a change of the deformation characteristics in addition to providing
the beneficial features of the T8-type treatment. Whether this change is sig-
nificant, and in the desirable direction to improve the fatigue processes,
remains to be shown.

Low-temperature thermomechanical processing of age-hardened aluminum
alloys hence provides improvement of strength and ductility; and, where
fatigue resistance is strongly affected by microstructural inhomogeneities, im-
proved fatigue strength can be achieved. There appear to be indications
which suggest that, apart from improving the microstructural homogeneity,
plastic deformation may also become more homogeneous.

Conclusions

Apart from the important effects of inclusions, perhaps the most charac-
teristic feature related to fatigue crack initiation and Stage I propagation in
age-hardened aluminum alloys is the inhomogeneity of deformation. Non-
homogeneous deformation has been considered an important factor in the
fatigue cracking of other metals and alloys, but the problem appears to be
more acute for age-hardened aluminum alloys. The observed phenomena of
soft, precipitate-free zones at grain boundaries and within the matrix, and of
reversion and overaging during cyclic stressing are one part of the problem.
The other part appears to be nonhomogeneous deformation of an otherwise
homogeneously age-hardened matrix, which is related to both the difficulty
of slip initiation and the relative ease of slip propagation.

Thermomechanical processing will provide a possibility for preventing
aging inhomogeneities and the associated phenomena of reversion and over-
aging by introducing nucleation sites for more stable precipitate phases.
Proper thermomechanical treatments may also provide the opportunity for
obtaining more homogeneous deformation by facilitating slip initiation
throughout the matrix and perhaps by inhibiting slip propagation. The effects
on the fatigue stages of strain hardening introduced during the mechanical
processing step and retained, at least in part, during the subsequent aging
treatments have hardly been studied. While there are indications for the
beneficial effects of thermomechanical treatments on the behavior of alumi-
num alloys during Stage I cracking, virtually no information has been gener-
ated regarding the effects on notch sensitivity and crack propagation.

It is realized that thermomechanical processing of aluminum alloys will
often be impractical or expensive and cannot be regarded as a substitute for
further alloy development. On the other hand, the possibilities of thermo-
mechanical processes, which involve a multitude of interrelated parameters,
have hardly been explored enough to establish the limitations.
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DISCUSSION

Alfred Fox! (written discussiony—The authors are to be commended for a
real contribution toward providing a better understanding of processes which
improve the fatigue strength of metals. At Bell Telephone Laboratories we
have been studying the effect of combining extreme cold work and low-
temperature heat treatment on the fatigue strength of Copper Alloy 510
(5 percent tin phosphor bronze) strip. We have been able to achieve in this
widely used spring material significant increases in the 0.01 percent offset
yield strength, good stress relaxation properties, and an improvement in the
fatigue strength at 10® cycles of approximately 20 percent over that of unheat-
treated hard temper material having the same thickness and grain size. While
the ductility was significantly reduced by the extreme cold work, the subse-
quent low-temperature heat treatment restored it to a level satisfactory for
many spring applications.

This work, as well as our own unpublished work, shows that processing
can do much to improve significantly a metal’s fatigue strength.

! Bell Telephone Laboratories, Murray Hill, N. J. 07974.
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Surface Treatments for Fatigue
Strengthening™

REFERENCE: Benson, D. K., ““Surface Treatments for Fatigue Strengthening,”’
Achievement of High Fatigue Resistance in Metals and Alloys, ASTM STP 467,
American Society for Testing and Materials, 1970, pp. 188-208.

ABSTRACT: Three broad categories of surface treatments are considered: dis-
crete coatings, surface diffusion treatments, and thermomechanical treatments.
From the standpoints of reliability and versatility, surface diffusion treatments
appear to be best suited for fatigue strengthening. A surface treatment which
truly strengthens must not, on the other hand, increase the susceptibility to other
forms of damage such as wear, corrosion, and oxidation. It is shown that surface
diffusion coatings have the potential capability of providing an increased resistance
to all of these forms of damage. Some guidelines are developed for the design of
such all-around protective treatments.

KEY WORDS: surface finishing, fatigue (materials), oxidation, corrosion, crack-
ing (fracturing), diffusion coating, wear, evaluation, fatigue crack

Fatigue fracture usually begins at, and is frequently confined near, an
external surface throughout a sizeable portion of the lifetime of a structure.
Surface treatments can consequently be effective in increasing fatigue strength.
However, the surface is also the front with which a metal meets an adverse
environment. Oxidation, corrosion, and wear may become separate hazards
as well as aggravators of the fatigue problem: thus, a surface treatment which
strengthens against fatigue damage while making the metal more susceptible
to these other forms of damage is not generally acceptable. An optimally
designed surface treatment should strengthen against all these adverse in-
fluences.

In the first part of this paper, some basic principles of fatigue will be sur-
veyed for guidelines to the design of optimal surface treatments. In the second
part, guidelines for protection against oxidation, corrosion, and wear are
discussed and found to be compatible with fatigue strengthening by surface
diffusion coatings. Some examples of the application of these guidelines will
also be discussed.

! Senior physicist, Midwest Research Institute, Kansas City, Mo. 64110.

* The work covered in this paper was supported by the Air Force Materials Laboratory.
Wright-Patterson Air Force Base. Ohio, under Contract No. F33615-67-C-1547.
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Guidelines

Fatigue

Generally, fatigue cracks are initiated at surfaces and grow at a rate which
is initially very slow; hence, a fatigue crack may be confined to a volume of
the material near a surface for a large portion of the total fatigue life. Manson
[71* has shown that for a wide variety of metals the fraction of life occupied
in developing a crack of length ~0.010 in. is given approximately by

No/Ny~ 1 — 25NY8 (0

where N, is the number of cycles for the crack to reach 0.010 in. and N, is the
total life. Thus, in long-life fatigue, the environment, composition, and
condition of the metal surface may play disproportionately large roles in
determining the total fatigue life of a structure.

In single-phase metals fatigue cracks are usually initiated in regions of
highly concentrated plastic strain at the surface. In such materials fatigue
strength may be increased by surface hardening. Most structural metals,
however, are multiphase alloys in which crack initiation usually occurs at
interphase interfaces.

Hard inclusions or nonequilibrium second-phase particles are frequently
the sites of premature crack initiation in commercial alloys. Figure 1 shows
an example of the initiation of a fatigue crack at a second-phase particle in
2024-T4 aluminum alloy {2]. Surface treatments which remove, bridge over,
or strengthen the region around these surface inhomogeneities can increase
the fatigue strength. However, the effectiveness of a surface layer in supres-
sing fatigue cracking may depend strongly on its thickness. The importance
of surface layer thickness is illustrated schematically in Fig. 2. A layer thinner
than the second-phase particles may have little or no effect on the crack
nucleation, 4. A hard layer slightly thicker than the second-phase particles
may actually cause premature cracking (B and C). Only if the layer is much
thicker than the second-phase particles will the concentrated stress be borne
entirely by the layer D.

Once a microcrack is initiated in a hard, semibrittle layer, the rate at which
it grows to a macroscopic fatigue crack depends upon the local hardness of
the material. An approximate expression [3] for the crack propagation stress,
s, in a nearly brittle material containing a small crack is

oy ~ {QEy/mo)l + (2y/mba, )]}V
~AQEy/7O[l + Qvy/3=bHVIPY2 .. ... .. (D)
where E is Young’s modulus, v is the surface energy, c is the crack length,

2 Jtalic numbers in brackets refer to the list of references at the end of this paper.
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FIG. 1—Fatigue crack initiation at a nonequilibrium second-phase particle in 2024-T4
aluminum alloy. Botiom is high-resolution micrograph of area at top.

b is the Burger’s length, and ¢, is the yield strength, approximately equal to
three times the Vicker’s hardness HV [4]. Thus, the stress required to cause
a crack to propagate in a surface layer is less if the layer is hard. The benefit
of a hard coating in delaying crack initiation must be weighed against the
decrease in the time required for a crack to grow to macroscopic size.

In ductile metals a mechanism of shear decohesion appears to be a general
characteristic of all stages of fatigue growth. Fatigue crack growth in ductile
surface layers should be controlled by the same mechanism. Tomkins [5]
has shown that the Dugdale model of a plastic shear zone ahead of the crack
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The inclusion acts as a stress concentration when the metal is placed under tensile stress.
A thin diffusion coating, 4, does not affect the region of stress concentration. A coating
slightly thicker than the inclusion, B and C, may still allow the soft matrix at Point x, B,
to yield under the concentrated stress. When yielding occurs at x, the hard diffusion layer
can crack, C. If the diffusion layer is much thicker than the inclusion, D, then the entire
region of intense stress is borne by the hard coating and no yielding occurs.

FIG. 2—Schematic illustration of an inclusion near the surface of a diffusion-coated metal.

can be used to derive expressions for fatigue crack growth rates in terms of
easily measured material properties. The incremental crack growth rate, §, is
assumed to be equal to the total shear strain displacement along the plastic
zone (Fig. 3):

=AMy, D~Ae, Do 3)

where D is the plastic zone length and Ae, is the net plastic strain imposed
on the specimen. Using the expression for D given by Hahn and Rosenfield
[6], the growth rate under quasi-static conditions becomes

5 = dlI/dN = /2 IAe,[sec (r/4)o/ow) — 1) ... ... 4)

where ¢,, the ultimate tensile stress of the metal, is taken as the approximate
value of the effective tensile stress across the plastic shear zone during crack
advance and ¢ is the maximum applied tensile stress. By using the empirical
expression tor cyclic strain hardening

Ao = kAe,f ... 5)

Eq 4 can be written as

dl/dN ~ ’r2—3~‘2/2 12/ k)81 /o, I8 (6)
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FIG. 3—Schematic diagram of crack propagation model, afier Tomkins [5). Crack length
is 1, shear band length D, and incremental crack advance 3.

for constant stress amplitude fatigue or

w2
128

dl/dN ~ (k/o)?0e, 26 @)
for constant strain amplitude fatigue [assuming (¢/¢.) << 1]. Under both
constant stress amplitude and constant strain amplitude conditions, the
fatigue crack growth rate is inversely proportional to the square of the
ultimate tensile stress, a,,. Thus, a surface treatment should be selected which
produces a high ultimate tensile stress.

The surface layer may be thought of as experiencing the strain cycling
imposed upon it by the response of the bulk to service loads. Thus, it may
be more important for a surface layer to resist strain cycling rather than
stress cycling. Equation 7 shows that for maximum strain resistance, k, the
cyclic strain hardening coefficient should be as small as possible.
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In summary, the surface treatment should produce a surface layer thicker
than any second-phase particles, which has a high ultimate tensile stress,
with a low, cyclic strain hardening coefficient. Once a crack is formed, the
resistance to its propagation (Eq 2) is promoted by a high surface energy
and a low value of hardness. There are several different kinds of surface
treatments. The advantages and disadvantages of a few are discussed briefly
below.

Work Hardening—This can be accomplished by rolling, impact, or shock
deformation. The resulting tangle of dislocations restricts further dislocation
glide and increases the stress required to produce the local yielding that leads
to crack initiation. Perhaps as important as the barriers to dislocation glide
are the residual, elastic compressive strains that are left in the surface volume.

Shot peening is the most widely used method of suppressing fatigue by
surface work hardening. Shot peening a metal produces a residual compres-
sive stress in a thin surface layer, which is balanced by a residual tensile stress
deeper in the metal. The stress gradients between these two regions are
usually quite large. During cyclic stressing the residual stresses are relaxed
in the neighborhood of large residual stress gradients [7]. In spite of this
relaxation, considerable improvement in fatigue endurance is common
throughout the high cycle (¥; > 10* cycles) portion of the S-N curve. A
particularly large improvement in the fatigue strength of weldments is pro-
duced by careful shot peening: typical are 50 percent increases in the fatigue
strength of butt welds in an 18 percent nickel (18Ni) maraging steel and in
an aluminum-zinc-magnesium (Al-Zn-Mg) alloy [8].

At temperatures above about one half of the absolute melting temperature,
the residual stresses and dislocation tangles will be relaxed by diffusion. Thus,
the work-hardening treatments are not very useful for high temperature
applications. In addition, the elastic strain energy of the work-hardened
surface increases the corrosion susceptibility.

Surface Constraint—A coating such as an oxide or a plating can alter the
dislocation interactions at a surface [9]. If the elastic modulus of the coating
is greater than that of the metal, then dislocations may be repelled from the
coating and the surfacc made more resistant to fatigue crack initiation. An
interesting example of this effect is the influence of an oxide coating on
aluminum. The amorphous anodic aluminum oxide has an elastic modulus
that is extremely sensitive to its degree of hydration [/0]. In dry air or vacuum
the oxide becomes dehydrated and exhibits an elastic modulus of about
1.9 x 10" N/m? (approximately 3 times the modulus of aluminum), whereas
the modulus is only 2 X 10 N/m? in moist air. Thus, in the dehydrated state
the anodic oxide is effective in suppressing fatigue crack initiation. The fact
that the fatigue strength of anodized aluminum alloys is higher in dry air
or vacuum than in moist air has been reported often [//]. At least part of



194  HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS

this effect is due to the constraint of the dry oxide. Some commercial anodiza-
tion treatments such as Mar-M Seal,® which significantly increase the fatigue
strength of aluminum alloys, may also work on this principle.

The thin, natural oxide on aluminum may also restrain surface slip when
it is dehydrated. Table | summarizes the results of experiments designed to
test the effect of the natural oxide on fatigue crack initiation. Electropolished,
polycrystalline sheets of aluminum were heated to 200 C and covered with
various protective coatings. The metal was then cycled in reversed bending
for 10 cycles and examined for Stage I fatigue cracks. The fraction of grains
containing Stage I cracks (persistent slipbands) was compared for coated and
uncoated portions of the same sheet. As shown in the table, conditions which
preserved the dehydrated state of the oxide led to a large reduction in the
number of Stage I cracks. An electroplate of high elastic modulus can also
restrain surface slip and increase fatigue strength. Part of the fatigue strength
increase produced by plating treatments such as the Chrome-ite* treatment is
probably a result of this effect {/2].

TABLE [—Effect of coatings on persistent slip in aluminum.«

Average Number of Grains with
Persistent Slip, Deviation at
9597 Confidence Level

Coating, Coated (fo — SO o,
treatment Control, /o Specimen, f. at 959 confidence level

2000 A evaporated aluminum

film (applied in vacuum}. . . .. 0.79 (£0.08) 0.06 (£0.14) 0.66
Polyethylene (applied to

“dry” oxide)?. . . ......... .. 0.82 (+0.06) 0.48 (+0.06) 0.36
Polyethylene (soaked in H,O

36h). ... . 0.87 (+£0.03) 0.82(+0.08) no significant difference
Poly(viny! chloride) (applied

to “dry” oxide)®. ........... 0.76 (+£0.09) 0.23 (+0.15) 0.54
Poly(vinyl chloride) (applied

in laboratory air). . ......... 0.83 (+£0.08) 0.86 (+0.04) no significant difference

« All tests: 10% cycles at +0.0006 ¢, 6 Hz at room temperature in air; examination at
4 X 10~* cm below original surface.

b All specimens electropolished and heated to 200 C before testing. “Dry” oxide pro-
duced by heating to 200 C in dry atmosphere and coating before re-exposure to moist air.

Discrete coatings are beneficial only as long as they remain intact. Any
macroscopic strain which produces a fracture in the coating creates an effi-
cient fatigue crack initiation source. Thus, discrete coatings may pose a

3 Martin-Marietta Corp., Denver, Colo.
4 Chrome-ite Co., Gardena, Calif.
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serious problem for the designer who is never sure how well he can rely on
the increased fatigue strength of the coated material.

Alloying—This process can alter both crack initiation and growth rates,
Although it is not usually thought of as alloying, eliminating certain im-
purity elements can prevent the formation of inclusions and thereby improve
fatigue strength. This fact is well known for the case of steels which are
processed in vacuum to prevent the formation of oxide inclusions. Less well
known is the fact that excluding impurities such as iron and silicon from the
high-strength aluminum alloys can also reduce their content of nonequilib-
rium second-phase particles and increase their fatigue strength [13].

A metal can also be altered superficially by various surface alloying treat-
ments. The surface diffusion coatings can have a strong influence on fatigue
strength while changing the gross mechanical properties only slightly; such
surface diffusion treatments include nitriding, carbonizing, chrome alumizing,
vapor plating, and electrodiffusion. Except for vapor plating and electro-
diffusion, these treatments are well known and will not be discussed in detail
here.

The principal advantage of the diffusion coatings is that they are an
integral part of the base metal rather than a discrete coating. The concentra-
tion of the alloying element naturally varies gradually from a maximum at
the surface to zero at some depth below the diffusion coating. Thus, there is
a graded transition in composition. The coatings are tenacious and generally
not susceptible to flaking or the “pest™ effect.

Vapor plating is a high-temperature process by which a metal is deposited
onto a substrate by the thermal decomposition of a metallo-organic compound
vapor. Some refractory elements such as tungsten, molybdenum, and colum-
bium, which are very difficult to plate by any other process, can be deposited
by this technique [/4]. However, because the base metal oxide is left as a
barrier to diffusion, the vapor-plated coatings are generally not as tenacious
as other diffusion coatings and, therefore, not as reliable.

The electrodiffusion process [/5] is a unique high-temperature electro-
plating technique in which a molten fluoride salt bath is the electrolyte. The
temperature and plating rate are selected so that the plating rate matches
the diffusion rate; hence the name ‘“‘electrodiffusion.” Because the base
metal oxide is dissolved in the fluoride salt, especially uniform and tenacious
coatings are produced. A great variety of elements can be applied as diffusion
coatings to the common structural metals (with the possible exception of
aluminum). Figure 4, for example, shows some of the elements which
can be applied as diffusion coatings to iron-, cobalt-, nickel-, or copper-based
alloys by electrodiffusion.

Because of the versatility of surface diffusion coatings, and their desirable
tenacity and relative freedom from catastrophic failure, they appear to pro-
vide the most promising type of surface treatment for strengthening alloys
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against fatigue damage. In the following sections other forms of damage
which contribute to the fatigue problem are examined. Guidelines are estab-
lished for the selection of surface diffusion coatings that provide a measure
of protection against wear, oxidation, and corrosion, as well as fatigue.

Fretting

The kind of wear most often implicated in metal fatigue is called fretting.
It is caused by small-amplitude oscillating slippage of one surface over an-
other. Usually the slip is unintended and frequently of such small amplitude
that it goes undetected. The effect of fretting on fatigue strength, however,
is quite dramatic. Examples of 50 percent reduction in fatigue strength due
to fretting are quite common [16, 17, 18].

Figure 5 illustrates the mechanism of fretting wear. Even a very small
oscillatory displacement in a structure such as a lap joint, 4, may be large in
comparison to the size of the surface asperities which form the real areas of
contact, B. Under the combined pressure and shear stresses asperities adhere
and occasionally shear off, C. If the wear particle remains adherent, then no
macroscopic wear occurs although material is transferred from one surface
to the other. However, under some circumstances, a wear particle can peel
off as it relaxes elastically, D. When this happens, wear occurs.

Fretting wear is a general mechanical effect which has been observed in
glass, sapphire, platinum, structural metals, etc., at displacement amplitudes
as low as 2.5 X 10-% cm [19]. In the case of structural metals, oxidation of
the small wear particles can increase their size and cause abrasive wear as a
secondary effect. If loose wear particles are not created by fretting, then the
subsequent abrasive wear will not occur.

Rabinowicz [20] has considered the energetics of the formation of loose
wear particles and found that for pressures below a certain threshold, the
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FIG. 4—Periodic table of the elements.
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FIG. 5—Schematic diagram of fretting wear mechanism.

wear particles will remain adherent. For contact between identical metals, the
threshold pressure above which fretting wear occurs is given by

P o Ene,j o EWYHVA ... ... (8)

where E is Young’s modulus, v is the surface-free energy of the solid metal,
and o, is the yield stress at the surface which is proportional to the penetra-
tion hardness, HV, at the surface. Thus resistance to fretting is promoted by
high values of Young’s modulus and surface energy and by low values of
surface hardness.

Oxidation

The oxidation resistance of metals depends upon a number of factors. The
mechanical compatibility of the oxide coating with the metal is one of these
factors. If when a volume, V,,, of metal oxidizes it forms a greatly different
volume, V,, of oxide, then the resulting strains may prevent the oxide from
providing a continuous protective barrier against further oxidation. The
interfacial mismatch strain in the oxide,

1~ (Vo/Vod' — Lo ©)

is an indication of how serious the mechanical incompatibility will be. The
quantity

Vo/ Vi = (1/aYWo/Wudu/do). ... .......(10)

is the well-known Pilling-Bedworth ratio, where W, and W,, are the molecular
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weights of the oxide and metal, respectively, d, and d,, are the densities of the
oxide and metal, respectively, and a is the number of metal atoms in a
molecule of the oxide. Some room temperature values of ¢; for several metals
are listed in Table 2.

TABLE 2—Metal-oxide interfacial strain.

Pilling-Bedworth Ratio, Interfacial Strain,
Metal Oxide-Metal WVolVw) = M) Wo W, )dwld) e = VoV, )V — 1

Li,O-Li.. ... ... 0.57 -0.17
MgO-Mg. .. .. .. 0.81 -0.07
CdOo-Cd........ 1.21 +0.07
SnO-Sn . . ... ... 1.28 +0.09
AlLO3-Al........ 1.29 +0.09
NiO-Ni......... 1.51 +0.15
ZnO-Zn. .. .. ... 1.62 +0.18
Cu,O-Cu........ 1.67 +0.19
CuO-Cu. ... .... 1.75 +0.21
BeO-Be......... .7 +0.20
TiO-Ti. ... ... 1.75 +0.21
FeO-Fe......... 1.77 +0.21
Fe,Os-Fe........ 2.15 +0.29
Fe;O&Fe........ 1.06 +0.02
CryOs-Cr........ 2.02 +0.27
COsOq-CO ....... 2.00 +026
Ta;O;-Ta........ 2.32 +0.32

Because the thermal expansion of a metal is greater than its oxide, ¢; de-
creases as the temperature is increased. Thus, metals like lithium and magne-
stum have little oxidation resistance even at moderate temperatures, whereas
titanium, beryllium, and nickel retain protective oxides at high temperatures.
Alloying can be used to modify the oxide and make it more mechanically
compatible with the metal; however, alloying can have a much stronger in-
fluence on the kinetics of oxidation than on the mechanical compatibility.
Alloy additions introduce substitutional defects in the oxide lattice which can
affect the electrical conductivity and also the diffusion rates in the oxide.

Figure 6 schematically illustrates the steps in the incremental growth of a
thick, continuous oxide on a pure metal. In B, a metaj ion vacancy is shown
forming at the oxide surface and finally being filled at the oxide-metal inter-
face. As the metal ion vacancy is annihilated, a new vacancy is formed.
This vacancy is either an oxygen ion vacancy which migrates to the surface,
C, or a metal lattice vacancy which migrates into the metal, E. The oxide
lattice vacancies are charged defects. If the oxide has the formula MO, where
M is a metal atom, then the metal ion vacancy M,++ has a net —2e charge
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OXYGEN ION VACANCY

EET T I L ,-

-

Metal atoms diffuse to the oxide surface by the migration of vacancies, B. Oxygen ions
may move to the metal-metal oxide interface by vacancy diffusion, C, or the metal may
absorb vacancies, F, without oxygen ion diffusion.

FIG. 6—Incremental growth of an ideal oxide film.

and the oxygen ion vacancy O,— has a net -+2e charge. Thus, the diffusion
steps shown in B and C lead to a positive space charge buildup at the oxide
surface which tends to retard further vacancy migration. In good insulators
such as CdO, TiO,, and Al,O;, this space charge is not readily neutralized
by electron flow, so the oxidation at low temperatures may be limited by the
low electrical conductivity of the oxide. At high temperatures the electrical
conductivity of the normally impure oxides is high enough to neutralize the
space charge. In semiconducting oxides, such as Cu,0, FeO, ZnO, and NiO,
the space charge is readily neutralized even at low temperatures, so the
oxidation rate is only limited by the rate of diffusion of the less mobile ion
(usually the larger oxygen ion).

Figure 7 shows how alloying affects the oxidation rate of zinc, which is
probably limited by the rate of oxygen ion diffusion. A monovalent element
such as lithium enters substitutionally into the ZnO lattice carrying a net —e
charge. Overall charge conservation requires that the total electronic charge
throughout the oxide be zero. Consequently the average concentrations of
charged defects are interdependent, that is,

(2€)Zny++ + (e)Lis+ = (20)0,—
(charge on zinc vacancies) + (charge on substitutional lithium ions) =
(charge on oxygen ion vacancies)
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FIG. 7—The effect of alloy additions on the oxidation rate (weight change per unit area,
AM/A) of zinc [21].

Since (2¢)Zn.++ is essentially a function of temperature only and, therefore,
a constant at any particular temperature, the presence of the Lig+ ion must
increase the concentration of oxygen vacancies and the oxidation rate.
Similarly, the addition of trivalent aluminum to the ZnO lattice produces a
substitutional defect with a net charge of +e, so that charge conservation
leads to the equation:

(2€)va++ = (2€)Ov= + (C)Als+++

This shows that the presence of the trivalent ions decreases the concentra-
tion of oxygen ion vacancies and thus retards oxidation. Thallium, which
can be either monovalent or trivalent, appears to behave more like lithium
at low concentrations and like aluminum at higher concentrations.

Another example of the effect of alloying on oxidation rate is shown in
Fig. 8. The oxidation rate of titanium (valence 4) was decreased by about
30 times as a result of the addition of 1 atom percent niobium (valence 5).
Of course, the oxidation reactions in many alloys are much more complicated.
Further alloying in these cases may produce subtle effects contrary to what
might be expected from these simple considerations. Nevertheless, a useful,
general guideline is that the addition of a higher valence element to a metal
can retard oxygen ion diffusion in the oxide and reduce the oxidation rate,
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whereas addition of a lower valence element can be expected to increase the
oxidation rate.

Corrosion

Corrosion is essentially a dissolution process whose tendency (the corrosion
susceptibility) is proportional to the negative free energy of the dissolution
reaction. Thus, the corrosion susceptibility is not simply determined by the
elemental makeup of the metal and the corrodant but is also influenced by
whatever affects the free energy of the reaction. For example, strain energy
in the metal is released when it dissolves so that the total decrease in free
energy is greater when a strained portion of the metal dissolves than when
an unstrained portion dissolves. Thus, strained portions of a metal, such as
a crack tip or grain boundary, are more susceptible to corrosion.

The difference in the free energies of reaction produces a chemical potential
difference between two dissimilar parts of a surface. A net ion current results
with positive metal ions migrating away from the more active region toward
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FI1G. 8—The effect of niobium additions on the oxidation rate of titanium {22].
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the less active. Thus, there is an electrical potential difference AU propor-
tional to the difference in the free energies of reaction (— AW). Under ideal
(reversible) conditions AU and AW are related by the equation

AW = FrdU. . ... ... ... (11)

where n is the oxidation state of the dissolved metal ion, F is Faraday’s
constant ~ 96,500 C mol—!, and AU is expressed in volts and AW in joules
per mole (1 kcal/mol equals 4.184 X 10° J/mol). The exact value of the
change in molar free energy, AW, will depend on the details of the corrosion
reaction, but a useful estimate is provided by the molar free energy of reaction
under standard conditions. If, for example, the reaction involves the dissolu-
tion of the metal as the chloride in salt water, then a useful, but rough,
approximation to the relative free energies of reaction can be obtained from
a comparison of the free energies of formation of the metal chlorides.

The kinetics of dissolution determine the seriousness of the corrosion
problem. If a stable, insoluble corrosion product forms in the corrodant, the
corrosion is self-limiting and not much of a problem. if no such passive layer
is formed, or if the passive layer is repeatedly ruptured by stresses, then the
rate of corrosion is usually limited only by polarization. The dissolution of a
metal atom leaves a net negative charge on the metal and a net positive charge
in the corrodant. Thus, an jonic space charge, or polarization, builds up and
retards further dissolution. Depolarization occurs when this space charge is
neutralized by a compensating flow of electrons into the corrodant.

In acidic corrodants, electrons may flow from the metal to adsorbed
hydrogen ions reducing them to atomic hydrogen and compensating the
polarization space charge. The adsorption of hydrogen ions occurs preferen-
tially where the positive metal ion concentration is lowest, that is, in cathodic
areas of Jowest corrosion activity. If the rate of hydrogen reduction is re-
stricted, then the corrosion rate is similarly decreased. In neutral or basic
corrodants the space charge may be neutralized by the reduction of dissolved
oxygen at the metal surface; thus, the corrosion rate may be limited by the
concentration of dissolved oxygen or the rate of its reduction to oxygen ions.

Alloying can affect the corrosion rate by promoting the formation of a
passive layer or by altering the rate-determining depolarization reactions.
The formation of a passive layer usually occurs when an oxide forms which
is stable, and therefore protective, in the corrosive environment. An alloy
addition which can form such a stable oxide is preferable to one whose oxide
is not stable in the corrodant.

There are also some general guidelines for selecting alloy additions to
suppress the depolarization reactions. The depolarization reactions. reduc-
tion of oxygen atoms or hydrogen ions, both require that electrons be re-
moved from the metal. Thus, the facility with which depolarization proceeds
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FIG. 9—Schematic energy level diagram for the reduction of a hydrogen ion at a metal surface.

is inversely related to the electronic work function of the metal. The electro-
chemical potential difference between the anodic and cathodic regions pro-
duces a field which promotes the electron transfer. Figure 9 shows schemati-
cally the energy level diagram of hydrogen ion reduction at a metal surface.
An electron must tunnel from the Fermi level, Ep, through a potential barrier
into an excited state of the hydrogen atom, E,*. The electrochemical poten-
tial lowers this barrier by an amount ~AU. Thus, the height of the tunneling
barrier is closely related to the difference, A, between the metal work function,
@, and the electrochemical potential difference, AU; that is,

The corrosion resistance can be improved by a properly selected surface
alloy addition that provides an oxide which is stable in the corrodant or
one which minimizes the rate of depolarization. To minimize the rate of de-
polarization, it is useful to make the difference between the electronic work
function and the maximum electrochemical potential as large as possible.

Summary of Guidelines for Surface Treatments

The general guidelines for selecting an element to be used in a surface
diffusion coating can be summarized as follows:
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Fatigue

Alloying should be designed to (1) increase s, ultimate tensile stress of the
diffusion coating, and v, its surface energy; (2) decrease s, surface yield stress
(with the possible exception of single-phase, pure metals for which an in-
creased surface hardness is desirable); and (3) control the diffusion coating
thickness so that it is greater than the largest second-phase particle diameter.

Fretting
Alloying should be designed to (1) increase v and (2) decrease o .

Oxidation

The alloying element should be selected to have (1) higher valence (oxida-
tion state) than the major constituent of the base metal and (2) a Pilling-
Bedworth ratio which tends to compensate for the strains at the base metal-
metal oxide interface.

Corrosion

The alloying element should be selected to (1) provide a stable oxide
passivating layer or (2) maximize the barrier to depolarization reactions,
that is, maximize A = ¢ — AU, where ¢ is the electronic work function and
AU is the maximum electrochemical potential difference between alloy con-
stituents.

Example

As an example of the use of these guidelines, consider the problem of
selecting a diffusion coating for Ti-8Al-IMo-1V alloy which could be ex-
pected to improve the wear (fretting), oxidation, and saltwater corrosion
resistance as well as increase the fatigue strength. Table 3 lists the pertinent
data for three candidate elements, beryllium, aluminum, and tantalum, in
addition to the basic constituents of the alloy, titanium, molybdenum, and
vanadium. For fatigue resistance a large surface energy, v, is desirable
(Eq 2); thus, on this basis tantalum should be selected, with beryllium
appearing to be nearly as good. The resistance to oxidation depends upon
the stability of the metal oxide, which is indicated by the interfacial strain
and the nature of the impurities. The stability of the alJuminum and beryllium
oxides is considerably greater than that of the tantalum oxide. If a tantalum
coating were applied to the titanium alloy, then the titanium, aluminum,
vanadium, and molybdenum of the Ti-8Al-1Mo-1V alloy could become sub-
stitutional impurities of lower valence in the tantalum oxide. As previously
discussed, such lower valence additions are expected to increase oxidation
susceptibility. On the other hand, if a beryllium coating were applied to the
alloy, all of the substitutional impurities in the beryllium oxide would be of
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higher valence than the beryllium and might therefore increase oxidation
resistance. A beryllium coating appears most likely to afford oxidation
resistance.

TABLE 3-—Evaluation of elements for use on Ti-8Al-1V-1Mo.

Depolarization
Barrier Potential,
Work Free Energy of A Relative ro
Metal, v, Function, Formation,
melting point  ergcm~2 Valence eV W, kcal/mol-bond Ti Be Al Ta
Titanium . . . .. 1470 +4 4,07 1/4(TiCly) =525 ... 37 39 37
(1998 K) 1/4Ti0) = 57.3
Beryllium. . . .. 1250 +2 3.37 1/2(BeCl;) =600 3.7 ... 37 35
(1556 K) 1/2(BeO) = 67.0
Aluminum_... 1030 +3 3.74 1/3(AICE) = 59.7 39 37 ... 3.5
(932 K) 1/6(ALO;) = 67.3
Tantalum..... 3000 +5 4,12 1/5(TaCl;) = 450 3.7 35 3.5
(2150 K) 1/10(Ta.0s5) = 49.0
Molybdenum. . +3 4.27 1/3(MoCkL) =153 27 32 25 30
1/6(M00O;) = 31.0
Vanadium. . .. +3 4,11 1/3(VCl;) =400 1.8 32 33 39
1/6(V,0;) = 50.5

In the sixth column (Table 3) the stability of the metal oxide in a chloride
environment is indicated by a comparison of the metal oxide bond strength
to the metal chloride bond strength. The titanium and tantalum oxides
appear to be marginally stable in the presence of the chloride ion, whereas
the aluminum and beryllium oxides appear stable. Thus either the beryllium
or aluminum coatings could improve chloride corrosion resistance, so long
as the coatings remain intact. Once the coating is breached, the resistance
to saltwater corrosion will depend on the potential barrier to depolarization
(columns 7 to 10, Table 3). If the uncoated Ti-8Al-1Mo-1V alloy were exposed
to salt water, then the titanium and aluminum would dissolve preferentially,
leaving molybdenum and vanadium behind. The vanadium which is least
active, would be the site of the depolarization reaction since the potential
barrier relative to titanium dissolution is only ~1.8 V. If a beryllium coating
were applied, then this more active metal would dissolve preferentially. Thus,
the depolarization reaction at any exposed vanadium would be controlled
by the electrochemical potential between beryllium and vanadium. The
barrier to the depolarization reaction in the beryllium-coated alloy would
therefore be ~3.2 V rather than ~1.8 V for the uncoated alloy. Similarly, if
an aluminum coating were used, the minimum depolarization barrier would
be ~2.5 V. A tantalum coating would not dissolve preferentially. Thus the
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controlling depolarization barrier in the tantalum-coated alloy would be the
same as the uncoated alloy, ~1.8 V. From these considerations, it appears
that the beryllium coating would provide the best protection against salt-
water corrosion even under circumstances in which the integrity of the coat-
ing was breached.

A diffusion coating of beryllium on Ti-8Al-1Mo-1V was tested. The coat-
ing was applied by electrodiffusion in a molten electrolyte of BeF,-LiF
eutectic at 680 C in 4 h. The current density was 2 mA/cm? The diffusion
coating extended to a depth of about 4 mils and contained about 1.35 milli-
grams of beryllium per square centimeter of surface. Notched fatigue speci-
mens and uncoated control specimens were duplex annealed by heating for
15 min at 1000 C in vacuum, quenching in argon gas, and aging at 800 C for
8 h in vacuum. Figure 10 shows the microhardness of the coating measured
on a taper section. Note the relatively soft layer at the surface which would
be expected to improve resistance to fretting. Figure 11 shows a comparison
of the S-N curves for notched, beryllium diffusion-coated (Beryllided) speci-
mens and for uncoated control specimens. A significant increase in the fatigue
strength in long-life fatigue was achieved. The oxidation, corrosion, and
fretting resistance of the beryllium diffusion-coated titanium alloy have not
yet been tested.
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FI1G. 10— Microhardness of a beryllium diffusion layer on a Ti-8Al-1Mo-1V alloy.
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FIG. 11—S8-N curve showing the effect of a beryllium diffusion layer on the fatigue of
Ti-8Ai-1Mo-1V alloy.

Conclusions

We have shown that there are some, albeit crude, guidelines by which one
can make a preliminary selection of candidate surface alloying elements.
These guidelines suggest that it is possible to tailor a diffusion coating to
resist fretting wear, corrosion, and oxidation as well as increase fatigue
strength. Obviously much more work needs to be done before the design
engineer can specify the optimum surface treatment for any particular appli-
cation. Perhaps the suggestion that this is a possibility will encourage others
to explore it further.
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Fatigue Life Improvement Through
Stress Coining Methods
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ABSTRACT: The use of a quick and economical new process, stress coining,
results in an aircraft structure with a more balanced fatigue strength than was
previously possible. Basically, the stress coining procedure, a proprietary method
of the Douglas Aircraft Co., involves controlling the yielding of material inside
holes and in the material surrounding holes and slots. Stress coining induces
residual compressive stresses that offset load-induced tensile stresses concentrated
around these load-carrying areas. The procedure can be used in highly stressed
areas to increase fatigue life and resistance to stress corrosion of structural mem-
bers. Salvage rework by reaming, stress coining, and installing an oversize fastener
increases the remaining fatigue life to approach that of a virgin stress-coined
structure. Fatigue life of test specimens for various aircraft has been improved
by a factor of approximately four.

KEY WORDS: fatigue strength at N cycles, fatigue life, stress relieving, residual
stress, stress corrosion, hole size, joints (junctions), tensile stress, fasteners, air-
craft equipment, evaluation, tests

One goal of the design engineer is to increase the fatigue life of bolted
joints without drastic alteration of established design concepts. The fatigue
life of the joint, however, is limited by the eventual formation of cracks,
which tend to propagate from the edge of the bolt hole in a direction perpen-
dicular to the direction of the load carried by the bolted assembly. There are
three major causes that contribute to the formation of cracks:

1. High tensile stresses at the edge of the holes perpendicualr to the loading
direction. The presence of a hole in a load-carrying member causes a signifi-
cant increase of tensile stress at the edge of the hole when the member is
tension loaded.

2. Inadequate tightness and fit of the bolt in the joined members, particu-
larly at the faying surfaces. It is practically impossible to ream a hole accu-
rately enough to cause a uniform fit of the bolt through the member. As a

! Senior engineer and scientist, Douglas Aircraft Co., Long Beach, Calif. 90405.
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FIG. 1—Radius stress-coined, loose fit holes in thin material.

result, there is frequent relative movement of the joined members because the
bolt is not tight enough at the faying surfaces.

3. Fretting at the faying surfaces. Fretting damage occurs both between
mating surfaces of the structure and in the countersink mating with the flush
head of the attachment.

Description of Stress Coining’

Test results have proved that aircraft parts without holes have a longer
fatigue life than those with attachments or open holes. The stress coining
process is a new hole preparation technique that increases the fatigue strength
of open and fastener-filled holes. There are three methods of stress coining
used at present for production applications:

1. Radius stress coining increases the fatigue strength of loose fit holes and
slots in material thicknesses to 0.188 in. This process cold-works a highly
polished 0.030-in. radius around the edges of the hole or slot in the material

(Fig. 1).

2 Stress coining is a proprietary method for which a patent, No. 3,434,327, was issued
on 25 March 1969. A license should be obtained from the Douglas Aircraft Co. before
performing the stress coining procedures, and for this reason none of the techniques are
explained in the paper.
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FIG. 2—Pad stress-coined, loose fit holes in thick material.

2. Pad stress coining increases the fatigue strength of loose fit holes in door
doublers and fuel transfer slots in wing stringers. The pad recess is an im-
pression formed approximately 0.004 in. deep in the surface material sur-
rounding the hole or slot. This process is applicable to materials of thick-
nesses of 0.188 in. and above (Figs. 2 and 3).

3. Stress coin hole expansion increases the fatigue strength of close toler-
ance holes for bolts, rivets, bushings, and bearings. This process starts with
an undersized hole that is plastically expanded to the final diameter by a
lubricated expanding pin. This procedure is adaptable to any material thick-
ness combinations on final aircraft assembly (Fig. 4).

Stress coining produces local residual compressive stresses in the material
surrounding the hole. The residual compressive stresses prolong the fatigue
life from N, to N, by decreasing the local mean stress (as well as the maximum
stress) at Point 4 where the crack begins, while the amplitude remains
approximately the same (Fig. 5 top and bottom).

Material Thickness Effect on Fatigue

The fatigue strength of a riveted aircraft structure decreases with an in-
crease in material thickness. The designer may increase the material thickness
to lower the applied stress level in the structure, but he may, at the same time,
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FIG. 3-—Pad stress-coined fuel 1ransfer slot.

inadvertently create a fatigue problem with the attachments. This situation
will prevail in the design of aluminum heavy transport aircraft. One of the
primary origins of fatigue failure in aircraft structures is associated with open
holes, access cutouts, fuel transfer slots, and attachment holes. The S-N
curves in Fig. 6 show the relative fatigue life for these conditions.

Conventional aluminum aircraft structure is assembled with mechanical
attachments that produce varying degrees of fatigue strength. Therefore, it
has become necessary to coin open holes for screws in lower wing access
doors and fuel transfer slots. Application of coining in these areas extends
the fatigue life into the range of that for lockbolts and slug rivets. This design
concept provides a more balanced fatigue strength for light basic structure.
Combinations of materials up to 0.500 in. thick are considered light structure
and combinations above 0.500 in. are considered heavy structure.

The jumbo jets and heavy subsonic transports are in the category of heavy
structural combinations. Attachments instalied in thick combinations cause
a severe reduction in fatigue life for the reasons: (1) insufficient swelling of
the slug rivet inside the hole (Fig. 7), (2) difficulty in instaliation of 0.004-in.
interference fit lockbolts, and (3) fatigue failure in the countersink. As the
material thickness increases for slug rivets, the hole experiences lesser amounts
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FIG. 4—Visual comparison of conventional and stress-coined holes.

of prestressing from hole filling. A point is soon reached where the hole pre-
stress becomes negligible and the fatigue strength approaches that of an open
hole. The fatigue strength for lockbolt installations increases with an increase
in interference fit. Installation of lockbolts in heavy structure with high inter-
ference causes the fastener to gall and seize into a partially installed position,
and removal of the lockbolt in this condition is very difficult. To overcome
this problem, the practice has been to prepare the hole to the low interference
limit; but this can result in lower fatigue life and occasional loose fit holes
that permit fuel leakage. Countersink fatigue failures are typical for inter-
ference fasteners such as lockbolt and Taper-Lok fasteners whose fit pre-
stresses the hole upon installation. The countersink is not prestressed because
this is not possible with the clamp-up pressure of fastener installation.

An improvement in fatigue life for heavy structure can be achieved by
applying the stress coining technique prior to fastener installation. Stress coin
expansion of the hole for slug rivets induces favorable residual compressive
stresses through plastic deformation inside the hole. Stress coining prior to
lockbolt installation in thick material increases the fatigue strength because it
is then possible to expand the hole to a controlled, low interference fit. The
mirror finish inside the hole eases the lockbolt installation, while the residual
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FIG. 5—Fatigue life improvement due to stress coining in terms of local stresses.

compressive stresses offset the low interference effect on fatigue strength. The
weakness of countersink failures may be overcome by stress coining the
countersink. This procedure prestresses the cone of the countersink and cold-
works a small radius at the juncture of the countersink and hole.

Stress Coining Applications

The stress coining procedure is not restricted by material thickness. It is
possible to stress coin for a Class A bolt installation that would equal the
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FIG. 6—Summary of fatigue data for light basic struciure.
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fatigue strength of lockbolts. To illustrate this statement, a service life exten-
sion program (SLEP) was conducted for the Douglas C-124 airplane, in
which a 0.750-in-thick 2014-T6 aluminum plate was used to represent the
C-124 lower spar cap. The test results of the fatigue specimens are shown in
Fig. 8.

A-4 B/C Airplane Front Spar Stress Coin Rework

Small, tension fatigue specimens and fuel surge tests were performed to
evaluate the stress coin rework of the A-4C front spar access door cutouts in
the spar web. The purpose of these tests was to increase the service life of the
aircraft, because fatigue cracking occurs in the spar web under catapult and
heavy loads. The edges of both sides of the holes around the cutout were
stress coined to a 0.030-in. radius. Portable coining tools were designed for a
simplified rework procedure that required a minimum amount of time (Fig.
9). Test results indicated a substantial increase in service life for airplanes if
cracks had not occurred (Figs. 10, 11, and 12).

DC-9 Pylon Engine Mount Fitting

Specimens with conventionally reamed holes were compared to coined
holes in various material thicknesses. Test results indicated that stress coining
Is an inexpensive method which provides superior fatigue strength for the
DC-9 engine pylon fitting. Stress coining plastically expands an undersized
hole to final dimensions by pushing a lubricated expanding pin through it,
as shown in Fig. 13. Approximately one half of the interference between the

O = PLAIN HOLES AND C'SINK R = +0,2
A = STRESS COIN HOLES AND C'SINK STRESS COINING C-124 LOWER SPAR CAPS
O»= 50% OF OLIFE, ND FAILURE MATERIAL — 2014 AL 3/4 IN, THICK
® = O~REWORKED BY STRESS CDINING 3/16-IN, ODUBLER ATTACHED WITH (3) 1/4-IN. SCREWS
45
FIG. 4 METHOD REF.
40
35
MAXIMUM NET
AREA STRESS
(kSN 30 X
25
20 AR Lo
103 104 105 10 107

CYCLES TO FAILURE
FIG. 8—C-124 specimen fatigue test.
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F1G. 9—Alligator coining tool and wing front spar.

undersized hole and the expanding tool springs back to the final hole diam-
eter. The resulting residual compressive stresses thereby increase fatigue
strength. An approximate pressure of 2500 1b is required to push the expand-
ing pin through the hole in the fitting. The resulting highly polished mirror
finish inside the hole is evidence that the hole has been stress coined. Manu-
facturers requested pull-broach sizing holes prior to stress coining as an op-
tional method to reaming for production. Test data from these specimens
indicated that broached, stress-coined holes have superior fatigue strength
compared to reamed, stress-coined holes. Specimens were cycled to failure
at various stress levels at a stress ratio of +0.2 by a Sonntag Model 10-U
fatigue machine, and the cycles were recorded. S-N curves were plotted for
the various configurations, and the results are shown in Fig. 14.

Fuel Transfer Slots

Slots for fuel transfer are machined in the vertical web of the integral fuel
tank lower wing panel stringers. Located every 4 in. along the length of the
stringers, the slots create stress concentrations that cause fatigue cracks.
Flight of the aircraft builds up a concentrated tensile stress in the area around
each slot, reducing fatigue strength. An improvement of fatigue life can be
achieved by pad stress coining each of the fuel transfer slots. The coining
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FIG. 11—Stress coin rework after 50 percent fatigue life.

process cold-works and plastically deforms the material surrounding the siot.
When the coining pressure is released, the springback of the material induces
residual compressive stresses around the slot, which offset tensile stresses
concentrated there, thus increasing service life of the stringer (Fig. 15).

DC-9 Lower Wing Skin Access Door Fatigue and Failsafe

Several small, dog-bone fatigue specimens were tested to evaluate various
coining methods to improve the fatigue life of the lower wing access door
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doublers. Specimen variables included material (7075-T651 and 2024-T351
nonclad aluminum), material thickness, and hole preparation method. Attach-
ment hole preparation was effected by stress coin and Douglas Process
Standard (DPS) ring coin techniques.
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FIG. 12—Stress coin rework afier 75 percent fatigue life.

FIG. 13—Stress-coined (expansion) DC-9 engine pylon fitting.



220 HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS

4340 CM STEEL
160 - 180 KSI HEAT TREAT

O REAMED HOLE — NOT COINED gA_D PLATED
0O  REAMED HOLE — STRESS COINED = +0.2

N BROACHED HOLE — STRESS COINED %
0.250 DIA HOLE

\\ \ i o

CODE CONFIGURATION

110

100

MAXIMUM NET 90
AREA STRESS
-\
(KS1) 60 ~
L NF
[e]
70 ~ |
60 3 1 1 111 L 1 Ly I 1 A\IIILL 1 \l\\\x'NF
10 104 10° 108 107

CYCLES TO FAILURE
FIG. 14—Fatigue test of 0.410-in.-thick DC-9 engine pylon beavertail fitting.
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FIG. 15—Fuel transfer slot fatigue improvement (0.125-in. 7075-T651).

Testing of the two large access door specimens shown in Fig. 16 revealed
relatively low fatigue life. Fatigue failure occurred in the oversize screw holes
in the large, machined door doublers. The purpose of these tests was to com-
pare the relative fatigue life of open holes in various thicknesses of material
to similar specimens that were ring and stress coined. Another consideration
was to develop a coining method that would permit sealing between the door
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Ol s FUEL TRANSFER SLOTS

FIG. 16—Fatigue fest specimen of DC-9 lower wing skin access door.

doubler and the rubber O-ring seal dome nuts in the retainer nutstrips. Stress
corrosion cracking would also be improved by the stress coining process.
This test covered the problem of increasing fatigue life of access door doublers
that have oversize holes with a loose hole tolerance of 0.257 to 0.261-in. for
0.250-in.-diameter screws.

The original stress coin process by which the hole was expanded plastically
to final dimensions was not adaptable to the existing design. For this applica-
tion a new method was developed that considered existing design, possible
rework of completed aircraft, the sealing problem around the door, increased
fatigue life, and the economical feasibility of the stress coin technique. The
revised method plastically deforms a circular pad, 9/16 in. in diameter and
approximately 0.004 in. deep, and cold-works the sharp edge of the hole to
an 0.030-in. radius (Fig. 17). This operation is performed to both sides of the
material by inexpensive steel dies in a portable hydraulic gun, Fig. 18.

Test specimens were fabricated from 7075-T651 aluminum bare plate in
thicknesses of 0.125 to 0.500 in. and from 2024-T351 aluminum bare plate
0.250 to 0.500 in. thick. All specimens were chromic anodized after the coin-
ing operation, then cycled to failure at various stress levels, at a stress ratio
of 4+0.2, by a Sonntag Model 10-U fatigue machine, and the cycles recorded.
Test results are presented in the form of S-N curves in Figs. 19-23.
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FIG. 20—Fatigue test of 0.250-in. 7075-T651 nonclad aluminum.

Conclusions

The fatigue strength of an aircraft structure is only as strong as its weakest
link, which is usually an open or a fastener-filled hole. The fatigue strength of
an open hole can be improved by various methods of coining. Stress coining
the holes prior to fastener installation prolongs the fatigue life of a joined
structure. The fatigue strength of riveted structures decreases with increases
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FIG. 22—Fatigue test of 0.500-in. 7075-T651 nonclad aluminum.

in material thickness. A method to correct this deficiency would be to ex-
pand the holes by stress coining prior to rivet installation. In general, the
fatigue strength of expansion stress-coined holes is relatively unaffected by
material thickness.

The stress coining development program is directed toward creating new
techniques to achieve a more balanced fatigue strength for aircraft structure.
The following areas deserve further study:
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FIG. 23—Comparison of fatigue of plain and stress-coined holes.

1. Effect of stress coining various thicknesses of material for possible
weight saving in a new heavy-transport design concept.

2. Development of field service methods for stress coin rework of delivered
aircraft.

3. Cost comparisons of coining procedures so that the most economical
manufacturing method can be recommended.

4. Loss in fatigue strength from attachment holes required to assemble
aircraft structure.

5. Relative fatigue values of various fasteners for structural design infor-
mation.

6. Stress-coined test data comparisons with conventional fatigue test data.
(Results of this program would be utilized to design and rework aircraft for
increased service life.)

7. Resistance-spot-welded and fusion-welded structure. (Preliminary test
data indicate that stress coining resistance-spot-welded and fusion-welded
structures greatly increase the fatigue strength necessary for future supersonic
and hypersonic vehicle concepts.)
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DISCUSSION

C. S. Yen' (written discussion)—From the years 1951 to 1961 1 was for-
tunate enough to participate continuously in the development of the hole
expansion and coining methods with A. Phillips, J. L. Waisman, C. Hedges,
and others at Douglas Aircraft Co. These methods were used in aircraft
DC-6, -7, and -8. A portion of the methods and results were presented (and
subsequently published) in a paper entitled “Improvements of Fatigue Life
of Aircraft Components by Coining,” by A. Phillips, in the ASME National
Aviation Division Conference, March 1960.

I should like to congratulate Mr. Speakman and Douglas Aircraft Co. on
the new stress coining methods developed more recently. I wonder what rela-
tions and differences there are between the new methods and the previously
developed hole expansion and ring coining methods? How do they compare
in fatigue life improvements? Can one use both new and old methods at one
hole for greater improvement?

E. R. Speakman (author’s closurey—The recent design of airbus-type air-
craft has created the necessity for new coining methods adaptable to thick
materials. The ring coining method developed at the Douglas Aircraft Co.
from 1951 to 1961 increases the fatigue life of single members 0.125 to 0.400
in. thick; ring coining thicknesses above 0.400 in. are restricted, as they lead
to reduction of fatigue life. As the thickness increases, the effect of ring-coined
grooves around the hole at the surface of the material diminishes toward the
center of the material. Squeeze pressures of 20,000 to 35,000 Ib are required
to form the ring grooves in single members on a hydraulic press. Multiple
members in aircraft joints cannot be ring coined on final assembly, whereas
diassembly of aircraft structure after setup and then drilling to be ring cotned
proves to be impractical.

Stress coining was developed at the Douglas Aircraft Co. from 1960 to
1970 for use on final assembly, utilizing standard lightweight portable tools
such as rivet guns and drill motors. Hole diameters from 0.188 to 1.500 in.
have been expansion stress coined in thickness combinations up to 5 in. using
portable tools.

* Research projects engineer, Hughes Tool Co., Aircraft Division, Culver City, Calif.
90230.
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The effect of ring coining and stress coining for fatigue improvement could
be considered equal in thicknesses from 0.125 to 0.400 in. Application of the
coining method has to be the main consideration to obtain increased
fatigue strength at reduced cost.

In some cases it would be possible to combine the methods of ring and
stress coining, but the improvement gained would not justify the costs.
Either coining method would improve fatigue life relative to the noncoined
surrounding structure. For this reason coining is used only in areas of high
tension-stress concentrations in an effort to obtain a uniform, balanced
fatigue life structure.
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ABSTRACT: High compressive residual stress and high hardness were utilized
to obtain high fatigue strength in nonrotating bending. A compressive residual
stress of 250 ksi, obtained in a 0.25-in. notch in SAE 1045 specimens of 1.50-in.
diameter, resulted in a one million-cycle fatigue strength of +230 ksi. An investi-
gation showed that, over the range studied, maximum residual stress from heat
treatment was produced with maximum hardness, medium carbon content,
maximum section size (to 4-in. diameter), and minimum hardenability. At high
hardness, cold working by shot peening was found to decrease the high residual
stress from heat treatment. Fatigue tests were run on peened and unpeened speci-
mens of various hardnesses with a machine that had provisions for applying a
mechanical mean stress. Various net mean stress conditions, residual plus mechan-
ical, could then be obtained. The fatigue strength of hard specimens with a
tensile, applied mean stress was reduced by the presence of crack-like defects
created by peening. Data were interpreted in terms of a theory in the literature
involving crack initiation, crack propagation, and yielding.

KEY WORDS: fatigue strength at N cycles, residual stress, notch sensitivity,
steels, heat treatment, shot peening, crack initiation, crack propagation, yield
strength, fatigue (materials), hardness, tests, evaluation, residual stress relaxation

The purpose of this investigation was to develop the maximum possible
fatigue strength in a specimen simulating a notched machine member. The
hypothesis was that high strength could be achieved in conventional com-
mercial steels by combining high compressive residual stresses with high
hardness in the material. Accordingly, methods for producing high compres-
sive residual stresses were studied and the effect of these stresses on the
fatigue strength of steels of varying hardness was determined.

! Research engineer, research physicist, and staff physicist, respectively, Research Dept.,
Caterpillar Tractor Co., Peoria, Ill. 61602.
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The advantage of increased hardness in increasing fatigue strength has
been demonstrated many times in the literature [/].? The existence of an
optimum hardness for maximum fatigue strength has frequently been ob-
served in steels: an example is the well-known data of Garwood et al {2].
The concept was studied by Morrow et al [3]. An extensive review of the
literature and critical, uniaxial push-pull fatigue tests on unnotched SAE 1045
steel have demonstrated an optimum hardness in the finite life region that
depends on the cyclic strain amplitude. This effect was believed to be due to a
transition from a shear-governed fatigue failure mode to a tension-governed
failure with increasing hardness. It was stated that the resistance to shear
increased with increasing hardness while the resistance to tension decreased.
This concept explains why compressive residual stresses are beneficial in the
fatigue of hardened steels: algebraic addition to the applied tensile stress
results in a decreased net stress. The increased shear strength of hard steels
can then be utilized because the decreased resistance to tensile stresses is
avoided.

A systematic investigation was carried out to determine the factors that
contribute to high residual stress. The effects of composition, heat treatment,
and cold working were explored primarily on SAE 86B45 and SAE 1045
steels, with some other plain carbo: and boron steels used to broaden the
range of variables. Specifically, the variables were carbon content, hardness,
temper, hardenability, and size as they affect residual stresses from heat
treatment. Induced stress by shot peening was investigated as a function of
hardness. Residual stresses were measured by X-ray diffraction.

Fatigue tests were run in nonrotating bending on SAE 86B45 and SAE 1045
specimens with a minimum diameter of 1.5 in. and a 0.25-in.-radius notch. A
fatigue machine was used on which it was possible to vary the magnitude of
the mean mechanical stress. This stress was combined with the residual
stresses produced by hardening and shot peening to give varying desired
values of net mean stress at or near the surface of the fatigue specimen. The
variables studied in fatigue were then the net stress and the hardness of the
material being tested.

Utilizing the principle, developed in a previous investigation [4], that a
mean mechanical stress is the equivalent of a stable residual stress of the
same magnitude, fatigue strength at long lives was determined for various
values of net stress. The results of the fatigue tests were interpreted in terms
of a theory of Fuchs [5], which relates net stress to fatigue crack initiation,
propagation, and yielding.

2 1talic numbers in brackets refer to the list of references at the end of this paper.



230 HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS

Methods

Specimen Preparation

Steels used in this investigation are listed with their chemical compositions
in Table 1. Residual stress specimens were machined from rolled bar stock
to approximately 2-in. diameter by 6-in. length. Austenitizing temperature
was varied between 1440 and 1600 F depending on the carbon level. All
specimens were water quenched except those of SAE 86B45 steel which were
quenched in oil. Fatigue specimen configuration is shown in Fig. 1. The
notch geometry, corresponding to a stress concentration factor of 1.5, was
the most severe that would allow X-ray stress measurements in the notch in
the longitudinal direction. These specimens were finish ground in the notch
after heat treatment. Those to be used unpeened were then electropolished
to a depth of 0.002 to 0.005 in. in the notch to remove the worked layer. A
bath of concentrated 60 percent phosphoric plus 40 percent sulfuric acid was
used with a current density of about 10 A/in.2. Electropolishing was also used
to remove the worked material, after layer removal by grinding, for stress
measurements in depth. In some cases a decarburized or oxidized layer was
removed by electropolishing before the surface stress was measured. Some
specimens were shot peened using S330 steel shot for 0.024-in. Almen A-2
intensity or S550 shot for 0.016-in. C-2 intensity. (These designations are
explained in Society of Automotive Engineers Standard J442 and Recom-
mended Practices J443, J444, and J827 [6].)

TABLE 1—Chemical compositions of steels (weight percent).

Composition, %

SAE Number C Mn B
Plain Carbon Steels:
1018. . ... 0.20 0.79
1035, ... ... .. 0.35 0.82
1042 ... ... 0.45 0.76
1045, .. ... 0.44 t0 0.50 0.70 to 0.85
1078. ... .. 0.80 0.41
1095, ... ... . 1.00 0.26
Plain Carbon-Boron Steels:
10B35. . ................. 0.32 to 0.36 0.74 to 0.85 0.0004 to 0.0007
10B39. . ................. 0.43 1.09 0.0014
10B45. . . ................ 0.43 0.85 0.0011
10B45 (elevated Mn). .. ... 0.43 1.56 0.0009
Alloy Steel:
86B452. . ... ... ... 0.42 to 0.46 0.78 t0 0.94 0.0014 to 0.0016

2 (.45 to 0.54 Ni, 0.54 to 0.58 Cr, 0.20 to 0.22 Mo, in percent.
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F1G. 1—Fatigue specimen.

X-ray Stress Technique

X-ray diffraction, residual stress measurements were made by the two-
exposure method described by Christenson et al [7]. The stress factor was
calculated from elastic constants using 30 X 108 psi for Young’s modulus
and 0.29 for Poisson’s ratio. Both a diffractometer and a film unit were used
with filtered chromium radiation and the 211 diffraction peak of iron. The
film unit was built for determining stress in large parts, although the beam
size could also be decreased by collimation for measuring stress in small
specimens. Special cylindrical cameras were used to provide a technique
closely approximating that used with the diffractometer. The machine and
cameras are described in detail elsewhere [8). Stresses reported in this paper
were in the longitudinal direction, measured at midlength of the cylindrical
specimens, and in the critical section of the fatigue specimens. Measurements
in depth were corrected for the effect of the removed stressed layers [9].

Fatigue Test Procedure

The fatigue machine used in these investigations is described in Refs 4 and
10. 1t utilizes the principle of inertial force compensation to apply a non-
rotating, alternating bending stress to the specimen at 30 Hz. A mean bend-
ing stress can also be applied to produce the desired net mean stress at the
surface. The quoted longitudinal bending stresses are the surface principal
stresses in the notch, normal to the plane of bending, as determined with
1/32-in. strain gages. Bending produced a biaxial stress state in the notch—
the ratio of tangential to longitudinal stress was 0.26.



232 HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS

Results

Variables Affecting Residual Stress

Heat Treatment—Surface residual stress in plain carbon steels of varying
carbon content was measured after each of the successive tempers until the
stress had decreased to a low value. Residual stress versus tempering tempera-
ture is plotted in Fig. 2 for the various bars. The stress was highest in the as-
quenched condition for all carbon levels. The two high carbon steels showed
an immediate and severe reduction in stress as the tempering temperature was
increased. This was in contrast to the three lower carbon steels, which showed
a more gradual decrease in stress for the lower tempers, attributable to auto-
tempering.

Corresponding residual stress versus hardness plots are shown in Fig. 3.
Shown also are approximate isothermals obtained by cross-plotting the data
in Fig. 2. The stress versus hardness plots show a progressive displacement
to the right because of the higher hardness attainable with increasing carbon.
The isothermals show a maximum stress occurring in a range of 0.35 to 0.45
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FIG. 2—Surface residual stress as a function of tempering temperature for various plain
carbon steels.
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FIG. 3— Residual stress data of Fig. 2 plotted as a function of hardness. The dotted lines
represent temper isothermals, showing optimum carbon content for each given temper.

percent carbon. Compressive residual stress induced by heat treatment in-
creases as the carbon decreases for given hardness. This is shown specifically
by the cross-plots of Fig. 4.

Residual stresses in depth were compared for steels in which hardenability
had been varied by changing the manganese and boron content, but where
carbon content had been maintained at approximately the same level. Figure
5 shows markedly higher compressive stress in the plain carbon steel over
that of the boron steel at 58 to 59 HRc. Peak stress near the surface was 185-
ksi compression for the plain carbon steel in contrast to only 125-ksi com-
pression for the similar steel with boron. There is a general trend leading to
the conclusion that “compressive stress decreases with hardenability,” which
is illustrated further by the peak stress versus case depth plots of Fig. 6, taken
from stress versus depth curves for several steels. Case depth as used here is
defined as the depth corresponding to the mean hardness between that of
case and core.

The effect of section size is shown by the plot of surface stress as a function
of bar diameter in Fig. 7. The induced stress due to heat treatment increased
with bar diameter over the range investigated. The highest stress was nearly
200-ksi compression on the surface of a 3.75-in.-diameter bar at high hard-
ness. A limit was to be expected, however, at very large sections because self-
tempering during the quench had begun to have an effect. It is significant that



234 HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS
0 T l//
HRc40
-50 50
55
Lv] 6

-100 i

-150

SURFACE RESIDUAL STRESS, KSI

|

A1 1 1
0 0.2 04 0.6 08 1.0
CARBON, PER CENT
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residual stresses were greatly reduced at small sections; this occurred because
transformation and thermal gradients were minimal.

Shot Peening—Surface residual stresses in SAE 1045 cylinders and repre-
sentative SAE 86B45 fatigue specimens are compared in Fig. 8. The stress
before peening in the alloy steel was low at all hardnesses due to the oil
quenching and high hardenability, in contrast to that in the plain carbon
steel. The significant fact was observed, however, that a single curve could
be drawn through the data points for peening stresses induced in specimens
of either prior-stressed condition for a given peening intensity.

Residual stress versus depth curves are shown in Fig. 9 for a typical fatigue
specimen of SAE 1045 steel. Because the specimens were not tempered, the
residual stresses due to heat treatment alone were very high in the notch.
The value at the surface after removing 0.010 in. by electropolishing was
250-ksi compression. This value is considerably higher than that shown in
Fig. 7 for a cylindrical specimen of the same diameter. The difference indi-
cates a residual stress concentration or constraining effect in the notch.
When a similar specimen was shot peened, the stress in the disturbed surface
layer was replaced by the much lower peening stress of 60-ksi compression,
in agreement with the data at high hardness in Fig. 8. This reduction in sur-
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face residual stress due to peening has considerable significance in fatigue,
as will be shown.

Fatigue

The SAE 1045 specimens were fatigue tested in both the peened and un-
peened condition. In these tests “initiation”” means that the crack can be seen
with the unaided eye; ‘““failure” means fracture of the specimen into two
pieces. As shown in Fig. 10, the one million-cycle fatigue strength was in
excess of +230 ksi; the five million-cycle life to failure corresponded to
approximately —+215 ksi. A significant difference existed in the crack initia-
tion lives of peened and unpeened specimens, but the lives to failure were
similar. This suggests that a crack propagation failure criterion was control-
ling the lives of all specimens. This supposition was further evaluated with
fatigue tests in which a high tensile, mean bending stress was imposed.
Figure 11 shows the S-N curves. The fatigue strength of peened specimens
was greatly reduced.

The possibility of the compressive residual stresses in unpeened SAE 1045
specimens relaxing in the compression part of the fatigue cycle was investi-

50¢
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FIG. 5—Comparison of residual stresses induced by water quenching and tempering of plain
carbon and boron steels of approximately equal carbon content and hardness.
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FIG. 6—Comparison of peak residual stresses near the surface for sieels of various
hardenabilities.

gated. Residual stresses were measured in a specimen after cycling at increas-
ing stress levels. Figure 12 shows the residual, maximum, and minimum
longitudinal stresses in the fatigue cycle as a function of the alternating stress.
The number of cycles at each stress level ranged from 2.3 to 7.3 million. As
shown in the figure, the longitudinal residual stress relaxed ; tangential stress
did not change.

Discussion

Variables Affecting Residual Stress

Hardness increased with increasing carbon content for a given temper, as
the curves in Fig. 3 show. Therefore, to achieve a given level of residual stress,
an increase in hardness was required as the carbon level was increased.
Residual stress increased rapidly with hardness at all carbon levels investi-
gated; the gradient was approximately 10 ksi per HRc point change. A carbon
level of 0.35 to 0.45 percent gave maximum compression for a given temper.
This is believed related to the M, temperature, the temperature correspond-
ing to the start of transformation of austenite to martensite. Transformation
evidently occurs at a temperature resulting in a maximum thermal stress-
transformation stress combination. A criterion of significance is that the
highest compressive residual stress is induced when the carbon is the minimum
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required to provide a given hardness, as shown in Fig. 4. This is explained
by the higher tempering temperatures (and accompanying stress relief) for a
given hardness as carbon increases.

Limited data on plain carbon-boron steels (not reported) showed similar
trends although the stress levels induced were somewhat lower. Boron in-
creased hardenability greatly, but residual compression was greatly reduced
(Fig. 5). A definite case-core with a sharp hardness transition was necessary
for high compressive stress. This optimized the transformation stress and
gave the highest compression. A particular instance would need to be evalu-
ated, however, to weigh the significance and desirability of deeper hardening
and strength against increased effective fatigue strength confined to a shallower
surface layer. Stress relaxation can occur in the finite life region in axial or
bending stress applications due to subsurface yielding, in which case the
greater core strength may be of more advantage.

The effect of quench severity can be seen by comparing the stress of 90-
ksi compression in the through-hardened bar of Fig. 6 with the low stress
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FIG. 7—Graph showing the effect of section size on residual stress induced by heat treat-
ment at two levels of hardness.
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FIG. 8—Plor showing surface residual stresses from hardening and shot peening. Note the
common curve resulting from peening for two different, prior residual stress states.

shown in Fig. 8 for the SAE 86B45 specimen of the same hardness. Both
specimens hardened through the section, so no transformation stress resulted
from a case-core relationship. However, the more severe water quench re-
sulted in substantially higher residual stresses because of the higher thermal
gradients.

Section size is of considerable significance, as shown by Fig. 7. When
attempting to enhance fatigue strength through compressive residual stresses,
large sections should be used to induce higher compression by heat treatment.
This demonstrates the inadequacy of using small fatigue specimens to predict
long-life fatigue performance of large parts that contain significant residual
stresses. This, furthermore, relates directly to areas of practical importance
where the machine members of critical interest are usually large. It is indeed
fortunate that compressive stresses due to heat teratment increase with size;
this helps offset brittle tendencies aggravated by both size and hardness.

Shot peening is a very practical means of cold working and is often used
to strengthen the surface layers by the introduction of residual compressive
stress. The “‘crossover” of the plots for SAE 1045 steel in Fig. 8 is believed to
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be of considerable significance. It is generally known that peening stretches
the surface and causes tensile yielding, leaving the surface in residual com-
pression. Compressive residual stresses similar to those shown to the left of
the crossover at lower hardness are usually expected. In the hardness range
of 20 to 50 HRc the stress is usually increased in compression by peening.
This also holds to the right of the crossover at 50 HRc when the prior residual
stress is low. It is of considerable interest to note, however, that shot peening
high-hardness steels greatly reduced the compressive residual stress when this
prior stress was very high in compression. The stress induced by peening de-
pends upon hardness and peening intensity to some extent but is quite
independent of prior stress state. This has been repeatedly demonstrateed in
our laboratory for a variety of prior residual stress conditions.

Interpretations of Fatigue Results

Influence of Hardness and Residual Stress—The general results of the
investigations on the through-hardened SAE 86B45 steel reported in Refs 4
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FIG. 9— Residual stresses in depth for the fatigue specimen at high hardness in the
hardened and shot-peened conditions. Note the decreased surface stress due to peening.
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and 10 are shown in Fig. 13. Fatigue limits are shown for hardnesses ranging
from 20 to 57 HRc and for two peening intensities, all with zero mechanical
mean stress and essentially zero residual stress. The data show a slight in-
clination toward a maximum fatigue limit for unpeened specimens between
50 and 57 HRc. The effect of compressive residual stress is to reduce the
tendency toward an optimum hardness. The line defined by specimens peened
to 0.016-in. Almen C-2 intensity and the SAE 1045 data represent approxi-
mately the maximum fatigue limit that can be obtained. When the surface of
the specimen is protected with high compressive residual stress there is no
tendency toward an optimum hardness for maximum fatigue limit. The tension-
governed fatigue failure mode is avoided if compressive residual stress is
present, because a very high alternating stress is required to put the surface
in tension. Frequently a value of one half of the ultimate tensile stress (UTS)
is used as the fatigue limit for machined surfaces. Note that a fatigue limit
much greater than +1/2 UTS can be obtained through the optimum use of
compressive residual stresses.

When tensile mean stresses are applied during the fatigue cycle, specimens
which have had the residual stresses imposed by shot peening frequently are
much more sensitive to the mechanical mean stress than unpeened specimens.
Figure 14 shows fatigue limit versus mechanical mean stress over a range of
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hardness and peening intensity. The fact that shot peening increases sensi-
tivity to tensile mean stress is certainly evident in Fig. 14; but if the data are
analyzed in terms of the fatigue failure criteria advanced by Fuchs [5], the
reasons for the trends become clear.

Fatigue Failure Criteria—Almen [11] provided the basic background for
understanding and analyzing the effects of residual stress on fatigue failure
when he pointed out that crack initiation and propagation are separate
phenomena. He further asserted that fatigue failures result from tensile
stresses and that surfaces are inherently weaker in fatigue than is subsurface
material. The recognition by Fuchs that at least three separate failure criteria
are needed to explain data on long-life fatigue provided a successful method
for analyzing the effects of residual stress, hardness, and notches on fatigue
strength. Fuch’s criteria are related to the following stresses:

1. The alternating shear stress required to initiate a fatigue crack.
2. The alternating tensile stress required to propagate a fatigue crack.
3. The stress required for yielding.

An attempt is made in Fig. 15 to apply the principles of analysis of crack
initiation and crack propagation behavior developed in Ref 5 to the data on

£250
1200 o
- o]
W
¥ o] \8_
~ a
@ 150} -
W s}
o
[
v a
2 + 100 - UNPEENED, 178 KSI MEAN STRES s 0o
g o FAILURE "
P PEENED, 180 KSI MEAN STRESS
& 8 VISIBLE CRACK " O
5 ¢+ 50} O FAWURE
< - SPECIMEN DID NOT FAIL
o A 1 —J
104 109 106 107

CYCLES TO FAILURE

FIG. 11—S-N curves for the conditions of Fig. 10 when a tensile mechanical mean stress
is applied.
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FIG. 12—Relaxation of residual stress due to cycling at increasing stress levels.

the SAE 86B45 material at 50 HRc. The net mean stress at the surface, as illus-
trated in Fig. 16, was used for those specimens plotted on the initiation line.
It appeared logical on those specimens in which cracks stopped at a subsur-
face location—the points plotted on the propagation line—to use the peak,
subsurface, net mean stress.

The steep slope of the propagation line indicates the great significance of
compressive residual stresses in increasing fatigue strength in the presence of
surface cracks. Such cracks might be present as a result of an intense peening
operation. Observation confirmed the existence of the shaded nonpropagating
crack region. Relaxation of residual stress was observed in the instance
indicated by the arrow in the figure.

Crack Investigation—Cracks were examined in a peened SAE 1045 fatigue
specimen which had been cycled at several increasing stress levels. Cracks
were observed at the positions of maximum stress after a million cycles at the
highest stress of +-221 ksi. After 7.6 million cycles at this stress level, the test
was stopped so the cracks could be examined. Figure 17 shows these cracks.
The specimen was then broken open by static bending. As shown in Fig. 18,
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the depth of cracking is indicated by the discoloration due to fretting corro-
sion. It corresponds to about 0.050 in., compared to the case depth of approxi-
mately 0.150 in.

These nonpropagating cracks are explained in part by the stress versus
depth curve in Fig. 9 for the peened specimens. The residual stress at the
surface was not very high in compression, so fatigue cracks could initiate
easily. As they propagated into regions of high compressive stress, however,
their progress was slowed or stopped. This nonpropagating region is shown
in Fig. 15 for SAE 86B45 at 50 HRc. A similar nonpropagating crack region
existed for the SAE 1045 data.

Since unpeened specimens contained higher compressive residual stress
near the surface, they may have been expected to perform even better in
fatigue. Actually, as shown in Fig. 10, fatigue performance was approxi-
mately the same for the two groups; however, the unpeened specimens did
not have nearly as many cracks at the surface. Both sets of specimens per-
formed very well in fatigue because the high compressive residual stress near
the surface put them in the nonpropagating crack region.
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This lower surface stress could not completely explain the fact that the
propagation criterion determines the fatigue strength of the peened specimens
in the presence of a tensile, mechanical mean stress. The SAE 1045 specimens
were examined to determine if cracks were produced by peening. Two-stage,
plastic-carbon replicas were made of the surface of an electropolished speci-
men and of one that had been peened, and were examined by electron micros-
copy. The only surface feature seen after electropolishing in Fig. 19a is the
etching at prior austenite grain boundaries. As shown in Fig. 19b, however,
peening produced features which could be interpreted as laps or cracks. This
was on a much smaller scale than the macroscopic roughening produced.
The damaging effect of peening in the presence of a tensile, applied mean
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stress also occurred in SAE 86B45 specimens at lower hardness. At 50 HRc,
peening intensity appeared to be the factor that determined sensitivity to
mean stress.

An attempt was made to determine the depth of the crack-like defects.
This was done by electropolishing and replicating the new surface. Data in
Table 2 indicate that the depth of the crack-like defects depends upon hard-
ness and peening intensity. Apparently, very superficial defects can cause the
shot-peened surface to act in fatigue as a cracked surface.

TABLE 2— Depth of defects produced by shot peening.

Electro- Approxi-

Peening polishing mate Defects

Material HRc¢ Intensity Time, s Depth, in.¢ Seen?
SAE 1045.......... 63 0.024 A-2 0 Surface Yes
10 0.06 X 103 No
SAE 86B45........ 50 0.024 A-2 0 Surface Yes
10 0.06 Yes
20 0.12 Yes
40 0.23 No
SAE 86B45. . ... ... 50 0.016 C-2 0 Surface Yes
10 0.06 Yes
20 0.12 Yes
40 0.23 Yes
80 0.46 No

« From linear interpolation, based on a profilometer measurement of 0.00092-in. depth,
after a 160-s polishing of the SAE 1045 specimen.
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FIG. 16—Mean stress distribution below the notch of a case-hardened, shot-peened fatigue
specimen.

Yielding—An important aspect of the yield criterion is the relaxation of
residual stresses. The minimum stresses shown in Fig. 12 are replotted in
Fig. 20 along with the maximum distortional energy ellipse for a uniaxial
yield strength of 320 ksi. The data illustrate that yielding occurred because
the minimum stress in the fatigue cycle could not exceed that permitted by
the maximum distortional energy theory; consequently, the residual stress
relaxed as shown in Fig. 12. In general, the effects of constraint on yielding
in a notch and the possibility of cyclic softening must be considered. Cyclic
softening becomes an increasingly important factor at stresses above the
fatigue limit, but it can also be a factor at the fatigue limit.

The criteria for relaxation of residual stresses are often overlooked. For
example, it is concluded in Ref 72 that near the fatigue limit the residual
stress remains practically unchanged by fatigue loading, while at stresses
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above the fatigue limit residual stresses may relax. This will usually be true,
but a relationship is implied between fatigue limit and residual stress relaxa-
tion which is, in fact, incidental, Gross yielding is discussed in the SAE
Fatigue Design Handbook [13] as the failure criterion that has to be considered.
In notched members, however, there can be a large difference between the
nominal stress required to produce gross yielding and that which causes the
onset of yielding in the notch. The initial yielding is important in long-life
fatigue because it can cause a redistribution of the residual stresses in the
notch.

Effect of Residual Stress in Fatigue

The method of Fuchs is very helpful in extending the analysis to sharper
notches. Data [/4] on sharply notched, round, unidirectional bend specimens
with a stress concentration factor of 3.6 illustrate that compressive residual
stresses can greatly increase fatigue strength, as predicted with the crack
propagation criterion,

The finding that the severely shot-peened surface of hard steel may have
low resistance to fatigue crack initiation could imply a condemnation of shot
peening. This is not the intent, and experience does not bear this out. If
compressive residual stresses can be developed in a part by heat treatment,

; 3

FIG. 17—Cracks in the surface of a shot-peened SAE 1045 fatigue specimen at 63 HRc,
after 7.6 million cycles at 221-ksi alternating stress. Multiple cracking and spalling are
evident.
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is shown by the discoloration due to fretting corrosion.

then this is certainly the logical way to attain them, since the peening opera-
tion can be eliminated. Frequently, residual stresses developed by heat treat-
ment will be relieved by a tempering operation required for other design
considerations. In these cases there may be no alternative to shot peening.
If the mechanical mean stress in a part in service is low, the implication that
peening initiates a crack is irrelevant. Of far more commercial importance
than the initiation of a crack by shot peening is the benefit that can be gained
by the masking of prior surface weaknesses through compressive residual
stresses induced by the peening.

Conclusions

Factors which contribute to maximum compressive residual stress are the
following:

1. High hardness with minimal or no tempering.

2. Optimum carbon for given temper: 0.35 to 0.45 percent.

3. Minimum carbon for given hardness.

4. Large sections: 3 to 4-in. diameter.
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FIG. 19—Electron micrographs showing surface defects produced by shot peening an
SAE 1045 specimen at 63 HRc: (a) unpeened, electropolished, and (b) shot peened.



250 HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS

TANGENTIAL STRESS,KS|
r400

200

-

400
LONGITUDINAL
STRESS, KSI

MIN. STRESSES _
IN FATIGUE CYCLE 400

FIG. 20— Residual stress relaxation data of Fig. 12 compared 10 the maximum distortional
energy ellipse.

5. Minimal hardenability (as influenced by manganese and boron over the
range studied).

6. Water quenching rather than oil quenching.

Very high fatigue strength is obtainable at high hardness if the residual
compressive stress is sufficiently high. A maximum compressive residual stress
of 250 ksi was produced in the surface of the critical section of 63-HRc
specimens, resulting in a maximum fatigue strength of 3230 ksi at one
million cycles.

Shot peening induces surface compressive residual stresses which are inde-
pendent of the prior-stressed condition. For this reason peening at high
hardness may be detrimental because of the possible reduction of the origi-
nally high compressive stresses from heat treatment.

Shot peening hard steel can cause crack-like defects on the surface which,
in turn, cause the fatigue strength to be governed by a crack propagation
criterion.

The effect of residual stress on fatigue limit depends on the governing
failure criteria:
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1. For crack initiation, an increase in the compressive residual stress
causes a small increase in fatigue limit.

2. For crack propagation, an increase in the compressive residual stress
can cause a corresponding increase in the fatigue limit.

3. When compressive residual stress is made very high, the crack propaga-
tion criterion determines the fatigue limit.
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DISCUSSION

W. G. Gibbons' (written discussiony—Subsurface failure initiation sites have
frequently been noted in the fatigue of specimens which have experienced a
stirface residual stress treatment such as shot peening. The authors have not
indicated observation of this phenomenon. However, initial results of a
rotating beam fatigue study on a steel of comparable hardness do indicate
subsurface failure origins for specimens containing surface residual stress.
Thus, further discussion of this topic is merited.

The material employed in the aforementioned study was H-11 steel (0.35
C, 5.00 Cr, 0.4 V, 1.5Mo) in a 55 to 56 HRc condition. Discussion of some
shot-peening results will indicate similarities and differences with respect to
the authors’ work. For the H-11 specimens the peak residual stress of —110
ksi, determined by X-ray techniques, occurred at the surface. Since the shot-
peening intensity employed was 0.024-in. Almen A-2, comparison with the
information of Fig. 8 shows a higher surface residual stress for the H-11.
This difference might be partially accounted for in the polishing of the hour-
glass gage section of the 0.250-in. minimum diameter specimens subsequent
to shot peening. Although the nonpeened H-11 specimens indicated a fatigue
limit of 111 ksi at 107 cycles (higher than the authors’ results of Fig. 13), the
peened fatigue limit was 118 ksi, which is essentially identical with the peened
results.

Subsurface failure origins were observed to occur in the shot-peened speci-
mens near the location of the maximum net tensile stress. The variation in the
results was due to the differences between the specimens of the residual stress
gradient and the fatigue strength gradient. The net stress had been considered
for only the tension-loading portion of the fatigue cycle. To obtain this for
some of the authors’ results, the tensile portion of the applied alternating
stress would have to be added to the net mean stress curve of Fig. 16. In per-
forming that operation, it appeared that the peak tensile stress would occur
at the surface. Thus, failure would initiate at the specimen surface and no
subsurface failure origins should be identified.

1 Materials project engineer, Sunstrand Aviation, Rockford, Ill. 61101. Associate mem-
ber ASTM.
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D. V. Nelson (author’s closurey—Mr. Gibbons’s interesting results further
point out the necessity for analyzing the residual and applied stresses for each
particular fatigue problem. A residual stress-inducing process can have widely
differing effects in fatigue, depending on the applied stresses. More work is
needed to determine how far below the surface the balancing tensile stress
has to be before it no longer has a measurable detrimental effect in fatigue.
Stress gradients would have an important effect in such an investigation.

The fatigue limit of the H-11 steel in the nonpeened condition (~111 ksi)
is higher than that of our unpeened curve in Fig. 13, because the tougher
H-11 steel presumably has more resistance to the tension-governed fatigue
failure mode. However, by optimizing hardenability, heat treatment, and
section size to obtain high compressive residual stress ( in an economical
steel) we could obtain a fatigue limit of approximately 170 ksi at the
55 to 56 HRc level compared to the 2118 ksi for the peened H-11 steel. Our
highest fatigue limit of 42215 ksi occurred in SAE 1045 steel at high hardness
with a residual compressive stress of 250 ksi. This very high fatigue limit
was a direct result of the very high compressive residual stress in the un-
peened SAE 1045 steel.
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Metal Fatique with Elevated Temperature
Rest Periods
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Periods,”’ Achievement of High Fatigue Resistance in Metals and Alloys, ASTM
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ABSTRACT: Intermittent annealing of oxygen-free high-conductivity copper is
used to investigate the accumulation of low-cycle fatigue damage under total
diametral strain control. Cyclic strain-induced cold work can be removed inde-
pendently of the number of prior strain cycles or annealing periods. Specimens
with frequent intermittent annealing have slightly extended fatigue lives instead
of reductions in life predicted on the basis of the Manson-Coffin relation.

Frequent rest periods at mildly elevated temperature reduce the cyclic plastic
strain and retard the fatigue damage process in mild steel tested under axial stress
control. Fatigue life may be increased by a factor of 100 as a result of treatments
applied every 1 percent of the estimated life. The Manson-Coffin relation accu-
rately predicts the prolongation of fatigue life in this case.

KEY WORDS: fatigue (materials), annealing, precipitation hardening, axial
stress, fatigue life, plastic deformation, metals, cold working, evaluation

Most of the research on metal fatigue has been aimed at prediction of
fatigue lives for load-carrying members. Studies of fatigue damage mecha-
nisms have also received considerable attention. In comparison with these
areas of interest, little research has been carried out on fatigue damage
alleviation, which concerns processes for extending fatigue life that may be
applied during fatigue loading. Investigations of such techniques may help
in clarifying the mechanisms of fatigue damage accumulation. There is also
hope that eventually practical methods will be found to extend the useful
fatigue life of structural members.

A number of techniques have been used in previous attempts to reverse
or retard fatigue damage. Surface peening [/],2 understressing and coaxing
[2, 3], and surface removal [4, 5, 6] are examples of successful methods. Rest

1 Assistant professor, College of Engineering, University of Wisconsin, Madison, Wis.
53706. Personal member ASTM.
? Ttalic numbers in brackets refer to the list of references at the end of this paper.
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periods and annealing have been tried in a relatively large number of investi-
gations but were found to be generally ineffective. A review [7] of these
investigations showed that all of them dealt with the long-life region, that
most of them used load control, that cyclic plastic strains were not measured,
and that rest periods were applied infrequently during the tests. The reported
small improvements in fatigue life were obtained only in ferrous metals.

Intermittent annealing and rest periods remain promising techniques in
fatigue research because they affect the bulk properties of the metal and may
cause large changes in stress-strain response. Such changes are responsible
for the effectiveness of the treatment and provide insight into the damage
mechanism. Recent advances in testing facilities and in the understanding of
the nature of fatigue damage make it worthwhile to study the effects of inter-
mittent treatments.

The main purpose of the present investigation is to study the feasibility of
extending low-cycle fatigue lives under both stress and strain control. Inter-
mittent heat treatments are used to alter the deformation characteristics of
copper and steel tested at room temperature. Cyclic stresses and strains are
monitored to show the material response between treatments. These measure-
ments are also necessary to judge how frequently the treatments must be re-
peated to prolong the fatigue life.

Intermittent Annealing of Strain-Cycled Copper

Previous attempts to extend the life of nonferrous metals have been largely
unsuccessful. Intermittent annealing of stress-cycled aluminum, brass, copper,
and magnesium were virtually ineffective [6, 8, 9]. A recent investigation by
Weissman and Park [/0] using aluminum single crystals indicates a slight
extension of fatigue life, but this work is difficult to interpret because defiec-
tion control was used in bending and annealing was done during cycling.
The best documented investigation is by Sinclair and Dolan [/]], which
showed that periodic recrystallization of brass did not affect its finite fatigue
life in a constant moment rotating bending test.

Repeated heating of nonferrous metals under load control is not expected
to improve the fatigue life, since these metals are generally softened rather
than strengthened by heating. After annealing they show considerable cyclic
hardening during the early portion of a fatigue test. Reducing the cold work
by annealing would therefore permit more cyclic plastic strain just after the
treatment, which could increase the fatigue damage as predicted by the Man-
son-Coffin relation [/2].

The behavior under cyclic strain control would be essentially the same
except that the cyclic stress would be temporarily reduced after each anneal.
Even though this is accomplished by an increase in the cyclic plastic strain,
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the fatigue life might be increased for nonferrous metals by effectively reduc-
ing the role of stress raisers. It is also possible that repeated annealing under
this condition may delay the onset of “nonhardening” strain and extend the
fatigue life despite the increase in cyclic plastic strain. Alden and Backofen
[13] applied frequent intermittent annealing in aluminum single crystals that
were cycled in pure bending. They found a delay in the clustering of slip that
is normally associated with fatigue cracking. Life data were not obtained in
these tests.

It appears that only Harries and Smith [5] have attempted to obtain fatigue
life data using intermittent annealing for a strain-cycled metal. They tested
aluminum in the long-life region, annealed once during each test, and reported
no effect due to these treatments. Cycle-dependent hardening is rapid in this
metal after annealing so that more frequent intermittent treatments are
needed to cause a large change in the fatigue behavior.

In the present work annealing was applied frequently during each test to
alter the cyclic stress-strain response and thus affect the fatigue life of copper.

Experimental Program

Material and Specimens—Oxygen-free, high-conductivity copper was
chosen for its cyclic-hardening characteristics. The chemical composition is
shown in Table 1. Hourglass specimens were made with a 1.00-in. radius of
curvature and 0.25-in. min diameter. Specimens were annealed in a moderate
vacuum of 103 torr at 630 C for 1 h.

Apparatus—Tests were conducted in an Instron machine. A liquid-solid grip
of Wood’s metal was used for clamping specimens without distortion. Loads
were measured by a cell in series with the specimen, and strains were meas-
ured by the diametral clip gage shown in Fig. 1. The clip gage (a strain gage

TABLE 1—Chemical composition of copper.

Element Composition by Volume

CU. . 99.99 %7 minimum
Total of As, Sb, Bi, Se, Te, Sn,and Mn....... ... <40 ppm
S <18

Pb. <10

S <10

Te. . o <10

Bi. .. <10

O, <10
P <3

Cd. e <1

/4 + N <1

Hg. ... <1
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FIG. 1—Hourglass specimen with diametral clip gage.

extensometer) exerted a lateral force of 1 1b or less on the specimen. The
contact blocks on the gage were contoured to the hourglass shape of the
specimen to get low contact pressure. Hysteresis loops were frequently re-
corded during each test. A vacuum furnace was used for the periodic anneal-
ing of the specimens.

Test Conditions—Strain cycling was done at room temperature. Fully re-
versed, axial push-pull was applied under 0.8 percent total diametral strain
control. The resulting total longitudinal strain calculated for the minimum
section was 1.75 percent. Tests were performed at the rate of 2 cycles per
minute. At the end of each block of cycles, the specimens were returned to
zero stress and strain and then removed from the machine for annealing in a
10—2-torr vacuum. Temperature was raised to 575 C in 30 min. Specimens
were at the peak temperature for 3 min and were furnace cooled under
vacuum in 15 h.
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Results and Discussion

The mechanical properties for the copper were determined at 0.02-in./min
crosshead speed and are listed in Table 2. The cyclic data show that after each
annealing the metal regains its original deformation characteristics. A typical
sequence of hysteresis loops in Fig. 2 shows that the increase in plastic strain
and the decrease in stress is temporary. Similar loops were obtained through-
out the fatigue life, independent of the frequency of annealing, and even in
the presence of visible cracks. The variation in plastic strain caused by re-
peated annealing is shown in Fig. 3. The stresses vary under the constant
total strain range, as is demonstrated in Fig. 4.

TABLE 2—Mounotonic mechanical properties of copper.

0.2% Offset Ultimate Reduction Strain

Yield Strength, Strength, of Area, Hardening

Condition ksi ksi % Exponent
Annealed. . .. .. 3 30 80 0.40

The distribution of fatigue lives (under 0.8 percent diametral strain control)
for various intermittent treatments is given in Table 3. The tests are also
shown in the plastic strain range versus fatigue life plot of Fig. 5. Average life
increases slightly with the number of annealing periods: specimens annealed
every 300 cycles had a 20 percent increase and those annealed every 50 c+cles

50
10

Fig. 2—Typical hysteresis loops following annealing of strain-cycled copper.
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FIG. 3—Temporary increases of plastic strain range in copper following annealing.

had a 30 percent increase in life compared with the group not treated during
testing. For each group the improvement in mean life is significant at the 99.9
percent Jevel of confidence found from the t-distribution. A comparison of
the F ratios with tables of the F-distribution shows that the dispersion was
not affected by the treatments.

Damage Analysis—The data show that the cyclic plastic strain increases
after intermittent annealing as expected. It was not expected, however, that
the fatigue lives would also increase. On the basis of the Manson-Coffin
relation [12] a shortened fatigue life is predicted for an increase in plastic
strain range. Fatigue life depends on cyclic plastic strain according to the
following equation:

Aep/2 = ¢ (2N
where:

¢ = —0.55 for annealed copper [/4],
Ae, = plastic strain range,
N, = fatigue life in cycles, and

¢/ = constant.

This equation may be used to calculate cumulative fatigue damage when the
cyclic plastic strains are known. Plastic strain range versus cycles curves,
as in Fig. 3, are broken into short segments, and for each segment the repre-
sentative plastic strain is raised to the 1/¢ power and multiplied by the
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FIG. 4—Cycle-dependent hardening of copper with intermittent annealing.

number of cycles in the segment. Summing over the entire test, a number
proportional to the total fatigue damage is obtained. Using averages of the
measured strain levels for the three groups of specimens in Table 3, the pre-
dicted lives for Groups B and C are 1000 and 900 cycles, respectively. Con-
sidering the predictions based on plastic strain, the improvement in average
life becomes 50 percent for Group B and 80 percent for Group C. It should
be emphasized that these theoretical improvements in life are larger than the
actual values shown in Table 3.

There are a number of causes for changes in the fatigue life of intermittently
annealed specimens: the notch effect of the surface features resulting from
enhanced plasticity (to be discussed later), a small degree of oxidation in the
high strain region, progressively increasing eccentricity at the test section,
and frequent handling of each specimen. All of these are known to be adverse
to some extent under any fatigue-loading condition.
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TABLE 3—Fatigue lives of copper.®

A B C
Not Annealed Annealed Annealed Every
During Test Every 300 Cycles 50 Cycles to N = 1200
Ny = 1127 N; = 1303 Ny = 1508
1129 1346 1510
1141 1456 1594
1166 1464 1619
1210 1465 1716
1298 1472 1791
1329 1560°% —
1352 1696 Average 1623
1375 —_— Standard deviation 113

—_— Average 1470
Average 1237 Standard deviation 117
Standard deviation 102

« (.8 percent total diametral strain range; failure was recorded when a specimen could
not support a 20-ksi nominal tensile load.
b Specimen was not annealed at N = 1500 because cracks were visible,

The annealing treatments are not expected to heal existing cracks. To
achieve solid-phase welding it would be necessary to have the specimens in
high vacuum and under compressive load during annealing. Since these
conditions were not satisfied, it was only possible to retard, not reverse, the

>
© o9
& OSingle tests, no intermittent annealing
. o4  @Ave. of O fests, no infermittent annealing
% o Ave. of 8 fests, annealed every 300 cycles
g kL A Ave. of 6 tests, annealed every 50 cycles
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FIG. 5—Diametral plastic strain range versus fatigue life for copper.



262 HIGH FATIGUE RESISTANCE IN METALS AND ALLOYS

fatigue damage process. The retardation is believed to be caused by a delay
in the clustering of slip. In other words, fatigue cracks propagate slowly when
slip is uniform and stresses do not build up at the tips of cracks.

Specimen Surface Features—There is qualitative evidence supporting data
which show that intermittent annealing causes increased cyclic plastic strain,
Comparison of specimen surfaces shows that enhanced slip took place in the
frequently annealed specimens. In Fig. 6 the specimen not annealed during
testing shows slip markings that are typical at this life range. The specimen
contour is not altered noticeably from that of a virgin specimen, except for
a slight bulging at sections away from the minimum diameter. This is caused
by plastic flow [/5] and is typical under diametral strain control. The photo-
graph of the frequently annealed specimen shows unusually severe slip
markings but no evidence of cracks. The contour is uneven and the bulging
indicates enhanced plasticity. It must be emphasized that there are no surface
features that could be attributed to the diametral clip gage.

Grain Size—A consequence of repeated straining and annealing was grain
growth from the original size of 3 to 5, determined through ASTM Standard
Methods for Estimating the Average Grain Size of Metals (E 112 - 63), to
about I or less for the specimens of Group C. The change in grain size has
to be considered in any discussion of increases in fatigue life. It is well-
established that under load control the fatigue life is inversely related to the
grain size [/6]. There are no conclusive reports, however, that are based on
strain-controlled tests. Coffin and Read [/7] reported that at a given strain
range fatigue life of stainless steel decreased with increasing prior cold work.
Baldwin et al [/8] showed for the same type of stainless steel that grain size
had little or no effect in strain-cycling fatigue. Benham’s (/4] investigation
of copper at low endurance revealed identical total strain versus life curves
for the annealed and cold-worked specimens of the metal. Results from
Feltner and Laird [/9] and several other investigators discussed by them are
also relevant. Flow stresses of annealed and cold-worked copper after high-
amplitude fatigue was applied were found to be identically dependent on the
temperature of the subsequent annealing. Furthermore, grain size had a
negligible effect on the unidirectional flow stress and on the cyclic stress-
strain curves of copper.

Thus, definite conclusions cannot be made concerning grain growth. It
seems worthwhile, however, to devote future research to the possible effect
of grain size in strain-cycling fatigue. Such research may have a practical
significance because it is known that the metal at the root of a notch in a
member subjected to cyclic loading is under strain control in the steady
state [20].

Frequency of Annealing—Changes in fatigue life depend on the frequency of
annealing, as shown in Fig. 7. Points a, b, and d represent a few tests that
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FIG. 7—lIncrease in fatigue life versus frequency of annealing for strain-cycled copper.

were not discussed previously, and points ¢ and e are the results of tests listed
in Table 3. It is possible that the points labeled e would have been closer to
the respective straight lines had the annealing treatments not been termi-
nated at 1200 cycles for that group. The treatments were discontinued in this
case, because the specimen surfaces had become exceedingly rough as a
result of enhanced slip. Diametral strain control thus becomes progressively
more difficult and eventually meaningless.

The straight lines in Fig. 7 indicate the amount that the fatigue life can be
extended under the present conditions. It is seen that infrequent annealing
has a negligible effect on life. In the experiments of Harries and Smith [5],
for example, annealing was done only once during the life of each specimen.
Changes in life due to their treatments could have been obscured by inherent
scatter in the results. It will be shown in a later section that infrequent treat-
ments are also ineffective in the case of mild steel.

Increasing the frequency of annealing, on the other hand, does not neces-
sarily result in a large extension of life. Figure 7 shows that the annealing
of copper would have to be repeated every 0.1 percent of the estimated life
to get an improvement in life by a factor of two based on total strain. But
this is not feasible, since more frequent treatment would aggravate the
geometrical changes caused by enhanced slip, and also the fatigue tests would
become exceedingly long, even for research purposes, as the time of a rest
period is large compared to that of a strain cycle. Thus, experimentation is
best confined to the range of annealing frequencies used in this investigation.
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Conclusions

In strain-cycled copper, intermittent annealing increases the cyclic plastic
strain and reduces the stresses caused by cyclic cold work. The original
monotonic and cyclic deformation characteristics are restored by annealing.
Enhanced slip causes the specimen surfaces to become unusually rough and
the geometry to be changed considerably. Strain-cycled copper with inter-
mittent annealing does not obey the Manson-Coffin relation. Average fatigue
lives are increased up to 30 percent on the basis of total strain range and up
to 80 percent on the basis of cyclic plastic strain. Grain growth due to the
treatments may lead to an observed extension of life, but a more probable
mechanism is that the fatigue damage process is retarded by a delay in the
clustering of slip.

Extension of Fatigue Life in Steel

Attempts to extend the fatigue life have been more successful for ferrous
metals than for nonferrous metals. There are two reasons for the difference
in results: one is the phenomenon of strain aging in ferrous metals, the other
is the use of load control in previous experiments.

Bairstow [2]] found that in plastically strained steel, elasticity could be
recovered by allowing periods of rest after fatigue loading. Later studies of
strain aging showed that strengthening is caused by solute carbon and nitro-
gen atoms that are able to diffuse to dislocation sites during a rest period.
Dislocations become anchored and the flow stress is increased, because the
solute atoms lower the lattice energy [22].

Intermediate strain aging by elevated temperature rest periods may be
beneficial in the fatigue of steels under stress control. In this case the cyclic
plastic strain is reduced and an increase in life is possible. The same metals
subjected to strain control may be expected to show improvement only if the
strains are in the elastic range, a condition that is practically the same as
stress control. At larger strain ranges the cyclic plastic strain would rapidly
wash out the strengthening caused by prior strain aging. Previous investi-
gators did not use similar considerations in planning experiments; they used
load control or bending simply because, at the time, these were the only
practical techniques of fatigue loading.

A number of different steels have been tested using elevated temperature
rest periods during fatigue. Bollenrath and Cornelius [8] reported no effect
from rest periods in a chromium-molybdenum steel and in an austenitic
chromium-nickel steel. They also tested ingot iron and found its life extended
by a factor of up to 100. Only a few tests were made, and these are difficult
to interpret because the loading was from zero to tension, causing cycle-
dependent softening and creep. Freudenthal et al [9] observed slight exten-
sions in the fatigue life of SAE 4340 steel. Karius et al [23] tested a small
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number of low carbon steel specimens with various intermittent heat treat-
ments. Their best result was an improvement in life by a factor of six.

There are reports for steel showing no improvement in fatigue life due to
elevated temperature rest periods. Treatments were applied infrequently dur-
ing a fatigue test [24). The importance of frequent heat treatments to prolong
fatigue life has become clear only recently, when cyclic plastic strains were
measured and indicated the ‘‘temporary” nature of the strengthening
achieved by strain aging.

In the present work elevated temperature rest periods were applied in
stress-controlled fatigue tests of mild steel. Frequent repetition of the treat-
ments caused a large reduction in cyclic plastic strain; so a significant increase
in life could be expected.

Experimental Program

Fifteen SAE 4140 steel specimens were tested to establish procedures and
to show that the cyclic deformation characteristics can be changed by inter-
mediate strain aging. Cyclic plastic strains were measured in these tests, and
the following results were found most relevant to this investigation of fatigue
damage alleviation:

1. Intermittent heating reduces the cyclic plastic strain at any stage during
the fatigue life, even when large cracks are present.

2. The plastic strain range rapidly increases with cycles after a rest period.
Large increases in fatigue life are possible only if the treatments are repeated
frequently in each test.

3. Temperature “spikes’ lasting only about a minute and reaching a peak
of 600 F are adequate for strengthening by strain aging.

4, Large temperature gradients during the rest period and oxidation due
to heating in air do not noticeably affect the life in the low-cycle region.

These preliminary findings were used as guides in planning experiments
with low carbon steel.

Material and Specimens—The low carbon steel specimens were taken from
the same heat to insure uniform properties. The chemical composition is
given in Table 4. Bars of the stecl were annealed for 1 h at 1650 F and furnace
cooled. The specimen geometry was the same as that described in the section
on Intermittent Annealing. Some of the specimens were strained in tension
and aged before cycling to raise the original yield strength of 40 ksi to about
85 ksi.

TABLE 4—Chemical composition of mild steel in weight percent.

C Mn P S Si Al N

0.17.... 0.48 0.007 0.023 0.024 0.010 0.003
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FIG. 8—Temperature cycle during rest period in mild steel.

Appararus—The equipment used in the fatigue tests was described pre-
viously. A radiant heater was used for intermittent heating of the specimens
in situ. The specimen grips were water cooled to protect the load cell and to
cool the specimens after heating.

Test Conditions—Load cycling was done at room temperature, at two to
four cycles per minute, and under controlled axial stress with zero mean
stress. Tests were interrupted periodically at the tensile load limit to apply
the temperature cycle shown schematically in Fig. 8. Specimens were con-
strained during the rest periods so that the loads changed with thermal expan-
sion and contraction, as shown in Fig. 9. Cycling was resumed at the end of
the cooling period.

a crosshead stopped,

heafing starts cycling resumes at
+ ( room temperature

-
tension due
to cooling

Stress

4
° l iheatinq ‘ Time

stops

thermol
expansion,
load relaxes

FIG. 9—Schematic of stresses for load cycling of mild steel with intermitient heating.
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Results and Discussion

The monotonic mechanical properties for the mild steel are listed in Table
5. Results of the cyclic tests are given in the stress range versus fatigue life
plot of Fig. 10. The results for specimens that received no intermittent heat
treatment conform to data on a similar low carbon steel [25]. The specimens
without initial strain aging cyclically harden at these high stress levels, as
shown by the cyclically decreasing plastic strain for Specimen A8 in Fig. 11.
Initially strain-aged specimens rapidly soften at first and then harden (con-
sider Specimen A6 in Fig. 12) and show a slight improvement in fatigue life.

TABLE 5—Monotonic mechanical properties of mild steel.

Yield Ultimate Fracture Reduction
Strength, Strength, Strength, ¢ of Area,
Condition ksi ksi ksi %
Annealed. .. ... 40 65 122 60

¢ Not corrected for triaxial state of stress.

Specimens that were heated after every ten cycles (every 8 percent of the
estimated fatigue life) had their lives improved by a factor of about two. This
agrees with the results of previous investigations [9, 23]. There were large
improvements in life, up to a factor of 100, when heating was done after
every | percent of the estimated life.

500
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E ot
5) ® Specimens with no intermitient heating
r O Specimens heated aofter every ten cycles
L & Specimens heated after every cycle
20 1 T R [P ST S T T N 08 N
100 1,000 10,000

Cycles to Failure
FI1G. 10—Stress range versus fatigue life for mild steel.
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FIG. 11—Plastic strain versus cycles for mild steel.

The observed scatter in life of the intermittently heated specimens is only
partly inherent in the metal. It is mainly due to variations in the lengths of
heating periods from specimen to specimen. The differences in intermittent
treatment are also evident in the slopes of the plastic strain versus cycles
plots of Figs. 11 and 12.

Damage Analysis—The improvement in fatigue life results from the reduc-
tion in cyclic plastic strain range. These two quantities are related by the
equation described before; the only difference is in the value of the exponent:
for mild steel, ¢ ~ —0.6 as found by Topper and Biggs [25].

Damage summations for the specimens of Fig. 10 are about equal. Thus,
the improvement in fatigue life was due to the artificial reduction in cyclic
plastic strain caused by intermittent heating. In other words, strain aging
does not alleviate fatigue damage already present in the metal but, rather,
retards the damage process by reducing the cyclic plastic strain.

Transients in Plastic Strain—Initially strain-aged specimens cyclically soften
at the beginning of the fatigue test and later cyclically harden. The size of
the “hump’ in plastic strain range versus cycles curves, such as Fig. 12,
depends on the extent of strain aging before cycling and on the length and
temperature of the rest periods during fatigue. These cycle-dependent changes
in plastic strain indicate that the rate of damage accumulation is highest in
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FIG. 12—Plastic strain versus cycles for mild steel.

the early part of a fatigue test of mild steel. Further studies of this behavior
are encouraged because they could lead to a better understanding of the
fatigue damage mechanism.

There are large transients in plastic strain versus cycles behavior when the
frequency of application of rest periods is drastically changed during a test,
as illustrated in Fig. 12. Specimen C3 was heated after every cycle, except
for two separate blocks of cycles during which no rest periods were allowed.
There are remarkably rapid changes in cyclic plastic strain at both the begin-
ning of these blocks and immediately following them. These transients show
the importance of monitoring the cyclic plastic strain in attempts to alleviate
fatigue damage by strain aging. It is worth noting that the two regions of
“cyclic overstraining” in Specimen C3 have exhausted one third of the esti-
mated life on the basis of cyclic plastic strain.

Fracture Appearance—Specimens that are not heated intermittently fracture
in a ductile manner, as shown by Specimens A8 and A1l in Fig. 13. The only
differences between these are in the size of fatigue cracks—the relatively flat
and bright areas of Fig. 13 (dark areas show the final shear separations).
The intermittently heated Specimen C1 has relatively small fatigue cracks—
the dark, oxidized peripheral areas in Fig. 13. The remaining area has a
fine, sparkling appearance and only a few secondary cracks. This change
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from the usual ductile failure to a brittle cleavage fracture has not been re-
ported previously.

Microscopic observations at magnifications of up to 1000 were made on
a longitudinal section of Specimen CI. Strain aging did not cause noticeable
structural changes. Such changes are not expected to be easily detectable,
since Coffin [26] has found no precipitates at a magnification of 7500 in
cyclically strain-aged mild steel.

Cycling at Elevated Temperature—Six mild steel specimens were cycled at
150-ksi stress range and 600 F temperature for comparison with the inter-
mittently heated specimens. Cyclic plastic strains were not measured. Fatigue
lives were about a factor of ten longer than in room temperature tests at the
same stress range. An increase in life was expected, since Levy and Sinclair
[27] had found improved fatigue resistance for low carbon steel tested at
mildly elevated temperatures in the long-life region.

The fracture appearance of a specimen cycled at elevated temperature is
distinctly different from those shown in Fig. 13. The fatigue crack is even
smaller than that of Specimen CI, which indicates brittle fracture. However,
the final separation is in shear, and the surface does not have the fine and
bright features of Specimen C1 in Fig. 13.

Conclusions

Frequent rest periods at mildly elevated temperature prolong the fatigue
life of low carbon steel tested under stress control. Improvements in life by
a factor of 100 are possible when the rest periods are applied every 1 percent
of the estimated fatigue life. Fatigue damage already present in the metal is
not eliminated, but the damage process is retarded because the cyclic plastic
strain is reduced. It is demonstrated that measurements of plastic strain are
important in attempts to extend fatigue life. Frequently repeated strain aging
causes the mode of fracture to change from the usual shear failure to a brittle
cleavage.

Conclusions

Elevated temperature rest periods were used to change the room tempera-
ture stress-strain response of both cyclically hardening and softening metals.
The fatigue life was extended under appropriate cyclic control conditions.

Strain-cycled copper was intermittently annealed to reduce the level of
stress caused by cyclic cold work. The initial stress-strain response could be
restored throughout the fatigue life. Frequently repeated annealing of a
specimen resulted in a slight prolongation of fatigue life even though the
cyclic plastic strains were increased with treatments. The improvement in
life was probably caused by a delay in the clustering of slip.



SANDOR ON ELEVATED TEMPERATURE REST PERIODS 273

The fatigue resistance of low carbon steel was improved greatly in stress-
controlled tests. Intermittent strain aging treatments retarded the fatigue
damage process by reducing the cyclic plastic strain. Fatigue life was
increased by a factor of 100 when the treatments were applied every 1 percent
of the estimated life. The Manson-Coffin relation accurately predicted the
increase in fatigue life in these particular experiments. Frequently repeated
cyclic strain aging resulted in a shear-to-tensile transition in the fracture
mode.
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DISCUSSION

C. C. S. Yen! (written discussiony—Schulz,? in a number of papers published
between 1922 and 1945, found that rest periods improved the fatigue life of
various steels. In 1948 and 1949 Freudenthal et al,? in a study of thermal
activation, conducted statistical analyses of extensive fatigue test data and
concluded that resting at 350 F indeed improved fatigue life of 1045 and 4340
steel. However, it was also found that a resting period slightly reduced the
life of fully annealed electrolytic copper and aluminum alloy 7075-T6. In
1963 McEvily et al* showed that resting or aging at 150 C (302 F) for 3 h
slightly reduced the life of 2024-T4 alloy, but aging at 150 C for 16 h markedly
increased the life. All the above results are in the long- or intermediate-life
region.

The intriguing complexities of metal behavior under repeated stressing or
straining still defy a quantitative prediction of the fatigue life of an actual
machine part as influenced by a rest period. In view of the current state of
our knowledge, the present paper is an important contribution. I believe that
greater effort should now be expended on the study of the effect of a rest
period for objectives on both scientific and industrial fronts. Scientifically,
the fatigue mechanism as related to dislocation dynamics, thermal activation,
alloy reversion, strain aging, etc., can be better understood. Industrially, the
results of study may be used beneficially to improve the product life and to
prevent failure. I believe that if the effects of resting at ambient temperatures
are well known, everybody could use the results of study for better control
of the service life of automobile and other machine parts.

1 Research projects engineer, Hughes Tool Co., Aircraft Division, Culver City, Calif.
90230.

2 Schule, E. H., Stahl und Eisen, STEIA, Vol. 60, 1940, p. 100; Archiv fuer das Eisen-
huettenwesen, AREIA, Vol. 12, 1938, p. 141 and Vol. 18, 1945, p. 155.

3 Freudenthal, A. M. et al, “Materials Beshavior Under Repeated Stress,”” 8th and 12th
Progress Report, Engineering Experiment Station, University of Illinois, Urbana, Ili.,
1948-1949.

1 McEvily, A. 1., Jr., et al, Transactions, American Institute of Mining and Metallurgical
Engineers, TAMMA, Vol. 227, 1963, p. 1093.

275

Copyright®1970 by ASTM International Www.astm.org



T. L. Gerber' and H. O. Fuchs*

Improvement in the Fatigue Strength of
Notched Bars by Compressive Self-Stresses

REFERENCE: Gerber, T. L. and Fuchs, H. O., *“Improvement in the Fatigue
Strength of Notched Bars by Compressive Self-Stresses,”” Achievement of High
Fatigue Resistance in Metals and Alloys, ASTM STP 467, American Society for
Testing and Materilas, 1970, 276-295.

ABSTRACT: In this investigation the long-life fatigue strength of sharply
notched steel bars was improved by as much as 300 percent with the introduction
of compressive self-stresses. Compressive self-stresses were produced by an axial
tensile preload. Quantitative estimates of this improvement were made as a func-
tion of preload using suitable failure criteria and an analytical estimate of the
stable self-stress distribution. The importance of the distribution in depth is
demonstrated. A criterion for predicting crack propagation is improved and
clarified.

KEY WORDS: fatigue (materials), residual stress, stresses, notch strength, yield
strength, stress concentration, crack initiation, crack propagation, loads (forces)

Since the 1930’s the relationship between self-stresses or residual stresses?
and fatigue resistance has been investigated. Horger [2]* has given a good
review of the literature up to 1950. More recently a number of books have
been written in whole or in part on the subject [3-6].

Two assumptions are usually employed to make quantitative predictions of
the effect of self-stress on fatigue resistance: (1) self-stresses are assumed to
have the same influence on fatigue strength or fatigue life as a mean stress
and (2) the self-stresses that are assumed to be significant to fatigue are those
at or near the surface. Rowland [7] has reviewed work in which one or both
of these assumptions have been substantiated [8—/0]. Specimens used in these
studies were either smooth or midly notched steel specimens of over 25 HRc.

1 Engineer, Nuclear Energy Div., General Electric Co., San Jose, Calif., 95125. Formerly
research assistant, Mechanical Engineering Dept., Stanford University, Stanford, Calif.

2 Professor, Mechanical Engineering Dept., Stanford University, Stanford, Calif. 94305.
Personal member of ASTM.

3 Self-stress or residual stress in this study implies macroresidual stress as opposed to
microresidual stress, although both may affect fatigue performance [7].

1 Jtalic numbers in brackets refer to the list of references at the end of this paper.
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Along with observing that predictions of performance were reasonable when
surface self-stresses were treated as a mean stress component, Rowland
pointed out that near the fatigue limit the self-stresses were not changed by
the fatigue loading.

When stress concentrations are present, or when soft materials (materials
for which the ratio of reversed loading fatigue strength to yield strength
approaches unity) are used, the distribution of the self-stresses may change
during shakedown. It then becomes important to study the influence of fatigue
loading on the distribution of self-stresses. Rosenthal and Sines [/1] studied
the effect on fatigue strength of self-stresses produced by preloading notched
aluminum plates. Their results showed that the fatigue strength of precipita-
tion-hardened specimens was increased by tensile preloading, while that of
specimens annealed before preloading remained unchanged. Taira and
Murakami [/2] show similar results with preloaded, notched, medium carbon
steel plates.

For notched plates, quantitative predictions of the effect of self-stress on
fatigue strength can be made [/1, 13]. For notched bars, the influence of self-
stresses is not as well understood. The problem is more difficult because the
stress distribution is three-dimensional and the region below the notch root
cannot be examined.

Experimental work in which notched bars were preloaded shows that very
large improvements in fatigue strength can be produced. Dugdale [/4] has
shown that the fatigue strengths of V-notched specimens are increased 53
percent (mild steel), 114 percent (higher carbon steel), 96 percent (nickel
steel), and 266 percent (aluminum). Forest [/5] produced an improvement of
100 percent and Heller et al [/6] an improvement of 193 percent by preload-
ing notched aluminum bars. These improvements are larger than could be
produced by preloading notched plates [/3]. (In the tests reported in this
paper improvements up to 300 percent were observed.)

Dugdale [/4] speculated that in notched bars self-stresses have a greater
modifying effect on the cyclic stress required to propagate an existing crack
than they have on the cyclic stress required to initiate a crack. Heller et al [16]
pointed out that the strengthening appears to be due to compressive self-
stresses that are produced below the notch root. In the experimental work and
analysis that are reported in the following sections, both these observations
are substantiated.

In the first section of this paper tests and experimental results are reported.
Notched steel bars were preloaded in axial tension to produce compressive
self-stresses at the notch root. Subsequently, these parts were cycled in rotat-
ing bending to determine the fatigue strength. In the next section, design
criteria for crack nucleation and propagation are used to predict the influence
of self-stresses on fatigue strength. This analysis demonstrates the importance
of considering nucleation and propagation separately and emphasizes the
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features of the distributions of the load and self-stress that are important to
strength. Finally, after estimating the stable self-stress distribution produced
by preloading and altered by the cyclic loading, the design criteria are used
to predict the strength of the experimentally tested parts.

Experimental Work

Circumferentially notched bars of AISI Type 4340 steel were loaded in
axial tension to produce local yielding and, thus, compressive self-stress at
the notch root. Following the tensile preload, specimens were cycled in
rotating bending to determine the fatigue strength at one million cycles.

The test specimen geometries are shown in Fig. 1 and the stress concentra-
tion factors are listed in Table 1. Two sizes of test specimens were employed:
“small” specimens, minimum diameter of 0.20 in. (5.1 mm), and “large”
specimens, minimum diameter of 0.50 in. (12.7 mm). For the small specimens
one smooth and one notch geometry were tested, while for the large speci-
mens one smooth and two notch configurations were used. Note that
specimen Types 101 and 202 are geometrically similar and therefore have
equal theoretical stress concentration factors.

TABLE 1—Stress concentration factors for notched test specimens.

Specimen Axial Stress Bending Stress
Geometry Type Concentration, Kz (4 Concentration, Krg)
101............ 2.65 2.15
200............ 3.95 3.20
202............ 2.65 2.15

The test specimens were machined from hot-rolled and annealed AISI
E4340 alloy steel, electric furnace produced to U.S. Military Specification
MIL-S-5000B-1. This alloy was selected because of good hardenability and
because a large change in mechanical properties can be produced by temper-
ing. Also, there is considerable background and experience with the fatigue
properties of this material. Following machining the specimens were given
one of two heat treatments. The heat treatments consisted of hardening and
tempering to produce either 24 or 49 HRc. (In subsequent discussion the
subscript S indicates 24 HRc and the subscript H, 49 HRc.) Tension speci-
mens which had been heat-treated were used to determine the 0.2 percent
offset yield strength and the ultimate strength:

HRc Yield Strength (Sy) Ultimate Strength (St)

24...... 121 ksi (834 MN /m?) 170 ksi (1170 MN /m?)
49...... 225 ksi (1550 MN/m?) 265 ksi (1830 MN /m?)
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To produce compressive self-stresses in the vicinity of the notch root,
specimens were given axial tensile preloads. Notched specimens were given
either no preload or one of several different preloads: the lowest 25 percent
above the load at which one would predict yielding to begin at the notch root
[(Area X Sy)/Krs), where Kp4 is the theoretical stress concentration factor
for an axial load], the highest 95 percent of the static tensile fracture load of
the notched specimen. Smooth specimens were given no preload or a preload
which produced gross yielding at the minimum cross section.

(a) TYPE 100 0.200 in.
_ {5.08 mm)
100 e v
(b) TYPE 101 A

0.015 in. R. .3331n, di
iy ¥ 13an
le— 6.0in. (152mm) ——{ (5.08 mm)
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IHHK T~ [l
{d) TYPE 201 AN
¥
0.833 in. diam
0,015 in. R. (21.16 mm)
0.381 mm)
oty ( i 0.500 in. diam
H“I \_/'\\\ 'HH (12.70“"“)
(e) TYPE 202
i
Oig:*i:ilig . :I:‘a)m
0.037 in. R T‘ *
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(12.70 mm)

T

FIG. 1—Test specimen geometries.
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FIG. 2-—The effect of preload on the fatigue strength of soft (24 HRc) specimens.

All fatigue tests were rotating bending tests. A step test [/7] was run with
one specimen of each type, heat treatment, and preload to estimate the
fatigue strength at one million cycles. Based on these preliminary results,
staircase tests [/7] were designed and carried out. For each staircase, 6 to 10
specimens were employed. The staircase test results were analyzed by the
methods of Brownlee et al [18].

The results of the fatigue tests are summarized in Figs. 2 and 3; detailed
test data are reported elsewhere [/9]. In Figs. 2 and 3 the fatigue strength is
given as a function of preload. Two features of the curves should be noted:

1. The largest preload resulted in fatigue strengths of the notched speci-
mens equal to those of the smooth specimens of equal minimum diameter.
For specimens of Type 201-H this was an improvement of approximately
300 percent.
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FIG. 3—The effect of preioad on the fatigue strength of hard (49 HRc) specimens.

2. No appreciable increase in the fatigue strength of soft 24 (HRc) speci-
mens was achieved unless the notched specimens had been given a preload
almost three times as large as would be expected to first produce self-stresses.
These features are explained in the next section.

Following cyclic loading it was noticed that specimens which had been
given one of the larger preloads but had not failed during the fatigue loading
had visible circumferential cracks at the notch root (Fig. 4). These cracked
specimens were fractured in static tension, the fracture surface photographed
(Fig. 5), and the crack depths measured. Cracks were found on both hard and
soft specimens. (Figure 13 shows the average crack depths.)

It is justified to call the circumferential cracks “nonpropagating” for the
following reason: Not all specimens which survived one million cycles were
immediately removed from the fatigue machine. Many of the large specimens
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FIG. 4—Circumferential cracks at the notch root of a preloaded and fatigue-loaded specimen.

were cycled many more times, a few as much as 16 million cycles. Yet, when
these specimens were fractured, the depths of the circumferential cracks were
the same as those found in specimens that had been removed from the fatigue
machine at one million cycles. An explanation for the existence of these non-
propagating cracks is given in the next section.

Design Criteria for Notched Parts with Self-Stresses

In an earlier paper [20] we developed an analytical estimate of the elastic-
plastic stress distribution caused by the axial loading of circumferentially
notched bars. This estimate employed a slip line field solution for stresses in
the plastic zone and a modification of Neuber’s elastic equations for stresses
in the remaining elastic material. Strain hardening was neglected. Recently,
the size of yield zone estimated with this procedure has been compared with
that found in loaded, sectioned, and etched iron-silicon specimens [/9].

When an axial, tensile preload which has caused tensile yielding at the
notch root is removed, compressive self-stresses remain near the notch root.
If strain hardening can be neglected and stresses due to loading and unload-
ing can be superimposed, this initial self-stress distribution can be estimated
with the equations of Ref 20. Such a self-stress distribution is shown in Fig. 6b.

Subsequent compression loading may alter the initial self-stress distribu-
tion by causing yielding in compression near the notch root. This will result
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FIG. 6—Axial stress distributions at the minimum cross section of a notch bar.
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FIG. 7— Axial tensile stress due to a bending load superimposed on the stable self-stress
distribution.

in relaxation of self-stresses near the notch surface, as shown in Figure 6d.
Again, this self-stress distribution can be estimated with the equations of
Ref 20, as was done in Ref 9. Assuming that no fatigue hardening or soften-
ing occurs, the resulting self-stress distribution will remain unchanged during
subsequent cyclic loading and is called the stable self-stress distribution. In
the following paragraphs, stable self-stress distributions with the general
shapes shown in Fig. 6d or Fig. 7 are used to predict fatigue strengths with
the help of failure criteria.

Fuchs, in his paper on forecasting the fatigue life of peened parts [27],
observed the importance of using separate criteria for crack nucleation and
crack propagation. His theory (or engineering approach) is described in
detail in other papers [22, 23]. Briefly stated the criteria are

1. Local alternating shear stress (modified by the mean normal stress
influence) determines crack initiation.

2. Nominal alternating tensile stress determines crack propagation.

It will be shown that these criteria can be used to predict the influence of self-
stresses on the fatigue strength of notched bars if we replace nominal by
regional in the second criterion.

First, crack nucleation occurs when the alternating local shear stress,
modified by the mean local normal stress, exceeds a critical value. Fuchs [22]
presents this criterion in terms of the octahedral shear stress and the mean
octahedral normal stress. The maximum alternating shear stress is as service-
able an approximation for the nucleation criterion as the octahedral shear

5 A possible improvement in the estimate of the stable self-stress distribution would be
to determine the yield strength from the cyclic (if available) as well as from the monotonic
stress-strain curve.
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stress and serves to simplify some calculations. In terms of the alternating
component and mean component of the largest principal stress

oart < (Sg — mouKy)/Kn

where o411 is the “safe” alternating stress, oy is the nominal mean stress,
Sk is the reversed loading fatigue strength of a smooth specimen, Ky is the
stress concentration factor effective in fatigue, and m is a material constant
(common values of m are between 0.2 and 0.5).

A number of authors have pointed out and used the concept that the self-
stress remaining in a part during cyclic loading acts like a mean stress super-
imposed on an alternating stress [9, 11, 21]. For zero applied mean load the
local mean stress term at the notch root, oKy, can be replaced by the stable
self-stress at the notch root, o.,,. The expression for the safe alternating stress
with respect to crack nucleation then becomes

oart < (Sg — moy)/ Ky

The second failure criterion relates the safe alternating stress to the critical
tensile stress necessary for crack propagation. Although it is recongized [22]
that local stress in the vicinity of a crack tip causes growth, this criterion is in
terms of nominal stresses. In many cases the criterion predicts results con-
sistent with experience but it does not “‘explain” the behavior of the test
results reported here.

The nucleation criterion was given in terms of local stress, which enabled
us to treat the local self-stress as a local mean stress and to utilize the nuclea-
tion criterion directly. For the crack propagation criterion one must
estimate the alternating tensile stress averaged over a region near the
notch root.

Figure 7 shows the tensile portion of a cyclic load superimposed on a stable
self-stress distribution. A tensile stress, X, has been produced at the notch
root although a compressive peak, Y, remains below the surface. The tension
at the surface is equal to the surface self-stress plus the nominal alternating
stress times the stress concentration factor for a bending load,

X =00+ UALTKT(B)
In a similar manner the compressive peak is given by
Y = 0sa + oaL1Kr(B)/0a

where o4 is the stable self-stress at depth d and Krz),q is the effective stress
concentration factor at d.

elastic stress (due to load) at depth d
nominal elastic stress (due to load) at the surface

KT(B)/d =
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FIG. 8—Crack growth from the notch root of a specimen which had been given a moderate
preload.

Figure 8 shows crack growth from the surface of a part which has been
given a moderate preload. When a crack has been initiated, the tensile stress
at the surface causes the crack to grow inward [24, 25]. Since the cracked
material cannot support tensile stress normal to the cracked surface, the
tensile load previously carried by the cracked material must be assumed by
neighboring material; that is, the presence of a crack causes the magnitude
of the compressive peak, Y, to be reduced (Fig. 8b). After a crack has grown
to depth d, it will continue growing and will cause failure (Fig. 8c). Figure 9
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Fig. 9—Crack growth from the notch root of a specimen which had been given a high preload.

shows the growth of a crack in a part which has been given a large preload.
This specimen is subjected to the same alternating stress as the specimen in
Fig. 8, but in this case the crack is stopped by compressive self-stress shortly
before it reaches depth d.

To describe the safe conditions, that is the conditions under which a crack
will be stopped, one must be concerned with the stresses between the notch
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root and a depth of the order of the compressive peak. Referring to Fig. 7,
where the tensile portion of the cyclic load has been superimposed on the
stable self-stress, one can reasonably assume that, if the average stress be-
tween the notch root and the compressive peak (at depth d) is tensile, a
nucleated crack will propagate. Further, a simple relationship between the
stress peaks X and Y can be used to approximate the average stress state
over this region. When X = —27Y the net area or average stress between the
notch root and depth d is approximately zero, while if X > —27 the average
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FIG. 10—Predicted and experimentally measured increases in fatigue strength due to
preloading of Type 101 specimens.
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regional stress would be tensile. Let the safe regional stress be described by
the expression
X < —®Y

where ® is a constant which is assumed to be independent of preload. Sub-
stituting into the above experssion the equations for X and Y,

—(Us/o + CI’Us/d)
Krs + @Ky

gaLt <
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For a part to fail, a crack must be first nucleated and subsequently propa-
gated to failure. Therefore, the larger of the alternating stresses calculated
with either the nucleation or propagation criterion will be the predicted
fatigue strength. Figures 10, 11, and 12 compare the experimentally deter-
mined fatigue strengths with analytically predicted strengths. The line above
which one would predict crack nucleation to occur is shown as a solid line.
For propagation, a broken line is employed and predictions with ¢ = 1 and
& = 2 are shown. Note that with & = 1 (X = —Y) the predictions are
generally conservative, while with & = 2 (X = —27Y) they are nonconserva-
tive. The equations for estimating the stable seft-stress peaks, ¢,/, and o4,
which appear in the expressions for o1t are reviewed in the Appendix.
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FIG. 12—Predicted and experimentally measured increases in fatigue strength due to
preloading of Type 202 specimens.
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FIG. 13—The average depth of nonpropagating cracks found in preloaded and fatigue-
loaded notched specimens.

By making a distinction between nucleation and propagation, as has been
done, one can explain two outstanding features of the experimental curves.
First, the large improvements in fatigue strengths that were observed were
due to stopping crack growth. Specimens that had been given a large preload
were cycled above the alternating load for which cracks would be initiated,
yet the specimens survived and nonpropagating cracks were observed. Second,
the reason that soft specimens are not improved unless given a large preload
is that surface self-stresses are partially washed out by the first few cycles of
alternating load. Therefore, improvement with respect to nucleation is slight
and these specimens are not strengthened unless cracks are stopped at a
considerable depth below the notch root. This requires a large preload.
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If the specimen is to survive, a crack must be stopped before it reaches the
depth at which the self-stress peak exists, depth d. In Fig. 13 the estimated
depth of the stable self-stress peak is compared with the measured non-
propagating crack depths for specimens loaded at their mean fatigue strength.
(The calculation of d as a function of preload and alternating Joad is reviewed
in the Appendix.)

Conclusions

1. In designing for long-life fatigue strength one must consider the influence
of self-stresses. This is especially true when stress concentrations are present.

2. Compressive self-stresses can increase the fatigue strength of certain
parts to more than double that of stress-free parts. This is achieved by the
ability of self-stresses in depth to stop cracks.

3. For circumferentially notched round bars the depth to which stable self-
stresses must extend to stop crack growth for a given load can be calculated
by analytical procedures.

4. The analysis of this one geometry has clarified the concept of a regional
stress and its importance to crack propagation.
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APPENDIX

The criteria for crack nucleation and propagation are in terms of the stable self-
stresses at the notch root and at a depth ¢ below the notch root. For the special
case of preloaded notched bars these stable self-stresses can be estimated as func-
tions of the tensile preload, the cyclic fatigue load, the yield strength, and the
specimen geometry [/9]. Two major assumptions are employed in this analysis:
(1) strain hardening is neglected and (2) when reversing the direction of loading,
axial stres< components are superimposed to find the resulting axial stress.

In terms of the nominal preload stress, o,, the initial self-stress at the notch root,
* .., following preloading but before cyclic loading, is

for o, Krwy < Sy, 0% = 0;
for Sy < 0,Kpwy < 28y, 6*46 = Sy — aKpay;
for o,Krwy > 28y, 0% = —Svy
where Kr4, is the theoretical stress concentration factor for an axial load.
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o*,,, will be relaxed to the stable self-stress, o,, by the cyclic loading if
loavtKrmy| + lo*0! > Sy
If this expression is satisfied

Osio = UALTKT(B) h Sy ........................ (1)

otherwise o*,,, is not relaxed and

Tslo — 0*3/0 ............................. (2)

The self-stress at depth d below the notch root is found by subtracting o ar.TKr5)/4
from the axial stress which satisfies the yield condition at this depth. Due to plastic
constraint, yielding at d requires the axial stress component to be larger than the
yield strength by a factor of 1 + In (1 + d/p) where o is the notch root radius.
(This would not be the case if one were considering notched plates rather than
notched bars.)

oud = osartKrmye — Sy[l + In (1 + a'/p)] ............... 3)

Equation 3 gives o4 in terms of d, the depth to which reversed yielding has
occurred. In Ref /9 the relationship between d,o,, and o5 was calculated with a
computer code. This result can be approximated by the equation

dfp = C ["’KT““ + oavrKra _ 2:| ................. (4

Sy

where C is a constant that depends on notch geometry. For specimen Types 101
and 202, C = 0.19, for Type 201, C = 0.16.

Neuber’s [26] equations for elastic stresses in notched bars can be used to calcu-
late K71y, Krsy, and Kresyq. With values for the stress concentrations and Eqs
1, 2, 3, and 4, the criteria for crack nucleation and propagation can be used to pre-
dict the fatigue strength of preloaded bars cycled in rotating bending.
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DISCUSSION*

R. N. Wright' (written discussion)—The authors have used the terms Stage
I and Stage II to categorize fatigue crack propagation phenomena and have
implied that the former has a crystallographic nature and that the latter is
noncrystallographic. 1 think it is important to point out that the terms as
used by Forsyth? were defined in a significantly different manner. Forsyth
referred to Stage I growth as growth along a slip plane by some unslipping
or reverse slip process, and described Stage Il as being characterized by the
appearance of striations and by growth roughly perpendicular to the axis of
maximum tensile stress.

While Forsyth’s Stage 1 is clearly crystallographic in nature, it is not fair
to say that Stage 11 is free from substantial crystallographic influence. In
particular, the “brittle striations” observed by Forsyth in Stage 11 growth in
strong aluminum alloys involved local crack growth along {100} planes even
though the overall macroscopic growth plane was roughly perpendicular to
the axis of maximum tensile stress. Similar observations have been reported
by Pelloux recently at the Brighton conference. Furthermore, crack propa-
gation planes in coarse-grained materials can be observed by the naked eye
to change from one grain to another even while the “average” plane of
growth corresponds closely to the plane of maximum tensile stress. Examples
of this have recently been observed in silicon-iron by A. S. Argon and me in
work now in press.

Thus, while it may be useful to categorize fatigue crack propagation as
crystallographic and noncrystallographic, these categories are not, strictly
speaking, the conventional definitions of Stage I and Stage II crack propaga-
tion. Though continuum mechanical considerations may dictate the overall
growth plane of Forsyth’s Stage II, local growth planes and local growth
rates can be highly dependent on crystallography.

M. Gell (author’s closure}—A precise and unique definition for the two
stages of fatigue crack propagation is difficult to obtain. If one looks care-

* The discussion and closure which follow concern the paper, “The Fatigue Strength of
Nickel-Base Superalloys,” by M. Gell, G. R. Leverant, and C. H. Wells on pp. 113-153.

' Research metallurgist, Allegheny Ludlum Steel Corp. Research Center, Brackenridge,
Pa.

2 Forsyth, P. J. E., Acta Metallurgica, AMETA, Vol. 11, 1963, pp. 703-715.
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fully at the definitions of Stage I and Stage Il as originally given by Forsyth
and then repeated by him and his co-workers in a number of papers,34-
differences can be found. In addition, by observing characteristics of fatigue
crack propagation in a wide range of materials, it can be seen that no single
definition covers all cases. For example: (1) Stage Il fracture surfaces may
or may not exhibit striations, (2) Stage 1 fractures may or may not show
striations, (3) Stage II fractures may be microscopically crystallographic or
they may not, (4) Stage I fractures may be macroscopically crystallographic or
they may not, and (5) Stage II usually follows Stage I, but there are instances
where it does not. Despite this variation in behavior, fatigue crack propa-
gation in most materials does occur in two stages, and it is worthwhile to
retain the Forsyth terminology. In the case of the nickel-base superalloys, we
have described Stage I as occurring on crystallographic slip planes and Stage
IT as occurring noncrystallographically and normal to the stress axis. These
descriptions are appropriate for crack propagation in these materials.

It appears worthwhile to attempt a more general characterization of Stage I
and Stage II at this time. Stage I cracking occurs on slip planes on a micro-
scopic scale. Macroscopically, the Stage I fracture area may or may not
correspond to a surface of maximum resolved shear stress. For example, it is
possible in polycrystalline materials for a crack to propagate in each grain
on a slip plane approximately 45 deg to the stress axis and for the macroscopic
path to be approximately normal to the stress axis. The same is true in single
crystals when slip plane cracking occurs on a number of slip planes of the
same family. The important aspect of Stage 1 cracking is that on a micro-
scopic scale cracking is occurring on only one slip plane in a given region.
It is not appropriate to define Stage I in terms of a specific mechanism be-
cause more than one mechanism can produce the same results.

Stage 11 fractures, on the other hand, are always approximately normal to
the stress axis on a macroscopic scale and often on a microscopic scale as
well. If the latter is true, cracking is noncrystallographic and there is then a
clear distinction between Stage I and Stage II.

A number of cases may arise that require somewhat more interpretation.
For example, microscopic or submicroscopic cracking may occur in planar
slip materials such that cracking in each cycle occurs first on one slip system
and then on another, while the macroscopic fracture is normal to the stress
axis. We would classify this as Stage II cracking because of the operation of
more than one slip plane at the crack tip and the realization that, under
conditions of wavy slip, microscopic, noncrystallographic cracking would

3 Forsyth, P. J. E., **A Two Stage Process of Fatigue Crack Growth,” Proceedings,
Cranfield Crack Propagation Symposium, Cranfield, Beds., England, Sept. 1961, p. 1.

4 Stubbington, C. A., Metallurgia, METLA, Vol. 68, 1963, pp. 109-121.

5 Stubbington, C. A. and Forsyth, P. J. E., Metallurgia, METLA, Vol. 74, 1966, pp. 15-21.
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result. On the other hand, if cracking occurs for a number of cycles on the
same slip plane and then deviates onto another slip plane, then this would
be considered Stage I cracking. A third example is the microscopic crystal-
lographic cracking observed on {100} planes in Al alloys.® The cube planes
are not slip planes in these materials, and failure on them is evidence for
normal stress mode cracking and should therefore be classified as Stage I1.

At present, the number of instances that require special interpretation is
small. If this situation changes with the increased study of fatigue crack
propagation, especially in body centered cubic and intermetallic materials,
then more explicit descriptions of the different stages of cracking in each
material will be required.

8 Forsyth, P. J. E., Stubbington, C. A., and Clark, D., Journal, Institute of Metals,
JIMEA, Vol. 90, 1961-62, pp. 238-239.






