


STP 1413

Mechanical Properties of
Structural Films

Christopher L. Muhlstein and Stuart B. Brown, editors

ASTM Stock Number: STP1413

ASTM
100 Barr Harbor Drive
PO Box C700

West Conshohocken, PA 19428-2959

Printed in the U.S.A.



Library of Congress Cataloging-in-Publication Data

Mechanical properties of structural films / Christopher L. Muhlstein and Stuart B.
Brown, editors.
p.cm. - (STP ; 1413)
“ASTM Stock Number: STP1413”
Includes bibliographical references and index.
ISBN 0-8031-2889-4
1. Thin films--Mechanical properties--Congresses. |. Muhistein, Christopher L., 1971-
IIl. Brown, Stuart B. Ill. American Society for Testing and Materials. V. ASTM special
technical publication ; 1413.

TA418.9.T45 M43 2001
621.3815'2--dc21
2001053566

Copyright © 2001 AMERICAN SOCIETY FOR TESTING AND MATERIALS, West Conshohocken,
PA. All rights reserved. This material may not be reproduced or copied, in whole or in part, in any
printed, mechanical, electronic, film, or other distribution and storage media, without the written consent
of the publisher.

Photocopy Rights

Authorization to photocopy items for internal, personal, or educational classroom use, or the
internal, personal, or educational classroom use of specific clients, is granted by the American
Society for Testing and Materials (ASTM) provided that the appropriate fee is paid to the Copy-
right Clearance Center, 222 Rosewood Drive, Danvers, MA 01923; Tel: 978-750-8400; online:
http://www.copyright.com/.

Peer Review Policy

Each paper published in this volume was evaluated by two peer reviewers and at least one editor.
The authors addressed all of the reviewers’ comments to the satisfaction of both the technical editor(s)
and the ASTM Committee on Publications.

The quality of the papers in this publication reflects not only the obvious efforts of the authors and the
technical editor(s), but also the work of the peer reviewers. In keeping with long-standing publication
practices, ASTM maintains the anonymity of the peer reviewers. The ASTM Committee on Publications
acknowledges with appreciation their dedication and contribution of time and effort on behalf of ASTM.

Printed in Bridgeport, NJ
November 2001



Foreword

This publication, Mechanical Properties of Structural Films, contains papers presented at the sym-
posium of the same name held in Orlando, Florida, on 15-16 November 2000. The symposium was
sponsored by ASTM Committee EQO8 on Fatigue and Fracture and by its Subcommittees E08.01 on
Research and Education and E08.05 on Cyclic Deformation and Fatigue Crack Formation. The sym-
posium chairman was Chris Muhlstein, University of California at Berkeley, and the symposium
co-chairman was Stuart Brown, Exponent Failure Analysis Associates, Natick Massachusetts.
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Overview

Films or layers that are applied to substrates are frequently used for electronic, decorative, barrier,
and wear applications. In addition, photolithography used by the microelectronics industry has led to
the development of micron-scale mechanical components made from thin films. The class of struc-
tural materials that are manufactured as films is referred to as “structural films.” The mechanical
properties of thin films have been recognized as an important part of the performance of materials for
over a century. However, the advent of microelectromechanical systems and other applications of
structural films has led to a renewed interest in both the measurement and understanding of the me-
chanical behavior of thin films.

The papers from this symposium are distributed among four major areas of structural films char-
acterization. Presented by an international group of experts from six countries, this symposium is one
of the most complete assemblies of papers on the characterization of the mechanical properties of
structural films available to date. The symposium begins with sessions on elastic behavior, residual
stress, and fracture and fatigue. The remaining sessions are dedicated to tensile testing and thermo-
mechanical, wear, and radiation damage. In the rapidly developing field of structural films, this event
is a milestone in the engineering of these materials systems and their characterization.

Chris Muhlstein
University of California
at Berkeley
Berkeley, CA

vii



Fracture and Fatigue of Structural Films



S. M. Allameh,' B. Gally,* S. Brown,® and W. O. Soboyejo’

Surface Topology and Fatigue in Si MEMS Structures

REFERENCE: Allameh, S. M., Gally, B., Brown, S., and Soboyejo, W.0O., “Surface Topology
and Fatigue in Si MEMS Structures,” Mechanical Properties of Structural Films, STP 1413,
C. Muhlstein and S. Brown, Eds., American Society for Testing and Materials, West
Conshohocken, PA, Online, Available: www.astm.org/STP/1413/1413 11, 15 June 2001.

ABSTRACT: This paper presents the results of an experimental study of surface topology
evolution that leads to crack nucleation and propagation in silicon MEMS structures. Following
an initial description of the unactuated surface topology and nanoscale microstructure of
polysilicon, the micromechanisms of crack nucleation and propagation are elucidated via in situ
atomic force microscopy examination of cyclically actuated comb-drive structures fabricated
from polysilicon. It is found that the surface of the polycrystalline silicon MEMS undergoes
topological changes that lead to elongation of surface features at the highest tensile point on the
surface. A smoothing trend is also observed after a critical stress level is reached.

KEYWORDS: surface, topology, fatigue, Si MEMS, AFM, morphology
Introduction

In recent years, there has been an explosion in the application of Micro Electro
Mechanical Systems (MEMS) [1-3]. These include applications in gears, steam engines,
accelerometers, hydrostats, linear racks, optical encoders/shutters, and biological sensors
in the human body [1-3]. The projected market for MEMS products is estimated to be
about $8 billion by the year 2002, and the prognosis for future growth appears to be very
strong [3]. Most of the MEMS structures in service have been fabricated from
polycrystalline silicon (polysilicon) or single crystal silicon. The reliability of these
devices is a strong function of type of loading and environment. Due to the small size of
the devices, most of the useful life of MEMS devices corresponds with the crack
initiation stage. Once a crack is initiated, it rapidly propagates through the device,
causing failure.

Our current understanding of the micromechanisms of fatigue crack initiation and
propagation in silicon MEMS structures is still limited, in spite of the recent rush to apply
MEMS structures in a wide range of applications [1-3]. This has stimulated some
research activity, especially on single crystal silicon and polycrystalline (polysilicon) [4-
13]. The early work on the fatigue of MEMS structures was done by Brown and co-
workers [4-7], who developed microtesters [5,7] for conducting static/fatigue tests on
MEMS structures. Their work demonstrated that stable crack growth can occur in
MEMS structures fabricated from polysilicon and single crystal silicon, even though
reversed plasticity [16] would not normally be expected to occur in such materials at
room temperature. Subsequent work by Brown et al. [17,18] showed that crack growth is

'Research staff scientist, Princeton University, Olden St., Princeton, NJ 08544,
2Engineer, Exponent, 21 Strathmore Rd., Natick, MA 01760.

3Director, Exponent, 21 Strathmore Rd., Natick, MA 01760.
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4 MECHANICAL PROPERTIES OF STRUCTURAL FILMS

enhanced in the presence of water/water vapor and stress.

Studies of fatigue in MEMS structures have also been performed by Heuer and
Ballarini and their co-workers [8], Sharpe et al. [9,10], Marxer et al. [11], and Douglas
[12]. However, there have been only limited studies of the micromechanisms of fatigue
crack initiation that are likely to dominate the fatigue lives of MEMS structures [7]. The
current level of understanding is, therefore, insufficient for the development of mechanics
models. There is a need for detailed studies of environmentally assisted fatigue crack
initiation and growth in MEMS structures,

Many of the applications of polysilicon are in MEMS systems in which cyclic
actuation is an inherent part of the device function. For example, in the case of
microswitches operating at a few kHz, millions or billions of cycles may be applied to the
devices during their service lives [2,3]. Since such cycles may result ultimately in the
nucleation and propagation of fatigue cracks, it is important to understand the
mechanisms of fatigue in silicon MEMS structures that are subjected to cyclic actuation.

B Notched specimen B"_
A _-I ! &

D

FIG. 1—Photograph of a notched comb drive structure.

The current paper presents the results of an initial study of the evolution of
surface topology during the cyclic actuation of polysilicon MEMS structures. Following a
brief description of the initial surface topology and microstructure, the evolution of
surface topology is examined over a range of cyclic actuation voltages. Quantitative
atomic force microscopy (AFM) techniques are used to reveal local changes in grain
morphology and orientation and the evolution of surface morphology due to cyclic
actuation. The AFM techniques analyses are also used to reveal the formation of grain
boundary phases after cyclic actuation at intermediate actuation conditions.

Material

The polysilicon MEMS structures that were used in this study were supplied by
Cronos Integrated Microsystems (formerly MCNC) of Raleigh-Durham, NC. The
MEMS structures were fabricated in batch runs at Cronos. Details of the micromachining
processing schemes are given in Ref 2. Afier releasing in a solution of 49.6%
hydrofluoric acid, the surface topology of the silica (Si0,) surface layer was studied with
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an atomic force microscope operated in tapping mode with a silicon tip. The
microstructure of the released polysilicon structure was also examined under a scanning
electron microscope instrumented with a field emission gun.

The initial scanning electron microscope (SEM) image of the released polysilicon
structures is shown in Fig. 2. This shows a nanocrystalline structure consisting of near-
equiaxed grains with an average diameter of ~200 nm. Porosity was also observed in the
polysilicon structure, especially at grain boundary triple points. Such distributed porosity
may contribute to crack nucleation in polysilicon. However, crack nucleation may also
occur as a result of stress-assisted dissolution of silica glass films, as proposed by Suo in
Ref 19. The stress-assisted dissolution of silica can give rise to the evolution of grooves
that lead ultimately to the nucleation of sharp cracks, as shown in Fig. 3.

FIG. 2—Scanning electron micrograph of polysilicon MEMS. structure before actuation.

Experimental Procedures

The polysilicon comb drives used in this study (Fig. 1) were based on original
designs by Van Arsdell [20] in which capacitive forces are induced between
interdigitating comb drives. These forces are then applied to notched or unnotched
constrained specimens within an area of ~ 10 um by 20 pm. Due to the complex
geometries of the comb drive devices, finite element analyses are needed to compute the
stress/strain distributions and crack-driving forces [20]. Microvision methods [11,12] are
also needed for the calibration of displacements during the electrical actuation of
polysilicon MEMS structures.
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H20 From Environment

Before

SIMEMS  —»

FIG. 3—Schematic illustration of crack
nucleation arising from possible stress-
assisted dissolution.

Since the displacements of the specimens must be known as functions of applied
voltage, a special effort was made to calibrate each specimen as a function of the applied
voltage, V. This was done using the microvision system (Fig. 4) developed by Freeman et
al. [21-23]. We used National Instrument Vision Builder software to analyze optical
images obtained under strobe light. In this way, the applied voltage could be related to
the local displacements during static, monotonic, or cyclic actuation. Using this method, a
calibration curve relating the applied voltage to angular displacement was obtained (Fig.
5).

PC | p Wave Function |—p
Generator

.a\mplii'mr_’ Power Supply

Signal Calibration
Vs. Microvision |[* g

Displacement Amplification
Measurement

&
7
A
A
=
=

FIG. 4—Schematic of microelectronic circuits for the control of
the MEMS structure.
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Following the calibration, cyclic deformation experiments were performed on the
specimens. The initial specimens were actuated continuously to failure in an effort to
determine the number of cycles to failure, N;. However, subsequent specimens were
actuated incrementally to fractions of Ny These include actuating at voltages of 100, 110,
120, 130, 135, 140, 142.5, and 145 V, each for 1 h except for the last actuation voltage
that led to the failure of the sample after about 30 min.

The fracture of the sample occurred after a total of ~1.1 x 10" cycles. After each
incremental loading step (associated with an actuation voltage), the surface topologies of
the specimens were examined using AFM techniques. For each loading step, AFM
observations were made before actuation, after 5 min into the actuation, and at the end of
the actuation (1 h total time for each loading step). SEM images of the specimens were
also obtained in an effort to study possible changes in microstructure associated with
cyclic actuation. The incremental loading was continued until failure occurred. The
fracture surfaces of the failed specimens were then studied in a scanning electron
microscope.

Results and Discussion

The results of this study show that the surface of the silicon MEMS sample
undergoes discernable changes under fatigue loading conditions. SEM images of the
surface before and after actuation show the microstructure of the surface and also some
details of the fracture surface. Polysilicon MEMS structure used in this study has a nano-
scale structure with an average grain size of ~ 200 nm.

10000 ¢

1000 4

Angular Displacement (p-p millidigrees)

100 N PO S S T I T S S S T U T I

10 100 1000
Atuation Voitage (p-p volts)

FIG. 5—Calibration of the angular displacement of the
polysilicon structure on the actuation voltage using microvision
System.
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(a) (b)

Bottom of
the Notch

1.5 l o 4218w 15 /,/'
uw Tim
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X 0,500 pwddiv
2 45.337 mddiv

FIG. 6—AFM images showing surface evolution of the silicon MEMS sample
under cyclic loading conditions: (a) before actuation and after actuation at voltages up
to (b) 135V, (c) 142.5V and (d) 145 V.
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The AFM analyses of numerous specimens also show that the mean root square
surface roughness of the SiO; layer on surfaces of the polysilicon is between 5 to 10 nm.
The depth of the naturally occurring oxide layer is known to be ~ 20 A [24]. However,
the thickness of the oxide layer formed during the processing of MEMS depends on the
fabrication process and is in the range of 10 to 100 nm.

0.0 deg O

Phase data after actuation at Phase data after actuation at 145V
142.5V

FIG. 7—Phase-data-based AFM images showing surface evolution of the
silicon MEMS sample under cyclic loading conditions: (a) before actuation and after
actuation at voltages up to (bY 135V, (¢) 142.5V, and (d) 145 V..
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It is particularly important to note here that during the course of this study, a
surface smoothing effect was observed which was activated at higher actuation voltages.
This effect is evident in Figs. 8 and 9. Consistent with this effect, the RMS roughness
values obtained from the surface roughness analyses (Fig. 9) drop at voltages close to 140

Height (um)

Height .{um)

(b)
D_ nM
R |
RMS = 5.83nm ]
N \,'( /
/ '\IJ.' v I
fo 0.50 * 150 —
Um
Width (um)
(d)
nM
o
8
RMS =4.21nm -
: ~Y f;' .
o _J." o Y’““ y — J
".‘/ \\
] ' ]
L 0.50 1.00 =
UM
Width (im)

FIG. 8—Height-data-based AFM images showing surface evolution of the
silicon MEMS sample under cyclic loading conditions: (a) size, shape, and distribution
of the grains located at the bottom of the notch before actuation; (b) a scan line close to
the middle of the sample showing surface roughness; (c) size, shape, and distribution of
grains in same region as in (a) after actuation at 145V for 1.03 x 1 0%? cycles, and (d)
corresponding scan line showing a lower RMS roughness.
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This effect is seen for two scan area sizes of 2 by 2 and 5 by 5 um. Figure 9
shows that this effect can be as high as 30% of the initial RMS value. The smoothing
effect is more clearly shown in Fig. 8 with the aid of two line scans from similar regions
of the sample before and after actuation. The first line scan (Fig. 86) shows an RMS
roughness of 5.83 nm for the sample before actuation. However, a similar scan line (Fig.

8d) obtained from the same sample after cyclic actuation reveals an RMS roughness of
421 nm.

9
[}
L °
T3 ¢ s L
& [ ]
@
z AL
. A A
g7 t
s
=
g
g6 .
AA
5 ] @ 2x2 Micron Scan A
A 5x5 Micron Scan
4 r
100 110 120 130 140 150
Actuation Voltage (V)

FIG. 9—Surface roughness data for two sizes of scan areas show a surface
smoothing effect at higher voltages.

From the AFM images, surface roughness analyses, and image subtraction results,
there appears to be a critical voltage at which the surface evolution process is accelerated.
In our experiments, this critical voltage is estimated to be between 135 V and 142.5 V.
The evidence for the presence of such a voltage can be seen from Figs. 6 to 9. The
morphology of the surface does not change noticeably for actuation voltages up to the
135 V step. This is shown in Figs. 6a and 6b. On the other hand, a noticeable change is
observed in the surface topology between the 135 V and 142.5 V steps (Figs. 6¢ and 6d).
The data obtained from the surface roughness analyses are also consistent with the
presence of such a critical voltage (Fig. 9). Furthermore, the RMS value of the roughness
does not change appreciably until the voltage is increased to 140 V, at which the RMS
roughness drops and continues to drop until the sample fails.
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Careful examination of the AFM profiles and images reveals that the surface
features on the Si MEMS sample elongate in the direction of the applied load. This is
shown clearly in Figs. 7 and 8. Some of the grains are numbered to examine their shapes
before and after actuation. Figure 7a shows grains labeled 1 to 5 before actuation. The
orientations and morphologies of these grains can be followed during the actuation
process through Figs. 7b to 7d. The phase-data images obtained from these grains (1-4 in
Figs. 7a-7d) appear to be

(a) (b)

FIG. 10—AFM images from the Si MEMS sample: (a) before actuation; (b)
after actuation and (¢) subtracted image, i.e., image (a)-image (b). White areas have
highest height difference while the darker areas have the smallest difference in height.
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elongated in the direction of applied stress which coincides with the scanning direction of
the AFM tip. While the size of the scanned areas in Figs. 7a-7d remains the same, the
grains appear to increase in length as the actuation voltage is increased. Since the
elongation occurs in the direction of scanning, it may not be attributed to a shift in the
position of sample (any drift of the sample during imaging affects the width of the grains,
perpendicular to the scanning, orders of magnitude greater than that of the length of the
grains which lie in the direction of scanning). However, because the elongation is in the
direction of applied tensile load, it is more likely due to surface phenomena that are
enhanced in the loading direction.

The same effect can be seen in images obtained from the height-base images of
Figs. 8a and 8¢, which show the same grains labeled 1 to 5 before and after actuation. To
examine the possible elongation effect, the two images in Figs. 84 and 8¢ were subtracted
to reveal the differences more clearly in Fig. 10. Brighter areas represent larger
differences, while darker areas correspond to smallest differences in the surface
topologies. It is easy to see the alignment of such differences perpendicular to the
loading direction. If surface features elongate, the boundaries between them, oriented in
the elongation direction, will not change as much as the ones perpendicular to the loading
direction. When the latter boundaries move, they create areas of difference behind in the
subtracted image of Fig. 10. It is also interesting to note that some surface features like
that of Grain 5 have shrunk in length after actuation (Figs. 7 and 8).

The AFM examination also revealed the presence of some grain boundary phases
at the intermediate stages. Figures 7¢ and 74 show boundaries, which are clean after high
voltage actuation. However, at intermediate actuation voltages, the phase-data image of
Fig. 7b shows the presence of grain boundary phases. These phases cannot be easily
identified due to their relatively small width (<0.1 nm). They are approximately 10 to 100
nm in length, and their area fraction varies with the extent of actuation. The phase-data
image of the non-actuated sample contains some darker regions. However, they are due
largely to grain boundary porosity and are not attributed to the presence of grain
boundary phases.

Summary and Concluding Remarks

This paper examines surface evolution in Si MEMS structures deformed under
cyclic loading conditions. The results of AFM and SEM analyses ot the surface are
presented. The major findings are as follows:

1. Polysilicon MEMS structures used in this study have a nano-scale structure with an
average grain size of ~ 200 nm. The root mean square surface roughness of the SiO,
layer on surface of the polysilicon is ~ 5 to 10 nm. The SiO; layer has an average
thickness of ~ 20 nm.

2. The preliminary studies show that cyclic actuation of the comb drives results in sub-
critical damage evolution that is attributed to fatigue mechanisms. However, the
mechanisms of crack nucleation and propagation are yet to be fully established.
Nevertheless, it is hypothesized that crack nucleation occurs as a result of surface
topology evolution in the SiO, surface layer, although distributed porosity within the
SiO; layer and the formation of grain boundary phases may lead to other mechanisms of
crack nucleation.
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. The surface topology only evolves significantly during cyclic actuation at applied
voltages (stress ranges) above a critical level (~140 V). Above the critical actuation
voltage, surface features elongate in the direction of loading. The RMS roughness also
drops significantly (~30%) beyond the critical voltage, indicating a smoothing effect due
to cyclic actuation. At intermediate stages (activation voltages between 135 and 140 V,
grain boundary phases are observed which disappear at higher voltages. The possible
role of these phases is yet to be established.
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ABSTRACT: Several direct and indirect testing techniques to characterize the strength and
distribution in strength of structural thin films have been developed with widely varying results
appearing in the literature (roughly 1 to 4 GPa for polysilicon). Much of the variation between
authors has been explained in terms of microstructural differences, sample size effects, and
release techniques. Five laboratories participated in a cross comparison of direct tensile testing
techniques in an effort to study these variations; all samples were fabricated and released
simultaneously at Sandia National Labs to eliminate material variations. Sample lengths ranged
from 15 to 1000 pm long. All the samples were fabricated with a thickness of 2.5 um. The
distributions in strength are reported along with a tabulation of mean, standard deviation, and
Weibull modulus of fracture strength for each lab.

KEYWORDS: polysilicon, MEMS, thin film, tensile, fracture, strength, testing, distribution
Introduction

The development of microelectromechanical systems (MEMS) and their
subsequent utilization in critical applications has led to an interest in characterizing the
strength and distribution in strength of structural thin films to assess system reliability.
Several direct and indirect testing techniques have been developed with widely varying
results appearing in the literature (roughly 1 to 4 GPa) [1-6]. Much of the variation
between authors has been explained in terms of microstructural differences due to
deposition conditions, sample size effects, and release processing. A previous cross
comparison exercise involving direct and indirect testing techniques using the same
material found significant disagreement between techniques [7]. In the current study, five
laboratories participated in a cross comparison of direct tensile testing techniques in an
effort to study the variation within the direct techniques, which should be less sensitive to
experimental uncertainties. To address the sample size effect, each investigator received
samples of at least four sizes; the range of specimen sizes overlapped. Two different
approaches were applied, and this provided the opportunity to make a direct comparison
between techniques as well as laboratories. Further, all the samples were produced and
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released at the same time and in the same way to eliminate influences of processing or
release.

Two essentially different types of samples were distributed (with variations in size
within each group). The first samples were designed to be gripped with an electrostatic
force applied to the enlarged end of a sample, and the tensile force application and
measurement were performed with a macro scale system; slightly different versions of
this system were used by Tsuchiya [4,8], and Coles [5,9]. Knauss and Chasiotis also
tested this sample, but used the electrostatic force only to assist in the adhesive bonding
of the sample to the grip (10]. Samples of four sizes were tested by these three labs, with
widths of 6 and 20 um and lengths of 250 and 1000 wm, which resulted in nominal gage
surface areas of 4250 to 45 000 um®. The second sample type, tested by Read [11] and
LaVan [12], is 1.8 um wide and 15 to 1000 pm long. These samples have nominal gage
surface areas of 135 to 9000 um®. The distributions in strength are shown. The mean,
standard deviation, Weibull characteristic strength, and Weibull Modulus are tabulated.
The testing and data reduction techniques used by each lab are described in detail in the
references attributed to each investigator.

Sample Preparation

All of the samples were produced using Sandia National Labs SUMMIT IV
polysilicon process—they were patterned in the polyl-2 composite layer that is 2.5 pm
thick. Samples of each size were produced side by side on the same die, and five or more
die were sent to each participant. The films were deposited as n-type, fine-grained
polysilicon from silane in a low-pressure chemical vapor deposition (LPCVD) furnace at
~580°C. The intervening sacrificial oxide layers were also deposited in an LPCVD
furnace from tetraethylorthosilicate (TEOS) at ~720°C. This process usually uses 6-in.,
(100) n-type silicon wafers of 2 to 20 ochm/cm resistivity covered by 6000 A of thermal
oxide followed by 8000 A of LPCVD silicon nitride for electrical isolation. Thickness
was accurately controlled during the deposition process and was measured, along with
width, in a calibrated SEM after release (accuracy 0.1 um). The samples were released,
coated with a self-assembling monolayer (SAM) such as octadecyltrichlorosilane (ODTS)
or perfluorodecyltrichloro-silane (FDTS) as an anti-stiction coating, and then dried with
super-critical CO,. The microstructure and crystallographic texture of this polysilicon
have been well characterized. The texture is random. The grain morphology is columnar,
with a mean column diameter of 300 to 400 nm. Most of the grains bridge from the top
to bottom surface of the film. More details of the process may be found in Ref 13.

Tensile Testing Techniques

The tensile testing technique employed by Tsuchiya and Coles is characterized by
its electrostatic grip system. Figure 1 shows a schematic of this system. The thin film
specimen is a cantilever beam with a large free end. The free end of the specimen is
gripped to a probe by electrostatic force. Because the electrostatic force is weak
compared with the mechanical forces necessary to break the sample, the grip cannot
withstand bulk specimens, but works for samples with thin, narrow gage sections.

First, the probe is moved close to the free end of a specimen. By applying voltage
between the specimen and the probe, electrostatic force is generated and the specimen 1s
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fixed to the grip (probe). Then, tensile force is applied to the specimen until it fractures.
During the test, the friction force between the two surfaces in contact holds the specimen
in place. After the specimen fractures, the fractured free end can easily be recovered.

Knauss and Chasiotis have modified this technique with a new gripping method
that makes use of an Ultraviolet (UV) light curable adhesive. This avoids side effects due
to accumulated charges. The process for gluing the sample to the grip in shown in Fig. 2.
They also use Digital Image Correlation (DIC) [14,15] with AFM data to determine the
strain field.

The sample and testing technique employed by LaVan is shown schematically in
Figs. 3 and 4. The samples are much smaller in overall size; the gage section width is 1.8
pum and the gage lengths ranged from 15 to 1000 pm. The specimens are attached to the
substrate by a freely rotating pivot, which allows for proper alignment during the test. On
each side of the free end are bumpers attached to the substrate to keep the specimens in
place. Corrections for errors due to frictional losses from the tip sliding on the substrate
and due to lateral compliance can be found in the references.

Tensile

'—|:|5I| ' L force

Probe/Grip

Electrostatic ‘
force :

Gage Area:
L :250-1000 um

W 6-20 um

[-"[xcd end

t:2.5Uum

FIG. 1—Technique of Tsuchiya and Coles.
Tensile testing using electrostatic force grip.

Read also tested the sample shown in Fig. 3. However, these tests were conducted under
an optical microscope, and observed through its video camera. The specimens were
loaded with a newly developed force probe. This device, shown schematically in Fig. 5,
consists of a computer-controlled three-axis micro-manipulator, a pair of flex strips
supporting a standard wafer-probe tip holder, and a non-contacting eddy current
displacement sensor to indicate the displacement of the probe. A standard tungsten probe
tip is bent slightly to form a loading pin, which resembles an open hook, as shown. The
force probe had been previously calibrated, using a force pendulum; its displacement, as
indicated by the eddy-current sensor, is a linear function of the tensile force applied at the
tip. Corrections were made for the probe sliding on the substrate by observing the
measured force after fracture.
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R
SUBSTRATE

FIG. 2—Technique of Knauss and Chasiotis. Successive steps of film gripping: 1.
The film is forced electrostatically to lie flat on the substrate, II. The glass grip witha UV
curable adhesive layer is approached to the surface of the film; IIl. The film adheres to
the UV adhesive under the grip.
Pivot Bumper

_ ~a Free end

Fixed End e 3 =

FIG. 3--Sample tested by LaVan and Read.
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FIG. 4—Lateral force testing procedure.
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FIG. 5—Force probe used for tensile testing.

Results

The data for the comparison are presented using both normal and Weibull
distributions. Not all of the labs tested enough samples to present the results solely as a
Weibull distribution, and most existing polysilicon tensile data have been reported in
terms of mean and standard deviation. Where sufficient data were collected, Weibull
parameters are provided as failure of brittle materials and is best represented in this
manner. A summary of the strength for all samples from each lab and statistical analysis
is given in Table 1, and the properties are reported as a function of sample size in Tables
2 and 3. The Weibull modulus and characteristic strength are reported in Table 4. A
graph of strength versus probability of failure is shown in Fig. 6. The Weibull
distribution [16] is plotted in Fig. 7. The following probability estimator was used for the
limited number of samples, where # is the number of samples in the population [17]:

P;=(j-0.5)/n ¢))

The data from each lab were plotted as a function of gage surface area, gage volume, and
gage sidewall area, shown in Figs. 8-10.
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TABLE 1—Summary of strength data (all sizes combined).

Number Mean Std. Dev.  Coeff. of Minimum Maximum
Lab of Strength  Strength  Variation  Strength Strength
Samples (GPa) (GPa) (CV) (GPa) (GPa)
Coles 28 2.85 0.40 14% 1.76 3.31
Knauss & 19 3.13 0.46 15% 225 3.81
Chasiotis
LaVan 98 427 0.61 14% 2.90 5.54
Read 5 2.87 0.41 14% 242 3.53
Tsuchiya 41 3.16 0.27 8.5% 2.49 3.59

TABLE 2—Strength data for small samples, all 1.8 yum wide and 2.5 um thick (GPa).

Length LaVan Read
(nm) N mean SD n mean
15 13 4.35 0.67
30 15 4.44 0.53
60 13 4.44 0.52 1 3.53
90 15 4.27 0.49 1 292
150 12 4.24 0.65 1 2.84
300 15 4.19 0.80 1 2.42
500 13 4.03 0.62
1000 2 4,07 * 1 2.65
TABLE 3—Strength data for large samples, all 2.5 um thick,
_(strength and standard deviation in GPa).

Length Width Coles Knauss & Chasiotis Tsuchiya
(um)  (um) n mean SD N mean SD n mean SD
250 5.8 7 312 0.13 4 325 067 9 327 024
250 19.8 7 274 053 5 347 0.20 10 337 0.17
1000 5.8 7 293 016 5 288 040 14 297 0.24
1000 19.8 7 262 (048 5 294 035 8 310 022

TABLE 4—Summary of Weibull analysis.
Number Weibull Characteristic
Lab of Modulus Strength
Samples (GPa)

Coles 28 7.7 3.1

Knauss & Chasiotis 19 7.9 33

LaVan 98 8.4 4.5

Read 5 Insufficient data  Insufficient data

Tsuchiya 41 14.4 33
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FIG. 6--Strength versus probability of fracture.
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FIG. 7--Weibull plot of strength.
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FIG. 10—Strength as a function of gage sidewall surface area.
Discussion

This cross comparison of direct tensile techniques has generated interesting (and
mixed) results. In every statistic tabulated, there appeared to be consistent results with
one lab falling outside the others. In terms of precision of the measurements, Tsuchiya
was able to achieve a coefficient of variation of strength of 8.5%, roughly half that which
was reported by the other labs, 14 to 15%. These C.V. are higher than that generally
expected for bulk tensile testing. For probably related reasons, the Weibull modulus
reported by Tsuchiya was 14.4, almost twice that reported by the other labs (7.7 to 8.4).
The mean strength value reported by LaVan et al. is 1 to 1.4 GPa higher than that of the
other labs.

In searching for explanations of the differences, the variety of techniques applied
permits some broad interpretation. There was no systematic error that could be attributed
to electrostatic gripping, catching the pull ring, or gluing of the samples. Each technique
has its strong point, especially when generalized to unknown materials. The techniques
employed by Coles, Knauss and Chasiotis, and Tsuchiya permit simple calibration of the
commercial load cell. Read’s technique uses a load transducer integrated into the probe,
much like the Nanoindenter® used by LaVan, but designed in a manner to permit simple
calibration checks. Checking the lateral force calibration of the nanomechanical test
system is more difficult. The calibration for this machine was checked by a factory
technician before the series of tests reported here. Standards should be adopted for user
verification of lateral force instrumentation as has been done with the use of indentation
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standards for conventional indentation testing.

In the SUMMIT IV process, the polyl-2 layer is not deposited on planarized
oxide, so polyQ surface topography that was transferred into the polyl-2 layer may have
affected the results for both the small and large samples. Several investigators reported
grip breaks that coincided with the location of the edge of an underlying poly0 layer. No
samples that were identified as a grip break were included in the results; this may have
eliminated some of the stronger samples from the distributions. Every effort should be
made to avoid these types of artifacts, even in the grip areas of the samples. The labs
reported successful tests on 75 to 95% of samples attempted.

Consistent processing and release procedures also contributed to decreased
variability between the labs—there were no problems reported shipping the released
samples to the participating laboratories. Future MEMS testing cross-comparisons
should ensure that sample release is not a variable.

Several figures in the Results section are dedicated to the analysis of the sample
scale effect, in terms of gage surface area, volume, and sidewall surface area. This
behavior is addressed here since there has been much discussion in the literature to
evaluate this effect on MEMS. While the data appear to weakly follow the expected
trend, a fit to Weibull’s size dependency for fracture of brittle materials (Eq 2) gives a
poor correlation, as indicated by the square of the correlation coefficient, R” less than 0.2

for each group.
1

0, Vz

1’2 2

s, |7, 2
where V= volume,

o = fracture strength, and
m = Weibull modulus.
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ABSTRACT: Bulk micromachined membranes containing PZT thin films deposited via sol-gel
processing have been tested for fatigue and fracture using a dynamic bulge testing apparatus.
These membranes, consisting of silicon, titanium, platinum, PZT, and gold, were pressurized
monotonically until failure to determine an average failure pressure and then cyclically
pressurized to examine fatigue behavior. Membranes containing PZT show significant
degradation of strength as compared to membranes of just silicon or the metallic layers. This is
discussed in terms of the residual stresses and defects present in the PZT thin film due to thermal
processing. Fractography of the failed membranes shows that delamination does occur at the
metal-silicon interface during both types of loading, suggesting both through- thickness and
interfacial cracking are possible failure mechanisms in this system.

KEYWORDS: fatigue, fracture, MEMS devices, bulge testing, PZT Introduction

With the advent of microelectromechanical systems (MEMS), it has become
increasingly important to understand the mechanical properties of the materials used in
devices that are exposed to significant stresses and narsh environments. A device
currently under development for MEMS power generation consists of a ceramic
piezoelectric membrane, PbZr,Ti; O3 (PZT), which caps a cavity filled with a two-phase
fluid. This cavity acts as a Carnot cycle engine when heated, resulting in cyclic flexing of
the PZT membrane when heat is applied and removed from the cavity. Since the
proposed device will cycle at rates approaching 1 kHz at strains that may approach 1%,
the mechanical strength and reliability of this membrane generator becomes a key design
parameter.

Many researchers using silicon-based technology for MEMS have examined the
strength and fracture of both single crystal and polycrystalline silicon structures. At the
current time there is no standard test morphology for these structures, which is likely due
to the wide variety of loading conditions these devices are subjected to. Some studies
have focused on applying external loading mechanisms to thin films, while others have
centered on creating on-chip loading structures to electrostatically test the strength of a
component, It has been noted that there is a wide range of data reported for both the
tensile fracture strength as well as the elastic modulus of polycrystalline thin films [1].
These properties can vary by a factor of 4 for different films tested in methods ranging
from tensile tests to beam bending tests. Fatigue data for polycrystalline silicon thin films
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[2] shows that when some MEMS structures are cycled at stresses greater than about
three quarters of the stress required for failure, failure can occur around 10 billion cycles.

In addition to test geometry, the surrounding environment has been shown to
impact the fracture strength of silicon as well as the number of cycles required for failure
at a given stress during a fatigue test [3]. It is not surprising that silicon and oxides in
MEMS behave differently in wet and dry environments, as this has been observed on a
bulk test of these materials. However, the variation between tests performed in ambient
conditions, in vacuum, and in humid environments suggests that any testing of devices
should be carried out in conditions similar to those expected during service.

While there exists mechanical test data on silicon for MEMS [1-4], the device
currently being considered for this power generation application utilizes PZT. There exist
some data on hardness and adhesion measured via nanoindentation [5,6], but these
measurements do not probe the properties of the material in a manner similar to the
service environment. In service the films will flex in tension, whereas during
nanoindentation testing the primary mode of deformation is compression and shear.
Additionally, the early tests did not account for any environmental effects that may occur
when the membranes are loaded in the presence of water. As it has been shown by
studies of metal ceramic interfaces that cyclic stresses can substantially differ than those
measured in either bulk material [7], it would be appropriate to expect differences
between monotonic loading and cyclic loading in the current device.

Therefore, the goal of this study was to examine the fracture and fatigue of
membranes based on silicon and PZT for a power generation application. A test fixture
was developed to simulate the loading situation as well as the environmental effects that
may occur in the device. Materials properties were evaluated based on processing
treatments that are required for device fabrication.

Experimental Procedures

An Si0, layer =500 nm thick is thermally grown on a silicon (100) wafer surface
and is then patterned and etched to generate a silicon membrane fabricated using wet
chemical anisotropic etching [8] to form pits in the silicon wafer that were 1.45 mm
square, leaving a silicon membrane 2.2 um thick, and the SiO; layer is then removed.
This wafer is then platinized using 20 nm of Ti and 200 nm of Pt deposited via electron
beam evaporation to act as a bottom electrode. The films in this study were deposited
using organometallic sol-gel methods onto the platinized wafers [6]. Some of these
platinized wafers were annealed in ambient atmosphere at 400°C for 5 h in an attempt to
improve the Pt-Ti-Si adhesion. Films of PZT approximately 65 nm thick per layer were
spun onto wafers at 4000 rpm; four or six layers were deposited after sequential heat
treatments of 150°C and 300°C prior to a crystallization heat treatment at 700°C for 10
min. Gold was then sputter deposited onto the PZT to create an easily patterned top
electrode to a thickness of 40 nm.

The testing apparatus is a closed system bulge tester. A sealed chamber of fluid is
capped by a pressurizing membrane on one side and the micromachined membrane to be
tested on the other. This chamber is pressurized using either a piezoelectric actuator or a
mechanical cam. The piezoelectric actuator is capable of cycling at frequencies
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approaching 1 kHz and produces chamber pressures on the membrane on the order of 20
kPa (similar to the conditions expected for the device operation). Larger pressures are
generated using a mechanical cam system, which can reach frequencies of 50 Hz at
chamber pressures of 675 kPa. The mechanical system is not cycled in a sinusoidal
manner, but instead is a parabolic pressure step from a pressure of 0 to the maximum
pressure followed by a small delay until the cycle repeats. Cycling is carried out at
frequencies that do not cause excessive resonance in the sealed chamber. A Michelson
interferometer using a long working distance (=10 cm) microscope and He-Ne laser is
attached to a vibration isolation table containing the bulge tester. The deflection of the
pressurized membrane is monitored via a charge coupled device (CCD) camera, and by
counting fringes generated during pressurization it is possible to determine both the shape
and total deflection of the membrane. A pressure transducer is coupled to the chamber,
and a data collection routine was developed to count the number of cycles as well as
recording the applied pressure wave during fatigue testing. It should be noted that unlike
a similar air piston driven bulge tester [9] this test provides for testing in a variety of
fluids that are being considered for use in the device and could lead to stress corrosion
cracking in the device.

Wafers are loaded into a wafer carrier that allows each membrane to be tested
individually. After a given mechanical test the carrier can be moved with respect to the
sealed chamber to access another membrane on a given wafer. Given this geometry,
approximately 20 membranes can be tested on a 75 mm diameter silicon wafer.
Membranes were tested first under monotonic loading, and the pressure-membrane
deflection relationship was determined. After identifying the pressure at which the
membranes fracture during monotonic loading, cyclic testing was carried out on different
membranes fabricated on the same wafer using pressures less than the average pressure
that generated fracture.

Results

Monotonic Fracture of PZT Membrane Structures

A pressure-deflection curve is shown in Fig. 1 for a platinized membrane, which
corresponds to the interferogram shown in Fig. 2. This pressure-deflection curve was
fitted using a model developed by Bonnotte et al. [10].
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where P is the pressure in the membrane, E and v are the composite elastic modulus and
Poisson’s ratio, respectively, ¢ is the membrane thickness, d is the maximum deflection of
the membrane, a is the side length of a square membrane, and G, is the residual stress in
the membrane. Thicknesses of various layers were measured using contact profilometry,
and those values and elastic modulii were used to determine a composite film modulus, as
described by Kriese [11], The data [5] used for determining the composite modulus are
shown in Table 1; a simple rule of mixtures for the membrane containing four layers of
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PZT produces a biaxial modulus of 158 GPa. The pressure-deflection relationship was
then fit to determine the effective residual stress in the membrane, ©,. Wafers with
annealed Ti-Pt layers exhibited a reduction in the residual stress in the layer from 110
MPa to 90 MPa.

For determining the pressure at failure during monotonic loading, the pressure in
the chamber was slowly increased until the film fractured and the pressure in the chamber
rapidly dropped to zero. Due to the large deflections at these pressures (up to 50 pm) it
was not possible to resolve individual fringes in the interferogram. Therefore, to
determine the strain at failure, the pressure at failure was recorded and the deflection
extrapolated from the curve fit of the pressure-deflection curve as a first order
approximation. In Table 2, the pressure and deflection at failure are documented. Note
that the failure in the membrane containing PZT occurs at significantly lower pressures
and deflections than that of the bare silicon or platinized silicon membranes.

FIG. 1—Pressure-deflection relationship FIG. 2—Interference pattern of
of Ti-Pt coated membrane. bulging membrane 1.45 mm on
a side.

TABLE 1—Materials properties used for composite modulus calculation.

Si Ti Pt PZT Au
t (nm) 2200 20 200 65/layer 40
E(GPa) 155 1o 171 60 75

\ 027 041 039 025 0.42
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TABLE 2—Failure pressures under monotonic loading for various membranes.

Failure Pressure, Composite Biaxial Modulus, d at Failure,
kPa GPa pm
Bare Si 407.5+7.8 167 52+0.8
TiPt, as deposited 306.8£43 169 43126
TiPt, annealed 3337+71.7 169 . 485+£8
4-layer PZT 229.6+4.38 158 37405
6-layer PZT 209.6 £ 27.6 154 3512

Cyclic Failures in Membranes with PZT Layers

Cycling loading was catried out using the mechanically driven bulge tester at a
rate of approximately 30 Hz. The applied pressure amplitude during cycling is related to
the number of cycles to failure as shown in Fig. 3 for both a 4-layer and 6-layer PZT film
on similar membrane structures. These materials appear to show some fatigue cracking
behavior; lower stress amplitudes require longer cycles to failure in a semi-logarithmic
manner. No clear evidence of a fatigue limit has been observed in these materials, but it
should be noted that testing beyond 107 cycles should be carried out to explore the
possible existence of a fatigue limit. It is suspected the increased scatter in the 6-layer
films is due to additional cracking due to a larger thermal strain upon decomposing the
organic PZT precursor. The scatter shown by error bars was determined by sampling the
range over which static failure occurs. The scatter is likely caused by defects in the films,
leading to uncertainty in the actual pressure ratio applied as there is no way of knowing a
priori if a given membrane will fail at the average value.

F
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O'ZE ¢ 4 layers PZT
O 6 Layers PZT

Pressure ratio

N
T

r
OLMA_M;LMA_LMMA_MMA\A,MJ__
1 10 10 10°  10°  10°  10° 107
Cycles to failure

FIG. 3—Normalized pressure (pressure to failure during cycling)/(pressure to
Sailure under monotonic loading) as a function of cycles required for failure in membrane
structures with four and six layers of PZT. The error bars represent the standard
deviation in fracture strain for monotonic tests.
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Crack growth was monitored by determining the compliance of the membrane
periodically during the cyclic testing. As shown in Fig. 4, there was a slight change in the
calculated side length for a sample that failed at 8 x 10° cycles. This was determined by
applying the curve fit in Eq 1 to the pressure-deflection data, allowing the side length to
vary while holding the residual stresses constant as would be expected during testing.

1.5

1.49 ([

Side Length, mm
N o
~ )

-
>
»
[ J

1.45

1.44

0 110 s

6 8 6

310° 410° 510° 610
Cycles

FIG. 4—Side length of membrane as a function of cycling for a four-layer PZT
membrane. An increase in side length likely corresponds to crack propagation during
testing.

210 710

Fractography

Delaminations at the metal-silicon interface have been observed in monotonically
loaded membranes, as shown in Fig. 5. Note that in this case the bare silicon membrane
has fractured, and the fracture appears to have begun at the metal-silicon interface based
on river patterns in the silicon. Membranes cyclically loaded show more extensive film
delamination, as shown in Fig. 6. In Fig. 6 there appears to have been regions of
delamination extending at least 10 um away from the membrane edge, whereas the largest
delaminations in the monotonically loaded membranes are approximately 5 um.

Discussion

There are small areas of delamination around the membranes failed
monotonically and during cyclic loading. While the interface failing appears to be the Ti-
Si interface, a crack in that interface would lead to compliance changes that would
manifest themselves as apparent increases in the size of the membrane. Therefore, the
small increases in crack length observed in Fig. 4 appear to be reasonable. The deflection
of the membrane has been modeled by other researchers [10], and in this case the
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maximum tensile strain at failure is approximately 0.85%. The strains applied during the
cyclic testing that cause failure in the 1 to 10 million cycle range are lower, on the order
of 0.4%, but still are on the same order of those that caused failure in 1 to 10 billion
cycles in polycrystalline silicon [2]; this could well be due to the significant residual
stresses that develop during thermal processing of the PZT thin films.

Si membrane

FIG. 5—Fracture surface of membrane at 45° tilt, showing some delamination at
the silicon-metal interface. The fracture in the silicon membrane propagated into the
bulk silicon; the membrane is still only 2.2 um thick in this sample. Arrow notes
delamination. Cracks in the film are clearly observed.

FIG. 6—Fracture surface after cyclic loading of four-layer PZT membrane for
8.9 million cycles. Delamination at the interface is significantly larger than in the
monotonically loaded samples. Arrow notes delamination.

The largest change in film strength occurs with the deposition of PZT onto the
platinized membranes. There are two possible explanations for this behavior: tensile
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stresses develop during thermal processing that alters the residual stress in the film, or
cracks in the PZT film itself due to the deposition method act as crack nucleation sites for
through-film-thickness cracking. Cracks in the PZT membranes (Fig. 5) are caused from
the tensile stresses that develop during processing, so it is difficult to separate these two
mechanisms at the current time.

Conclusions

Experiments have been performed using a newly developed bulge testing
apparatus that allows both large pressures and high (=30 Hz) cycling rates on multilayer
membranes containing a PZT film. These films appear to degrade with cyclic loading,
failing after approximately 10 million cycles at strains of 75% of the monotonic failure
strain and pressure. Annealing the Ti-Pt bottom electrode to improve adhesion during
further processing appears to reduce the residual stress in the membrane by approximately
20% (from 110 MPa to 90 MPa) without significantly weakening the film. However,
deposition of PZT thin films using sol gel processing decreases the strength of the
membrane under monotonic loading by approximately 33%. Cyclic loading does appear
to enhance the amount of interfacial failure at the metal-silicon interface.
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ABSTRACT: Specimens have been developed to measure the strength and fracture toughness,
of polycrystalline silicon and silicon carbide at the micron scale. The specimens have been
fabricated using standard microelectromechanical systems (MEMS) processing techniques, and
so have characteristic dimensions comparable to typical MEMS devices (notches, cracks and
uncracked ligaments of several microns). They are fully integrated with simultaneously
fabricated electrostatic actuators that are capable of providing sufficient force to ensure failure
under monotonic loading. Thus the entire experiment takes place on-chip, eliminating the
difficulties associated with attaching the specimen to an external loading source. Polycrystalline
specimens containing cracks formed by indentation were associated with a microstructure-

independent average fracture toughness of 1.0 MPa\/; . The strength of specimens containing
micromachined blunt notches demonstrated a strong dependence on processing procedures and
resulting surface roughness. Fractographic investigation suggests that this dependence is related
to the size of processing-related flaws on the side surfaces of the films.
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Introduction

At present, polycrystalline silicon (polysilicon) is the most commonly used
material for fabricating microelectromechanical systems (MEMS) devices that operate at
ambient temperatures. Long-term durability predictions for such devices require a
fundamental understanding of the strength, stiffness, fatigue, fracture, and wear behavior
of polysilicon at relevant length scales, and of how this behavior is affected by operating
environments and by variations in MEMS processing procedures. While significant
progress has been made during the past few years on measurements of tensile strengths
and elastic moduli of micron-size specimens, the material properties data required for
fracture mechanics-based reliability analyses of engineered devices is extremely limited
and not well understood [1].

Consider, for example, the fracture toughness, Ky, of polysilicon, defined as the
critical stress intensity factor that is required to extend the tip of an atomically sharp
crack. Our recent measurements of this fundamental parameter are the only available data
derived from atomically sharp cracks in micron-size polysilicon specimens [2]. The

reported average value of 1.1 MPa+ym for fine-grained polysilicon is close to that of
single crystal silicon (whose toughness is anisotropic and lies in the range 0.7 to 1.2

MPa+/m [3]) and clearly demonstrates that previously published average “nominal”
values for ;. (14 MPa+/m for tension specimens containing center crack-mimicking

notches with length to root radius ratio of 100 [4], 1.9 to 4.5 MPa+/m for tension
specimens containing edge notches with radii of the same order of magnitude as the
uncracked ligament [5], and 1.7 to 4.0 MPa+/m for bend specimens containing edge

notches with a tip radius of 1 um [3,6] do not represent fracture toughness but rather
strength in the vicinity of a notch. We note that the discrepancy between fracture
toughness and nominal toughness measured on notched specimens has been demonstrated
for single crystal silicon by Myers et al. [7], who reported nominal values of 1.24 to

2.85 MPa~y/m for notch radii of 80 to 580 pum.

Another phenomenon that is not sufficiently understood and that is expected to be
intimately connected with processing procedures and material microstructure is time-
delayed failure of polysilicon. Connally and Brown [8-10] demonstrated that the natural
frequency of their precracked (using indentation) single crystal silicon specimens, when
placed in a humid environment, decreased with time. They attributed this phenomenon to
environmentally assisted crack growth. As noted recently by Van Arsdell and Brown [11]
however, Connally and Brown “...were unable to confirm their hypothesis that this
subcritical crack growth was occurring due to a stress corrosion attacking mechanism.”
Van Arsdell and Brown [11] also reported evidence that polysilicon is susceptible to
stress corrosion cracking under cyclic tension-compression loading. However, their data
(obtained from indentation induced precracks) does not appear to show a close correlation
between crack velocity and applied stress intensity factor, or crack velocity and relative
humidity. While they observed no time delayed failure in the absence of humidity, they
attribute crack velocities as low as 2x10™"* m/s to environmentally assisted cracking of
the native oxide layer that forms along the crack front in humid air.
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We have also observed time delayed failure in polysilicon under cyclic tension-
compression loading, both in humid environments and in near vacuum (8 Pa) [6,12]. Our
results suggest that polysilicon may be susceptible to subcritical crack propagation or
crack initiation in the absence of humidity. We are currently investigating the possibility
of compression-induced cracking near notches and crack tips, a phenomena observed in
ceramic composites [13]. It is worth noting that nanoscopic damage evolution has been
observed in single crystal silicon by Komai et al. [14]. They performed cyclic 3-point
loading on MEMS-size single crystal silicon samples and observed failure from cracks
that initiated mn the vicinity of the indenter (on the compressive face). They also reported
that multiple cracking occurred when the tests were performed underwater, suggesting
effects of stress corrosion.

Bhadurt and Wang [15] are the only researchers to report slow crack growth in
statically loaded single crystal silicon and measured velocities as high as 10™ m/s;
however, several other researchers studying static fatigue in silicon have not observed
crack growth [9,10].

All these observations suggest that time-delayed failure in these relatively small
polysilicon devices may not be a result of (moisture-controlled) static fatigue of the bulk
material, as occurs in inorganic glasses [16]. Instead, it may be associated with other
types of mechanisms, including static fatigue of the native oxide, or stress-induced
damage evolution in the vicinity of stress concentrators.

These two examples clearly illustrate the need for a sound fracture mechanics base
for MEMS devices. That a sound materials science base relating processing parameters to
(material) microstructures and (material) microstructures to mechanical behavior is
equally necessary will be demonstrated in this paper. We present results of a study of the
effects of microstructure (we use microstructure in the materials science sense rather than
in reference to small structures, as is common in MEMS literature) on the fracture
toughness and strength of polysilicon. We present what we believe to be the first
convincing (MEMS) polysilicon fracture toughness data. We also present recently
measured bend strength data for amorphous silicon, and compare it with our previously
reported values for polysilicon. The independence of fracture toughness on
microstructure, together with a fracture mechanics analysis of the data, illustrates that
differences in strength are intimately connected to the size of processing-related flaws on
the free surfaces of the films. This point is underscored by a comparison of the bend
strengths of our amorphous silicon with those of Tsuchiya et al. [5].

The Microstructure of LPCVD Polysilicon Films

As with all deposition processes, the microstructure of LPCVD (low pressure
chemical vapor deposition) polysilicon films is dependent on the deposition conditions. In
general, the films are amorphous at the lowest growth temperatures (lower than ~570°C),
display fine (~0.1 pm diameter) ellipsoidal grains at intermediate temperatures (~570°C
to ~610°C), and contain columnar (110)-textured grains with a thin fine-grained
nucleation layer at the substrate interface at higher temperatures (~610°C to ~700°C)
{17). The fine-grained microstructures seen at intermediate deposition temperatures are
essentially randomly oriented, although modest (and poorly understood) (311) and (111)
textures (compared to the randomly oriented powder diffraction pattern) are present. The
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fine-grained microstructure results from the homogeneous nucleation and growth of
silicon crystallites within an as-deposited amorphous silicon film. In other words, in this
regime, the deposition rate is just slightly faster than the crystallization rate. This is
confirmed by cross-sectional transmission electron microscopy (XTEM), which shows
mostly crystalline films that are still amorphous at the free (growth) surface [18]. The
columnar and crystallographically textured microstructure, seen at the higher growth
temperatures, results from the deposition of crystalline silicon, with growth being fastest
in the <110> directions. The differences in these growth mechanisms also affect the
relative surface roughness of the films. The amorphous films, and the fine-grained films
which were amorphous as-deposited, both display very smooth surfaces, while the
columnar films are significantly rougher, the scale of the roughness reflecting the
columnar microstructure. As discussed subsequently, the morphology, i.e., the detailed
nature of the roughness of free surfaces, governs the tensile and bending strength of
polysilicon microdevices.

The residual stresses of polysilicon films depend sensitively on the microstructure.
The amorphous and the columnar films are under compressive stresses, while the fine-
grained films are tensile [18-23]. The origin of the tensile stress in the fine-grained
polysilicon is easily understood; it arises from the volume decrease that accompanies the
crystallization of the as-deposited amorphous material. The origins of the compressive
stresses, on the other hand, are not well understood. Impurity incorporation has been
suggested, either of oxygen [24] or hydrogen, particularly for amorphous films [22], and
hydrogen evolution has been detected during high temperature annealing of columnar
polysilicon films [21]. For the columnar films, it has been suggested that excess
(interstitial) atoms depositing in the developing grain boundaries could contribute
compressive stresses [25]. For the fully crystalline films, irrespective of the sign of the
residual stress, the effects of high temperature annealing in inert atmospheres are similar.
The stresses are essentially unchanged at annealing temperatures below ~1000°C, but
reduction of the residual stresses occurs dramatically (to a near-zero condition) for higher
annealing temperatures [21,23,25]. In addition to the possible evolution of hydrogen
discussed above, the reduction in residual stress is attributed to dislocation rearrangement
during annealing [21].

Electrostatically Loaded Specimens Containing Sharp Cracks and Notches

Polysilicon films with varying microstructures have been used to fabricate fracture
mechanics test specimens, which are fully integrated with simultaneously microfabricated
actuators. This allows on-chip testing of the micromachined specimens, without the need
of an external loading device. Specimens were designed to measure fracture toughness
(using indentation-induced precracks) as well as bend strength (using micromachined
single-edge notches with a 1-pm-tip radius).

The different polysilicon microstructures used in this investigation were all
produced by standard LPCVD and are shown in the cross-sectional transmission electron
micrographs in Fig. 1. Figure 1a shows an amorphous silicon (a-Si) film deposited at
550°C; Fig. 1b is of a fine-grained film deposited at S80°C with an average grain diameter
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of 0.1 um; Fig. 1c shows a columnar film deposited at 615°C with an average column
diameter of 1 um; and Fig. 14 shows a multilayer film deposited alternately at 570°C and
615°C. (The motivation behind the development of the multilayer polysilicon specimen
was to exploit the inherent tensile and compressive residual stresses in an alternating
design, in order to achieve as-deposited near-zero overall film stresses and near-zero
residual stress gradients, and in turn, flat surfaces [23]. In addition to these four films, all
of which are undoped, fine-grained films were also processed which were heavily P-
doped and then annealed at 1150°C for two h. This led to an increase in average grain
diameter to 0.7 um. Fine-grained films were also B-doped at 1100°C; this doping did not
increase the grain size.

The test specimens were fabricated using standard surface micromachining
techniques. We have previously reported [2] the fracture toughness of polysilicon
measured on a sharp-cracked specimen whose fabrication involved a two-mask process.
This data exhibited large scatter, which we tentatively attributed to a high temperature
anneal performed before the second mask step. Therefore, we have developed an
improved procedure for introducing sharp cracks that involves a one-mask process,
illustrated in Fig. 2 and summarized as follows.

A 3.0-um-thick sacrificial oxide was thermally grown on 100-mm-diameter {100}
silicon wafers. Polysilicon films were deposited by LPCVD at temperatures between
550°C and 615°C. The fine-grained and columnar films were then annealed at 1000°C for
one h in nitrogen to relieve some of the residual stresses. The columnar films deposited at
615°C were chemo-mechanically polished in order to achieve the mirror finish displayed
by the fine-grained and amorphous films. The external masking oxide was then deposited
by LPCVD at 450°C (Fig. 2a). The masking oxide was photolithographically masked and
{(dry) plasma etched using CHF3/C,Fg, and the polysilicon was plasma etched using Cl,
(Fig. 2b). For the doped films, the remaining masking oxide was chemically removed
using aqueous hydrofluoric acid (HF). The P-doped films were exposed to POCI for 13 h
at 875°C, followed by a two-hour anneal at 1150°C. The B-doped films were exposed to
B,Os for 30 min at 1100°C. At this stage, a Vickers indent (with a 1-kg load) was placed
on the sacrificial oxide near the specimen, causing radial cracks to form in the oxide and
propagate into the overlying polysilicon (Fig. 2¢). The devices were then time-release
etched in aqueous HF, followed by supercritical CO, drying (Fig. 2d). For the undoped
films, the devices were sputter-coated with ~10 nm of palladium following release to
provide sufficient conductivity for electrostatic actuation; this very thin metal layer is not
expected to affect the mechanical behavior of the polysilicon specimens. The specimens
used for bend strength determination were processed identically, except that no
indentation was performed.

The specimens used for fracture toughness and bend strength measurements are
shown in Fig. 3¢ and b, respectively. All of the specimens are integrated with
simultaneously fabricated electrostatic actuators containing from 1400 to 2200 pairs of
interdigitated comb fingers, an example of which is shown in Fig. 4. The outer frame of
the actuator is fully
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lum

FIG. 1—Cross-sectional transmission electron micrographs of (a) an amorphous
silicon film deposited at 550°C, (b) a fine-grained polysilicon film deposited at 580°C, (c)
a columnar polysilicon film deposited at 615°C, and (d) a multilayer polysilicon film
deposited alternately at 570°C and 615°C. The amorphous film in (a) contains
heterogeneously nucleated crystallites of Si at the amorphous Si/SiO, interface, which
formed in the later stages of film deposition; a few homogeneously nucleated crystallites
are also present. Crack extension in the fracture toughness tests occurred from cracks
which only penetrated the amorphous Si (see text below). The tensile surface in the bend
tests to be discussed below were also confined to the purely amorphous material.
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released from the substrate and is free to move when subjected to the electrostatic
attraction of the comb drives. The frame is anchored to the substrate at the ends of eight

SiO2
polysilicon
a) ___Si0o2 '

silicon substrate

crack surface

e

FIG. 2—Schematic drawings of the fabrication sequence for the surface-
micromachined polysilicon devices containing sharp cracks. See text for further details.

long, thin beams, which constrain movement in the side-to-side direction, but allow in-
plane vertical movement. The interdigitated comb fingers pull the actuator down (in the
orientation of Fig. 4) when a voltage is applied, achieving forces of up to 700 4N. This, in
turn, pulls on the connecting beam and the left side of the fracture mechanics specimens
(as viewed in Fig. 3), which are anchored to the substrate on the opposite side. A stress
intensity factor at the crack tip, or a stress concentration at the notch of the specimen, is
thus achieved (in all calculations the radius of the notch was assumed to be the design
value 2 um). When the displacement reaches a critical value, the mechanical stresses
become sufficiently high to initiate fracture. The critical displacement for the notched and
cracked specimens is measured optically from two scales fabricated as part of the testing
device; one of these is shown at the top left in Fig. 3a.
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FIG. 3—Scanning electron micrographs of surface-micromachined fracture
mechanics specimens used for measuring () fracture toughness and (b) bend strength.
The inset in (a) shows a higher magnification view of the precracked region.

Figure 5 shows a typical finite element mesh for a sharp cracked specimen, as
well as a close-up view of the crack position and length. It is noted that a finite element
analysis was performed for all crack configurations, where the crack’s length was within
the range 10.6 to 34 um, and its position from the fixed edge varied. The critical stress
intensity factor is calculated to within a few percent error by prescribing the
experimentally measured critical displacement together with a Young’s modulus equal to
160 GPa (A similar procedure is used for the notched specimens to infer the maximum
tensile stress at the root of the notch). For the polysilicon specimens, this Young’s
modulus represents the average value measured from electrostatically driven resonant
frequency test structures that were fabricated on the same chip as the strength and fracture
specimens (for all material microstructures we measured a modulus equal to
160 £ 9.0 GPa). For the a-Si specimens, we assumed the same value of Young’s modulus,
because we were not able to actuate electrostatically the resonant frequency test
structures, as explained next (we are in the process of fabricating test structures to
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measure the Young’s modulus of a-Si).

As discussed above, the a-Si films contained high residual compressive stresses.
As a result, the actuators were severely buckled as-released, the interdigitated comb
fingers did not overlap, and electrostatic actuation could not be performed. These devices
were mechanically pushed with a probe (“mechanically” as opposed to “electrostatically”
tested), while the actuator displacement was monitored optically, as in the electrostatic
experiments. (To verify the legitimacy of this technique, some polysilicon devices were
also mechanically tested. The strengths were equivalent to those obtained by electrostatic
testing.)

300 :
SUU um specimen

actuator

FIG. 4—Scanning electron micrograph of a fracture mechanics specimen
integrated with an electrostatic comb-drive actuator.
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FIG. 5—Finite element mesh used to calculate the stress intensity factor of a
sharp crack specimen.

Results and Discussion

The fracture toughness results for the improved specimen design fabricated with a
variety of microstructures are shown in the histograms in Fig. 6. This data exhibits
significantly less scatter than that obtained using the previously discussed two-mask
process. The average values and standard deviations are included on the figures. As
mentioned previously, the toughness values were inferred using the average value of the
measured Young’s modulus; the values corresponding to the upper and lower bound
values can be recovered readily because in the calculations toughness scales linearly with
modulus. It is noteworthy that Kj. is independent of microstructure. This suggests that
only the region of the material immediately in front of the precrack controls the
toughness; it is only the strength and characteristics of the Si-Si chemical bonds that are
involved in initiating fracture. This most satisfying result is expected in truly brittle
materials such as silicon. To the authors’ knowledge, a microstructure-independent
fracture toughness has not been demonstrated in any other brittle materials, most likely
because of the difficulty of generating atomically sharp precracks in fracture specimens
subjected to different processing histories.

The bend strength results for a-Si and for B-doped and undoped fine-grained
polysilicon are shown in Fig. 7. We could not generate sufficient force in the undoped
specimens (due to the residual tensile stress within these specimens) to initiate fracture;
therefore, these specimens were mechanically tested. To confirm again the validity of this
procedure, B-doped specimens were tested both mechanically and electrostatically, with
no difference in the measured strengths. The undoped polysilicon displays a slight
increase in bend strength compared to the B-doped polysilicon, while the a-Si
demonstrates a significant increase in bend strength.
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FIG. 6—Histograms showing fracture toughness results using the one-mask
process (various polysilicon microstructures).
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FIG. 7—Histograms showing bend strength results for (a) B-doped and undoped
polysilicon and (b) amorphous silicon.

Bend strength is not a fundamental material property, but depends on both Xj.
and the flaw size at the fracture initiation site. For a semicircular flaw, the maximum
stress intensity factor is given by
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K =1255a 1)

where § is the nominal stress, and a is the flaw radius [26]. Since the toughness is
constant regardless of microstructure or doping level, the observed differences in bend
strength must be due to variations in the flaw size. Equation 1 implies that the flaw size
of a-Si samples is four times smaller than the flaw size of polysilicon samples (because
the nominal strength of a-Si is roughly double that of polysilicon).

For the notched specimens, the flaw sizes are determined by the morphology of
the surface of the specimen which is under tensile stress during the test, which
corresponds to the inside surface of the notch. Fracture surfaces from all three types of
material are shown in Fig. 8. (These are three of the best examples of “classical” features
present on fracture surfaces that were observed.) In all three samples, a semicircular
“mirror” is present, characteristic of brittle fracture, and surrounds the crack-initiating
flaw. Beyond the relatively smooth mirror zone, branching cracks can be seen radiating
from the crack initiation site. In brittle ceramics, the radius of the mirror is known to be 6
to 10 times the radius of the original flaw [26]. In this figure, it appears that the mirror of
the a-Si sample is indeed roughly four times smaller than that of the polysilicon sample.

i

& : fracture |
inner surface surface
of notch '
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FIG. 8—Scanning electron micrographs showing the fracture surfaces of notched
specimens fabricated from (a) B-doped polysilicon, (b) undoped polysilicon, and (c)
amorphous silicon. Note the magnification in (c) is more than twice that in (a) and (b).

The inner surfaces of the notches, where fracture initiated, are also shown in
Fig. 8. These surfaces were created during the Cl, plasma etching of the devices. The
surface of the amorphous sample is visibly smoother, consistent with its smaller flaw
sizes. The surface morphology of the B-doped specimen appears slightly smoother than
the undoped specimen. This obtains because some modest oxidation occurs during
doping; this oxide is removed during the release process, and so any sharp features will
become rounded. While this could be expected to increase the bend strength, another
byproduct of the doping process is also evident in Fig. 8a. During doping, thermal
grooving occurs where grain boundaries intersect the free surface. (The undoped
specimens are only annealed before polysilicon etching, i.e., before these surfaces are
created.) These grain boundary grooves are likely acting as the flaws that control the
bend strength and are more severe than the strength-controlling flaws in the undoped
specimens.

A comparison of the average bend strength of our a-Si with those of Tsuchiya et
al. [5] underscores the importance of processing-related flaws. While our a-Si is twice as
strong as our polysilicon, their a-Si is half as strong as their polysilicon. They attribute the
lower strength of their amorphous films to the presence of 0.4% hydrogen, as well as
increased surface roughness.

Summary and Conclusions

We have developed a wafer-level testing approach for measuring the strength and
fracture toughness of polysilicon in specimens containing length scales relevant to
MEMS devices. The data suggest that the fracture toughness of polysilicon is
microstructure-independent and equal to 1.0 MPa+/m , while its strength is controlled by
processing-related flaws on the side surfaces of the films. Average strengths up to 9.7
GPa have been achieved in amorphous silicon, while the strength of polysilicon is ~5.0
GPa (these strengths appear to be independent of the residual stresses that exist in the
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films before release).
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ABSTRACT: Fatigue crack growth behavior has been investigated for micro-sized Ni-P
amorphous alloy specimens. Cantilever beam type specimens (10 um by 12 pm by 50 pm) with
notches were prepared from Ni-P amorphous thin film by focused ion beam machining. Fatigue
crack growth tests were carried out in air at room temperature using a newly developed
mechanical testing machine that can apply cyclic loading to micro-sized specimens. Striations
were observed clearly on the fatigue surface, and fatigue crack growth resistance curves as a
function of stress intensity range (AK) were obtained from careful measurements of the striation
spacings. The fatigue crack growth rates at stress ratios of 0.3 and 0.5 were greater than that at
0.1 under a given value of AK. This suggests crack closure may occur even in such micro-sized
specimens and may affect the fatigue crack growth behavior.

KEYWORDS: thin film, Ni-P, amorphous alloy, fatigue crack growth, bending test, R ratio
Introduction

Micro-sized machines and microelectromechanical systems (MEMS) are expected
to be applied to bio-medical and micro-photonics devices such as micro-catheters for
brain surgery and optical switches for electro-optical communications. These devices are
usually prepared from a thin film deposited on a substrate using surface micromachining
techniques. The size of the components used in such devices is thus considered to be in
the order of microns, and the mechanical properties of such micro-sized materials are
considered to be different from those of bulk (ordinary sized) materials, as surface effects
on the deformation mechanisms are prominent. Therefore, the evaluation of mechanical
properties, including elastic modulus, tensile strength, fracture toughness and fatigue
properties, are essential for practical applications of such MEMS devices.

Several studies have investigated the mechanical properties of small-sized
materials {1-5]. In particular, properties such as fatigue life and fatigue crack growth of
micro-sized materials are extremely important to enable reliable design of actual MEMS
devices, as the many micro-sized components are subjected to cyclic loading as they
move. For example, the components used in micro-optical mirrors and switches are
considered to experience an extremely high number of cyclic loads (over 10* cycles).
Fatigue tests for thin films and fatigue life of such films have been evaluated [6-8].
However, to date there has been an absence of fatigue data available for designing reliable
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and log-term durable MEMS devices. Particularly, there have been no data for fatigue
crack growth properties which are important for damage tolerant design of actual devices.
This is due to the lack of suitable fatigue testing equipment for micro-sized materials. In
our previous investigation, we have designed a new fatigue testing machine for micro-
sized specimens [9-10], and fatigue life curves have been obtained for micro-sized Ni-P
amorphous alloys [11].

Amorphous alloy thin films deposited on substrates by sputtering or plating
techniques are considered to be potential candidate materials for MEMS devices because
of their isotropic mechanical properties and high corrosion resistance. Therefore, it is
important to clarify the fatigue properties of these amorphous thin films. However, the
fatigue properties of micro-sized amorphous specimens have not yet been studied apart
from our previous investigation on the fatigue life of a micro-sized Ni-P amorphous alloy
[11]. In the present study, fatigue crack growth tests have been performed for micro-
sized specimens prepared from an electroless deposited Ni-P amorphous alloy thin film,
and the size effects on the fatigue crack growth behavior of micro-sized specimens have
been discussed.

Experimental Procedure

Preparation of Specimens

The material used in this investigation was a Ni-11.5 mass% P amorphous thin
film electroless plated on an Al-4.5 mass% Mg alloy. The thickness of the amorphous
layer was 12 um and that of the Al-4.5 mass%Mg alloy substrate was 0.79 mm,
respectively. A disk with a diameter of 3 mm was cut from the Ni-P/Al-Mg sheet by
electro discharge machining. An amorphous layer was separated from the Al-Mg alloy
substrate by dissolving the substrate with a NaOH aqueous solution. The amorphous thin
film was fixed on a holder, and micro-cantilever beam specimens with dimensions of 10
(B) by 12 (W) by 50 (L) um® were cut from the amorphous layer by focused ion beam
machining. This specimen size is equivalent to approximately 1/1000 of ordinary-sized
bending specimens. Figure 1 shows the specimen prepared by the above procedures.
Notches with a depth of 3 um were introduced into the specimens by focused ion beam
machining. This notch depth is equivalent to a/W = 0.25, where a is notch length and W
is specimen width. The width of the notch was 0.5 pm, and the notch radius is thus
deduced to be 0.25 um. The notch position was 10 um away from the fixed end of the
specimen. The loading position is set at 40 um from the fixed end of the specimen.
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FIG. 1— Scanning electron micrograph of the micro-sized cantilever type specimen.

Fatigue Testing Machine

Fatigue crack growth tests were carried out using a newly developed fatigue
testing machine for micro-sized specimens. Figures 2(a) and 2(b) show a photograph and
a block diagram of the fatigue testing machine. The testing machine consists of an
actuator, a specimen holder, a load cell, and a controller.

A magnetostrictive device is used as an actuator that imparts a small amount of
displacement to a specimen. The magnetostrictive material used is TERFENOL-D
(TbDyFe), which is able to produce displacements up to 10 wm with an accuracy of 5 nm,
and the maximum response frequency of cyclic displacement is 100 Hz. So far, a nano-
indentor type loading system has been applied for the measurement of mechanical
properties in thin film specimens [1]. The stiffness of such system is very low and it is
inadequate for applying cyclic loading. In this testing machine, the end of the actuator is
connected to a metal shaft and a diamond tip of 5 um in radius is attached to the other end
of the shaft. This makes it possible to construct a high stiffness loading fixture. The
displacement of the actuator is measured by a laser displacement meter with an accuracy
of 5 nm, and the displacement signal is used as feed back control.

The micro-sized specimen is set in a specimen holder and the holder is placed on
a load cell as shown in Fig. 2(b). This holder is interchangeable and is also used in the
focused ion beam machine for machining the micro-sized specimens, in this fatigue
testing machine and in a field emission-gun type scanning electron microscope.
Therefore, machining, testing and observation processes are able to be performed without
removing the specimen. This makes it easier to handle the micro-sized specimens. A
CCD camera is set near the specimen holder to monitor the specimen appearance during
fatigue testing. A small amount of displacement is applied to the specimen through the
diamond tip. The amount of load applied to the specimen is measured by a strain gage
type load cell with a load resolution of 10 uN, which is set under the specimen. Load
control is also an available option on this instrument. The horizontal location of the
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FIG. 2 — Photograph (a) and block diagram (b) of the fatigue testing machine for
micro-sized specimens used in this investigation.

specimen stage and the load cell can be moved to adjust the loading position precisely by
a stepping motor at a translation resolution of 0.1 pm.

This testing machine is set up in a clean room with constant temperature and
humidity to eliminate dust and the effect of temperature change during the measurement.
The testing machine is also placed in a windscreen box to shield from the slight wind
stream in the room. Further details of the testing machine are described in our previous
papers [9-10].

Fatigue Crack Growth Test

Fatigue crack growth tests were performed in air at room temperature. Fatigue
tests were carried out at a frequency of 10 Hz and different stress ratios, R (R = Pui/Praxs
where Ppi, is @ minimum load and P,y is a maximum load applied over the fatigue
cycle) of 0.1, 0.3, 0.5, and 0.7 under constant load amplitude (AP/2, where AP = Py, -
Pmin) of 2 mN. This fatigue test condition was determined from our preliminary
experiments. Although the crack length was not able to be measured directly in this
testing machine, the change in specimen compliance can be measured during fatigue tests.
The initiation of crack growth was then determined by monitoring the specimen
compliance. The fatigue surfaces after the tests were observed using a HITACHI S-4000
field emission-gun type scanning electron microscope operating at 30 kV.

Results and Discussion

Fatigue Crack Growth Behavior

Figures 3(a) and 3(b) show a scanning electron micrographs of the specimen
appearance after a fatigue crack growth test at a stress ratio of 0.5. A fatigue crack
initiates from the notch root. The crack did not begin to grow immediately after applying
cyclic load but started to grow after approximately 20 000 cycles (this was confirmed by a
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compliance change of the specimen during fatigue test, but the number of cycles to
fatigue crack initiation varied between specimens). This also supports our previous result
that even the notch with root radius of only 0.25 pm was not regarded as a natural crack
for this specimen size [12]. The fracture surface consists of a flat region and a rough one
which is featured by a vein pattern as shown in Fig. 3(b). The vein pattern is often
observed on a monotonic fracture surface in this amorphous alloy [12]. The region
between the notch and the final fractured region is thus a fatigue surface. Figure 4 shows
a high magnification of fatigue surface in Fig. 3. Very fine equispaced markings are
clearly observed on the fatigue surface. The spacing between these markings increased
with the crack extension and are approximately 30 nm near the notch root and 80 nm near
the final fractured region. It is not certain whether these markings correspond to
striations, but these markings are aligned perpendicular to the crack growth direction and

X5.20K B.8@rm

FIG. 3—Scanning electron micrographs of specimen appearance after fatigue
crack growth tests at a stress ratio of 0.3: (a) general view, (b) close view near notch
and fracture surface and (c) shear bands (indicated by arrow) observed on the side
surface of the specimen near fatigue surface.
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FIG. 4—High magnification scanning electron micrograph of fatigue surface in
Fig. 3. Fine equispaced markings considered to be striations are observed. Crack
growth direction is from top to bottom.

were not observed on the fracture surface by static bending tests [12], so these markings
are deduced to be fatigue striations. Such striations have also been observed on fatigue
surfaces of metallic glass bulk specimens [13]. The formation of striations suggests that
the crack has propagated by cyclic plastic deformation at the crack tip (i.c., blunting and
resharpening of the crack tip). Actually, shear bands which are considered to be formed
by plastic deformation were observed on the side surface of the specimen near the crack
tip as shown in Fig. 3(c). Consequently, the fatigue crack growth appears to be based on
cyclic plastic deformation at the crack tip even in micro-sized amorphous alloys.

Effect of Stress Ratio on Fatigue Crack Growth

If the spacing between the striations on the fatigue surface is assumed to be
equivalent to the fatigue crack growth rate for the specimens, a fatigue crack growth
resistance curve can be obtained from the measurement of the striation spacings. Careful
measurements of the striation spacings were made and fatigue crack growth rates (da/dN)
as a function of applied stress intensity factor range (AK) (Where AK = Kipay - Kinin) Were
obtained. Stress intensity factor (K) is calculated from the equation for a single edge
notched cantilever beam specimen [14]. The crack length, a, was measured from
scanning electron micrographs of the fatigue surfaces.

Figure 5 shows the fatigue crack growth resistance curves at different stress ratios.
As once a crack started to grow, the specimen failed after only several thousand cycles for
the micro-sized specimens, so AKy, (a stress intensity range at which a crack starts to
grow) was not able to be determined. Also, the number of data points is only two or three
for one specimen, but this is due to the difficulty of the measurement of striation spacings
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FIG. 5—Fatigue crack growth resistance curves for micro-sized specimens at
different stress ratios.

since the spacing is only between 20 to 70 nm. It is not certain whether a Paris-Erdogan
relationship {(da/dN = AAK™, where A and m are material constants) is applicable for these
data. The fatigue crack growth rates at a stress ratio of 0.3 and 0.5 are almost the same.
In contrast, the fatigue crack growth rate at a stress ratio of 0.1 is lower than those at 0.3
and 0.5 at a given value of AK. Generally, a decrease in fatigue crack growth rate at a low
stress ratio can be explained by crack closure effects for ordinary-sized specimens. This
suggests crack closure effects may occur even in such micro-sized specimens and may
affect the fatigue crack growth behavior. The fatigue surface is relatively flat as shown in
Fig. 4, so this crack closure is deduced to be a plasticity-induced crack closure.

On the other hand, the fatigue crack growth rate at a stress ratio of 0.7 is higher
than those of 0.3 and 0.5. Figure 6 shows a fatigue surface at a stress ratio of 0.7. The
fatigue surface is very rough, and some vein patterned regions that were also observed on
the static fracture surfaces of micro-sized specimens of the same material [12] are visible
in addition to the striation pattern. At this stress ratio, Kmsx was 6.8 MPa m"? and this
value is close to Ko value of the specimen [12]. Therefore, the crack is deduced to extend
by both cyclic and static mode, and this resulted in higher crack growth rate at stress ratio
of 0.7.
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FIG. 6—Scanning electron micrograph of fatigue surface tested at a stress ratio
of 0.7. Crack growth direction is from top to bottom.

Effect of Specimen Size on Fatigue Crack Growth

As shown in Fig. 5, the effect of stress ratio on fatigue crack growth, which is
deduced to be associated with a crack closure effect, is observed even for micro-sized
specimens., The length of crack extended by fatigue loading in the micro-sized specimens
used in this investigation was only 2 to 3 um as shown in Fig. 4. Generally, crack closure
effects are less pronounced for short cracks with length of less than 100 pm, and almost
no closure effects are observed for extremely short cracks with a length in the order of
microns [15]. However, these observations have been obtained for short cracks in
ordinary-sized specimens. In contrast, the size of the specimen used in this investigation
is three dimensionally small, so the normalized crack length is sufficiently long compared
to the specimen size (actually, a/W is approximately over 0.5 at final fracture). Therefore,
the crack length of 2 to 3 um should be regarded as a long crack for this size of specimen,
so the closure effects are deduced to be pronounced even for micro-sized specimens.

The final fatigue fracture occurred at a crack growth rate of less than 107
m/cycles. This crack growth rate is much lower compared to that of ordinary-sized
specimens. This means that once a fatigue crack starts to grow then the fatigue fracture
occurs only after several thousands cycles (this was confirmed in the actual fatigue crack
growth tests for the micro-sized specimens in this investigation). Therefore, the fatigue
life of micro-sized specimens is dominated by crack initiation. This also suggests that
even a micro-sized surface flaw may be an initiation site of fatigue crack growth and this
will shorten the fatigue life of micro-sized specimens.

In this investigation, the fatigue crack growth properties for micro-sized specimen
were able to be measured for the first time. However, the detail of size effects on fatigue
crack growth behavior is still unclear. Further investigation is required to quantify the
size effect on fatigue mechanisms in micro-sized specimens.
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Conclusions

Fatigue crack growth tests have been performed for micro-sized cantilever beam
type specimens prepared from an electroless plated Ni-P amorphous alloy thin film to
investigate the size effects on fatigue crack growth behavior of such micro-sized
specimens.

Striations were observed on the fatigue fracture surfaces, and fatigue crack
propagation rates were estimated by a careful measurement of the striation spacing. The
fatigue crack growth rates at stress ratios of 0.3 and 0.5 were aimost identical, but the
fatigue crack growth rate at a stress ratio of 0.1 were lower compared to that at 0.3 and
0.5 at a given value of AK. This suggests that crack closure may occur even in such
micro-sized specimens. In contrast, the fatigue crack growth rate at a stress ratio of 0.7
was higher than those at 0.3 and 0.5. The fatigue crack extended by both cyclic and static
loading and this causes higher fatigue crack growth rate at stress ratio of 0.7. The resuits
obtained in this investigation are the first measurements of fatigue crack growth
properties for micro-sized specimens and provide basic guidelines for design of actual
micro-sized machine and MEMS devices.
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ABSTRACT: The behavior of MEMS devices is limited by the strength of critical features such
as thin ligaments, oxide cuts joining layers, pin joints, and hinges. Polysilicon devices fabricated
at Sandia’s Microelectronic Development Laboratory as well as single layer amorphous diamond
MEMS structures have been successfully tested to investigate these features. A series of
measurements was performed on 2.5 pm thick, 1.8 um wide samples with gage lengths of 15 to
1000 um. Conventional samples, notched samples, as well as samples that include the critical
features of standard components in the test section were tested.

KEYWORDS: polysilicon, amorphous diamond, MEMS, thin film, tensile, fracture, strength,
testing, distribution, lateral force, nano, nanomechanical, indenter

Introduction

Understanding and predicting the behavior and reliability of polysilicon
micromachined MEMS devices requires a thorough knowledge of the distribution in
mechanical properties and the effect of stress concentrating features in these devices.
Previous work [1-6] has not addressed samples of the same scale as the critical features
found in MEMS devices—beams 1 to 2 um wide and as short as 15 um long. Samples
designed to directly measure, under uniform tensile loading, the fracture strength, fracture
toughness, and Young’s modulus of polysilicon have been fabricated using Sandia
National Laboratories's Ultra-planar Multi-level MEMS Technology (SUMMIT) process
[7-8]. The samples have one end fixed to the surface by a freely moving pivot. The free,
pull-ring, end of the sample is engaged by a flat-tipped conical diamond using the lateral
force capabilities of a nanomechanical test system. Single level samples have also been
tested to characterize novel materials for MEMS such as amorphous diamond [9-10].

Test Technique

Typical single layer and multi-layer specimens are shown in Fig. 1. The samples
are 1 to 2.5 um thick (depending on material), 1.8 or 3.8 pm wide, with gage lengths of
15 to 1000 pm. Cross section dimensions were verified in a SEM by comparison against
a 1 pm lithography standard. The indenter was a flat bottomed conical diamond that fits
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into a ring on the free end of a specimen; the tip diameter is 35 um at the bottom with an
included double angle of 59°. During a test, the tip engages the pull ring (free end) of the
specimen and a normal force is applied to keep the tip from slipping out (moving
upward). The samples are designed to load the gage section in uniform tension,
mimicking a standard tension test. There are no out-of-plane displacements of the
sample, and the pivot on the multi layer sample reduces in-plane bending. The stage
(with the die attached) moves at a rate of 40 nm/s. The control software increases the
normal force on the indenter tip as the lateral force increases, thus preventing the tip from
rising up and disengaging the sample (this is necessary since the diamond tip is not
cylindrical). A schematic of the test procedure is shown in Fig. 2. Normal force, lateral
force and lateral displacement are recorded using a user defined algorithm programmed
into the nanomechanical test system.

Pivot Bumpers
/ \\* Free end
Free end Fixed End e N
B < pm 4\4;‘1.—‘;-:, e =Y m
— Fixed End

Gage section

FIG. 1-—a) Single layer amorphous-Diamond sample; b) SUMMIT IV
polysilicon tensile sample.

Step 1. Tip moves down +

in the middle of the ring.

O Diamond tip

Fixed end
Step 2. The sample is moved
to load the specimen.
' Free end e o i

FIG. 2—Schematic of the test procedure.

Data Analysis

Correcting for Tip Angle and Contact on the Substrate.

To determine the tensile load applied to the gage section, 7, the force recorded
during the test is corrected for the reaction caused by the tip angle and the losses caused
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by the tip contacting the substrate (the control software required the substrate contact).
The method for doing this is given in Eqs 14, a diagram is shown in Fig. 3. The
corrected normal force, N, applied to the tip creates a frictional force, Ly that must be
subtracted from the total recorded lateral force, L, to give I. To determine L; the
coefficient of friction, |1, between the tip and the substrate is evaluated for each sample as
the tip is sliding along the surface without lateral load. Eq 3 and 4 show the corrected
normal force, N*, found by subtracting the upward reaction of the tip, Ry, from 7, due to
the tip angle, ©:

L, =uN (hH
T=L-1L, (2)
N =N-R, 3)
Ry =Ttanf “4)

Equations 14 can be reduced to Eq 5, which describes the tensile force in the sample
gage section as a function of the recorded data. The result of the correction is shown in
Fig. 4. The shift of the tensile force to zero during the tip sliding section of the test is a
graphical check of the correction. The difference, before and after the data correction,
between the maximum force and the force recorded just after failure is very little, since
the coefficient of friction, [, between the diamond tip and the die is on the order of 0.05.

o (=N

(1-ptan@) ®)

— _+ |

FIG. 3—Force diagram illustrating how tensile force, T, is calculated.
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FIG. 4—Corrections to the lateral force measurements to account for tip angle
and contact of the tip on the substrate.

Correcting for Machine Compliance in the Calculation of Modulus

If samples with several different gage lengths are tested, the lateral machine
compliance can be determined by fitting a linear least squares line through a plot of the
measured compliance, K., versus the sample gage length, and evaluating the intercept at
length equal to zero, as shown in Fig. 5. After the machine compliance, Kyachine, 1S
determined the measured compliance from each test is corrected by removing the
contribution of machine compliance from the experimentally measured sample stiffness;
providing a stiffness attributable to the sample gage section, Kgupe. It is important to
recognize that Kpacnipe includes all sources of extraneous compliance, such as the
attachment of the sample to the die as well as the die to the stage, which is why this
parameter is evaluated for each group of samples, and is not considered a fixed machine

property:

L: I +L (6)

exp machine guge

Figure 64 is a plot of modulus for polysilicon samples based on uncorrected and corrected
displacements as a function of gage length. The correction for machine compliance
introduces a large scatter into the modulus data. In an effort to reduce the effect of this
correction, the modulus is extracted from a plot of Ky, v 1/gage length, as shown in Fig.
6b. The modulus found in this manner is 170 GPa.

To illustrate the versatility of this test technique, a sample with the hinge
assembly from a pop-up mirror is shown in Fig. 7. The ultimate load the hinge withstood
was 1 mN.
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FIG. 6—a) Modulus with and without the compliance correction; b) alternative
method using a curve fit to evaluate modulus.

FIG 7—A special sample designed to evaluate the maximum loading force for a
pop-up mirror hinge.
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Results and Discussion

Strength

Figure 8 shows a plot of the strength of SUMMIT polysilicon and amorphous
diamond samples in terms of probability of failure as well as the Weibull analysis [11—
12] of this data. The data is summarized in Table 1.

2

10

Strength (GPa)
In{In(1/1-P})

A A

01 1 1 5102030 50 70809095 99 99.9 Tl it g e 4B F G B

a) Probability of Failure (%) b) In (Strength) (GPa)

FIG 8—Strength of MEMS materials a) probability of failure; b) plot to extract
Weibull Modulus and characteristic strength.

TABLE 1—Summary of tensile properties.

Weibull
Material Mean  Std. Dev. Min. Max. Weibull  Characteristic
Strength  (GPa)  Strength Strength Modulus Strength (GPa)
(GPa) (GPa) (GPa)

SUMMIT

polysilicon 427 0.61 2.90 5.54 8.4 45
(n=98)

Amorphous
diamond 8.49 1.38 5.67 10.95 7.4 8.7
(n=28)

Fracture Toughness

The tensile technique describe above was modified to evaluate the notched tensile
fracture toughness of MEMS materials (not standardized Plane Strain Fracture
Toughness). A small corer notch with a width of 30 to 60 nm, and a length of 200 to
600 nm was introduced into samples using a focused ion beam (FIB). A typical notch
viewed in the scanning electron microscope (SEM) is seen in Fig. 9. Fracture surfaces
are shown in Fig. 10, showing classical glassy and hackle regions. This type of notch can
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be approximated several different ways: as an elliptical comer crack, circular comer
crack, or a modified elliptical surface crack. Since, for most of the samples, the length on
the top and side of the sample was unequal, only the values calculated using the elliptical
comer crack and modified elliptical surface crack analysis are reported. The elliptical
corner crack analysis is taken from Anderson [13]. This analysis requires the angle of
maximum stress that is assumed to be 45°:

K= (1.12)%0«/% )

The modified surface crack formulation is from Hertzberg [14]. The elliptical surface
crack analysis assumes a modified surface crack length of b = V(¢® + £) where e = V(a’ +
¢?) and f is csin[tan'(a/c)]:

K =1240,4b (8)

A summary of fracture toughness results is included in Table 2. The mean value is 1.6 or
1.7 MPa Vm, depending on the analysis used. The average is close to the range reported
by Sharpe et. al [15] of 1.4 MPa Ym and Kahn et. al. [16] of 1.2 MPaVm.

FIG 10—Fractured a) 3.8 m and b) 1.8 m wide specimens.
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TABLE 2—Results of Fracture Toughness Calculations (all values are in MPa\/m).

Specimen Number  Corner Elliptical Crack _ Elliptical Surface Crack

DU17015-4 1.80 1.86
DU17030-2 1.36 1.41
DU17030-4 1.48 1.53
DU17060-4 1.61 1.67
DU170150-2 1.30 1.68
DU170150-4 1.55 1.61
DU17815-4 1.61 1.72
DU17830-4 151 1.59
DU17860-4 1.68 1.76
DU178150-4 1.31 1.37
DU178300-4 221 231
Average + S.D. 1.58 £ 0.26 1.68 +0.25

Microstructural and Texture Analysis

It is important to consider possible microstructural influences in microsample
testing, and to understand the relationship between the grain size and minimum sample
features. For the smallest sample tested in this work, the gage section contains
approximately 170 grains, enough to consider even these small samples to behave as
continuum level polycrystals.

[111]

[001]  [011]

FIG. 11—a) Microstructure of SUMMIT polysilicon as determined by EBKP
illustrated using colorized inverse pole figure representation; b) (100) Micropole figure.
of the same data indicating random crystallographic texture of the polysilicon relative to
the deposition direction, indicated as 001 on the pole figure.
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Microstructural morphology and texture were documented using the Electron
Backscatter Kikuchi Pattern (EBKP) technique [17]. This measurement was performed
on SUMMIT polysilicon, fabricated using the same process as that used for the tensile
and fracture samples, in an automated field emission scanning electron microscope (FE-
SEM) with a grid spacing of 50 nm. A microstructure map delineating grain orientations
relative to the deposition direction using a colorized inverse pole figure representation is
illustrated in Fig. 11a and a corresponding (100) micro-pole figure is shown in Fig. 115.
The results show a columnar microstructural morphology with random crystallographic
texture. Most grains bridged from top to bottom surface of the individual polysilicon
layers. The average column diameter is 400 nm.

The amorphous diamond has also been examined with various electron and x-ray
techniques with no crystalline domains found. A description of the synthesis and
characterization of amorphous diamond can be found in Ref 9.

Conclusions

New techniques have been presented to measure the strength, distribution of
strength, fracture toughness and modulus of MEMS materials using the lateral force
capabilities of a nanomechanical test system. Two systematic problems were
encountered; the low stiffness in the lateral direction that lead to erroneous modulus
results for small samples, and the inability to check the lateral force calibration of the
instrument against a standard as is customary for tensile and indentation tests. Both
issues may be resolved with other machines. In the meantime, evaluating large numbers
of samples and correcting for the machine compliance provides a reasonable remedy.
The ability to test large numbers of samples without operator involvement is a very
attractive feature of this technique, as is testing samples with feature sizes on the same
scale as true MEMS devices. Further application of this technique to measure the force-
displacement relationship for MEMS actuators is being undertaken.
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ABSTRACT: Fracture toughness tests have been performed for an electroless deposited Ni-P
amorphous alloy thin film with different crack growth directions, which are perpendicular and
parallel to the deposition growth direction. Cantilever beam type specimens with dimensions of
10 by 10 by 50 um’ were prepared from a Ni-P amorphous thin film, and notches with different
direction were introduced by focused ion beam machining. Fatigue pre-cracks were introduced
ahead of the notches. Both introduction of fatigue pre-cracks and fracture tests were performed
using a newly developed mechanical testing machine for micro-sized specimens. Fracture
behavior is different between the two types of specimens. K- values were not obtained as the
criteria of plane strain requirements were not satisfied for this size of the specimen, so that the
provisional fracture toughness K, values were obtained. The K value of the specimen with crack
propagation direction being parallel to the deposition growth direction was 7.3 MPa m'”?, while
that with crack propagation direction being perpendicular to the deposition growth direction was
4.2 MPa m'”. These results suggest that the electroless deposited amorphous alloy thin film has
anisotropic mechanical properties.

KEYWORDS: fracture toughness, thin film, Ni-P, amorphous alloy, anisotropy
Introduction

Microelectromechanical systems (MEMS) or micro-sized machines are under
intensive development for utilization in many scientific and technological fields such as
information and biomedical technologies. In particular, medical MEMS devices,
including micro-catheters and drug delivery systems, are one of the most important and
urgent applications of MEMS devices. These MEMS devices are usually fabricated from
a thin film deposited on a substrate by a suitable surface machining technique, and the
micro-sized elements prepared from a thin film layer are used as mechanical components.
The fracture of the components used in such medical devices may cause serious medical
accidents, so that the evaluation of fracture toughness of thin films is extremely important
to ensure the reliability of medical MEMS devices.

The thickness of the thin film used in such MEMS devices is considered to be on
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the order of microns. The fracture toughness measurements of such thin films have been
attempted by a nanoindentation technique [1,2] and an on-chip type testing, which
includes a specimen and a comb type electrostatic actuator on one Si chip [3,4]. In the
nanoindentation technique, fracture toughness of a thin film on a substrate can be
measured, but it is rather difficult to apply to measure fracture toughness of freestanding
films. In the on-chip type testing, only fracture toughness for “in-plane” crack
propagation of films can be determined, and it is impossible to measure fracture
toughness for “out-of-plane” crack propagation of films. Therefore, anisotropic fracture
behavior of thin film cannot be evaluated by these techniques. Micro-elements on MEMS
devices are considered to be subjected to load in both the direction of “in-plane” and
“out-of plane” of thin film. The fracture toughness values for both in-plane and out-of-
plane are thus required to be evaluated for actual design of MEMS devices, as the fracture
toughness of thin films prepared by sputtering or deposition has been considered to have
anisotropy [5]. In addition, fracture toughness measurements have been carried out for the
specimens with notch only (i.e., without fatigue precrack), as the introduction of fatigue
precrack has been difficult for micro-sized specimens prepared from thin films.

In our previous investigations [6,7], we have demonstrated that the introduction of
fatigue precrack is required to evaluate the fracture toughness even for micro-sized
specimens. In this investigation, micro-sized cantilever beam type specimens were
prepared from an electroless deposited Ni-P amorphous alloy thin film and fracture tests
for two types of specimens with fatigue pre-cracks, of which directions are “in-plane’” and
“out-of-plane” of the thin film were carried out. Fracture behavior of the specimens is
then discussed.

Experimental Procedure

Material

The material used in this investigation was a Ni-11.5 mass %P amorphous alloy
thin film electroless deposited on an Al-4.5 mass %Mg alloy. The thickness of the
amorphous layer was 12 pm and that of the Al-4.5 mass %Mg alloy substrate was 0.79
mm, respectively. A disk with a diameter of 3 mm was cut from the Ni-P/Al-Mg sheet by
electro discharge machining. The amorphous layer was separated from the Al-Mg alloy
substrate by dissolving the substrate with a NaOH aqueous solution.

Specimen Preparation

Two types of micro-sized cantilever beam specimens with different crack
orientations were prepared to investigate the anisotropic fracture behavior and are
referred to as “out-of-plane type specimen” and “in-plane type specimen” as
schematically shown in Figs. 1a and 15, respectively. The crack will propagate parallel to
the deposition direction in the out-of-plane type specimen, while the crack will propagate
perpendicular to the deposition direction in the out-of-plane type specimen.
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(a) Loading (b) Loading
In-plane type specimen Out-of-plane type specimen

FIG. 1—Two types of specimen orientation. The loading direction is
perpendicular to the deposition growth direction for the in-plane type specimen, while
the loading direction is parallel to the deposition growth direction.

FIG. 2—Scanning electron micrographs of micro-sized specimens by focused iron
beam (FIB) machining: (a) in-plane type specimen and (b) out-of-plane type specimen.
Notches were also introduced by FIB.

Figures 2a and 2b show scanning electron micrographs of the specimens. The
breadth of the out-of-plane type specimen, B, was 12 pm, the distance from the loading
point to the notch position, L, was 30 pm, and the width of the specimen, W, was 10 pm.
The size of the in-plane type specimen is approximately the same size; B was 10 pm, L
was 30 pm, and W was 10 um. All specimens were prepared by focused ion beam
machining. Notches with depth equivalent to a/W = 0.25 (@ = notch length) were
introduced into the specimens as shown in Fig. 2. The width of the notch was 0.5 ym, and
the notch radius is thus deduced to be 0.25 um. The notch position was 10 pm from the
fixed end of the specimen. The notches were introduced from the top surface side (the
side at the end of deposition growth) for out-of-plane type specimens. A specimen with
notch only (the total notch length was adjusted to be a/W = 0.5) was also prepared for in-
plane type specimen to investigate the effect of introducing a fatigue pre-crack on fracture
behavior for this type of specimen.

Fracture Toughness Test

A fatigue precrack was introduced ahead of the notch in air at room temperature
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under constant load amplitude using the mechanical testing machine for micro-sized
specimens, which was developed in our previous investigation [8,9]. This testing machine
can apply both static and cyclic loading to micro-sized specimens with a load resolution
of 10 uN and a displacement resolution of 5 nm. The specimen can be positioned with an
accuracy of 0.1 um using a precise X-Y stage. The details of the testing machine are
described elsewhere [9]. The total crack length over specimen width (a/W) was adjusted
to be approximately 0.5 for all specimens.

Fracture toughness tests were also carried out in air at room temperature using the
same mechanical testing machine that was used for introducing fatigue pre-cracks.
Fracture surfaces after the tests were observed using a HITACHI S-4000 field emission-
gun type scanning electron microscope.

Results and Discussion

Fracture Behavior

Figure 3 shows typical load-displacement curves for in-plane type specimens with
a notch only and with a fatigue precrack. The fracture behavior is different between these
two specimens. The specimen with a notch only fractured in a brittle manner, while the
specimen with a fatigue pre-crack fractured in a ductile manner. The maximum load of
the specimen with a notch only is approximately twice that of the specimen with a fatigue
precrack. This may be due to the difference in stress concentration at the crack tip. The
stress concentration arising at a fatigue crack tip is larger than that of the notch tip. This
indicates that even the notch with a root radius of 0.25 um cannot be regarded as a crack
for micro-sized specimens. In addition, the ion implantation caused by focused ion beam
machining may change the mechanical properties around the notch tip. As the depth of
ion implantation area is estimated to be less than 1 m, the influence of ion implantation
can be ignored by introducing a fatigue precrack of more than 1 um in length. Therefore,
it is essential for evaluating fracture toughness to introduce a fatigue pre-crack for the
material used in this investigation.

8
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FIG. 3—Load-displacement curves for micro-sized specimens with notch only and
with fatigue pre-crack.

Figure 4 shows typical load-displacement curves during fracture tests for the in-
plane and the out-of-plane type specimens with fatigue precrack. The maximum load of
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the out-of-plane type specimen is higher than that of the in-plane type specimen in spite
of the size of specimen and the length of fatigue precrack being approximately the same.
Fracture tests were carried out for five specimens to each type of specimen, and almost
similar results were obtained. This suggests that the elecroless deposited Ni-P amorphous
thin film exhibits anisotrpic fracture behavior.

Fracture Toughness Measurement

As crack opening displacement could not be measured for this specimen, the crack
initiation load was not able to be determined. The maximum load was then assumed to be
the crack initiation load, and this load was used to calculate fracture toughness value.
Stress intensity factor, K, is calculated from the equation for a single edge notched
cantilever beam specimen [10].

10.,,.,..ﬁ.—rw—.ﬁ..!....!..,.—
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Displacement/ptm

FIG. 4—Load-displacement curves for micro-sized specimens with
different fatigue pre-crack orientations.

Figure 5 shows a scanning electron micrograph of a fracture surface for an out-of-
plane type specimen. Fine equi-spaced markings aligned perpendicular to the crack
propagation direction are observed ahead of the notch. These kinds of markings were also
observed on the fatigue fracture surface of micro-sized Ni-P amorphous alloy specimens
in our previous investigation [8] and are considered to be striations. This indicates that a
fatigue pre-crack was introduced by cyclic loading successfully for micro-sized
specimens. Vein patterns that have been observed on static fractured surface on Ni-P
amorphous alloy are visible ahead of the fatigue precracked region. The total precrack
length was then measured from scanning electron micrographs of the fracture surfaces for
the calculation of the K value as shown in Fig. 5. The calculated provisional fracture
toughness values (Ky) for the out-of-plane and in-plane specimens are 7.3 and 4.2 MPa
m'”?, respectively.
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FIG. 5—Scanning electron micrograph of fracture surface of out-of-plane type
specimen.

FIG. 6—Scanning electron micrograph of specimen side surface of in-plane type
Specimen.

However, these values are not valid plane strain fracture toughness values (Kc),
as the criteria of plane strain requirements (a, W —a, B> 2.5 (KQ/Gy)z) were not satisfied
for this specimen size. Actually, a plastic zone was observed clearly at the crack tip as
shown in Fig. 6. As the plane strain requirements are determined by K and o,, it is
difficult for micro-sized specimens to satisfy these requirements. Consequently, other

criterion such as J integral might be required to evaluate fracture toughness of such
micro-sized specimens.
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Fracture Surface Observation

Figures 7a and 75 show scanning electron micrographs of fracture surfaces of the
specimens with different crack orientation. The fracture surface of an in-plane type
specimen is relatively flat. In contrast, the fracture surface of an out-of-plane type
specimen is rough, and the crack seems to propagate tortuously. The difference in Ky
values is considered to result from the difference in fracture surface morphologies.

Another feature of the fracture surface is the slant fractured regions observed near
the side surfaces of cracks. The width of the region is approximately 1 um for the in-
plane type specimen and 3 pm for the out-of-plane type specimen. If these are shear lips,
these areas should be plane stress dominated regions. The width of shear lip is expressed
approximately as 27,/3, where 7, is the size of the plane stress plastic zone (r, = (K/o,)/,
where K is the stress intensity factor and o, is the yield stress of the specimen) [12]. The
calculated value of shear lip width at K is 1.2 pm for the in-plane type specimen and is
3.4 pm for the out-of-plane type specimen (the value of o, = 1.8 GPa in Ni-24 at %P
amorphous alloy thin film was quoted [13] in this calculation). These sizes are very close
to those of slant fractured regions in Figs. 7a and 7b. Therefore, these slant fractured
zones are plane stress dominated regions and the flat region corresponds to a plane strain
dominated one. It is very interesting that there exists a plane strain region even in such
micro-sized specimens.

FIG. 7—Scanning electron micrographs of fracture surfaces of (a) in-plane type
specimen and (b) out-of-plane type specimen.

Origin of Anisotropy in Fracture Behavior

The provisional fracture toughness, Kp, of the out-of-phase specimen was much
higher than that of the in-plane specimen. Figure 8 shows a transmission electron
micrograph and its diffraction pattern of the Ni-P amorphous alloy thin film (the beam
direction is parallel to the deposition growth direction), and a halo pattern that is
characteristic of amorphous phase is observed. Therefore, there is no medium or long
range ordering in the direction perpendicular to the deposition growth direction in this
amorphous thin film. However, it has not been confirmed whether there is medium or
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long range ordering in the direction parallel to the deposition growth direction. The
difference in Ky values and fracture surfaces between these two specimens suggests that
there is some ordering towards the growth direction. Actually, anisotropical magnetic
properties have been often observed for sputtered and deposited amorphous thin films
[14]. Consequently, there may be some columnar type domain structures oriented towards
the deposition growth direction as schematically shown in Fig. 9. Actually, such a
columnar structure was observed for electrodeposited amorphous Fe-P alloys [15]. If
there is such a columnar structure aligned towards the growth direction, the cantilever
specimens have an anisotropy. This may be one reason that the Ky of out-of-plane
specimen is higher compared to that of the in-plane specimen.

FIG. 8—Transmission electron micrograph and diffraction pattern of the Ni-P
amorphous thin film.

Amorphous Film

Al-Mg Substrate

Deposition Growth Direction

FIG. 9—Schematic image of columnar structure in electroless deposited
amorphous thin film on substrate.

Conclusions

Fracture toughness tests have been performed for micro-sized cantilever beam
specimens prepared from an electroless deposited Ni-P amorphous alloy thin film. Two
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types of specimens with different crack propagation directions (in-plane type and out-of-
plane type specimens) were prepared to investigate anisotropic fracture behavior of the
thin film.

Fracture behavior is different between the two types of specimens. Kjc values
were not obtained as the criteria of plane strain requirements were not satisfied for this
size of the specimen, so that the provisional fracture toughness Ky values were obtained.
K value of the specimen with crack propagation direction being parallel to the deposition
growth direction was 7.3 MPa m"?, while that with crack propagation direction being
perpendicular to the deposition growth direction was 4.2 MPa m"% These results suggest
the electroless deposited amorphous alloy thin film has anisotropic mechanical properties.
It is required to consider the anisotropic fracture behavior when designing actual MEMS
devices using electro deposited amorphous thin films.
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ABSTRACT: A new instrument to accurately and verifiably measure mechanical properties
across an entire MEMS wafer is under development. We have modified the optics on a
conventional microelectronics probe station to enable three-dimensional imaging while
maintaining the full working distance of a long working distance objective. This allows standard
probes or probe cards to be used. We have proceeded to map out mechanical properties of
polycrystalline silicon along a wafer column by the Interferometry for Material Property
Measurement (IMaP) methodology. From interferograms of simple actuated cantilevers, out-of-
plane deflection profiles at the nanometer scale are obtained. These are analyzed by integrated
software routines that extract basic mechanical properties such as cantilever curvature and
Young’s modulus. Non-idealities such as support post compliance and beam take off angle are
simultaneously quantified. Curvature and residual stress are found to depend on wafer position.
Although deflections of cantilevers varied across the wafer, Young’s modulus £ ~ 161 GPa is
independent of wafer position as expected. This result is achieved because the non-idealities
have been taken into account.

KEYWORDS: MEMS metrology, long working distance interferometry, software integration,
wafer scale, mechanical property characterization

Introduction

Fabrication of microelectromechanical systems (MEMS) devices for a variety of
applications including optical switches and displays, microrelays and rf-switches,
accelerometers, gyroscopes, image correctors, printheads, flow sensors, and medical
devices is currently of great interest. MEMS are fabricated in a fashion similar to
microelectronics in the integrated circuit (IC) industry. Free-standing structures are
created at the end of the process flow by removing an oxide matrix that surrounds thin
film structural members. Polycrystalline silicon (polysilicon) is to date perhaps the most
successful MEMS material because many requirements can be satisfied simultaneously

! Sandia National Laboratories, PO Box 5800, Albuquerque, NM, 87185.
2 Worcestor Polytechnic Institute, Worcester, MA, 01609.
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[1]. Other structural materials such as aluminum [2], silicon carbide [3], and “amorphous
diamond” [1] are in use or bging explored.

Thin film techniques such as chemical vapor deposition, sputtering, or pulsed
laser ablation are used to form such structural materials. For volume production, the
same MEMS device will be fabricated repeatedly over the surface of a wafer, usually 15
cm or more in diameter. Typically there are 50 or more identical die sites. The
microstructure of the resulting films from any of these deposition methods can exhibit
cross-wafer non-uniformities resulting in variations of thickness, height, residual stress,
stress gradient, and even modulus across the wafer. Mechanical properties must be
sufficiently well controlled to guarantee that the intended design function of the MEMS
device is met. For example, the resonant frequency of an accelerometer can be sensitive
to small variations in residual stress. Also, highly curved comb drive fingers or
suspensions (caused by stress gradient) will result in device malfunction. Furthermore,
surface properties such as adhesion and friction are very sensitive to processing and may
exhibit cross-wafer non-uniformity as well. Poor control of surface properties can result
in failure of devices that allow contact or sliding. Multiple levels of structural material
are now being fabricated. It is important to determine mechanical and surface properties
at each of these levels. No MEMS metrology instrument exists today that (1) is highly
sensitive to both mechanical and surface properties and (2) allows rapid property
extraction across an entire wafer.

We have been investigating interferometry of simple electrostatically actuated
beam test structures to accurately measure both mechanical and surface properties in
MEMS [4-11]. We call this set of test structures, metrology, and analysis tools
“Interferometry for Materials Property Measurement” (IMaP) [12]. Our experience is that
mechanical properties in MEMS are best determined by integrating optically measured
deflection data with materials property models that include the effects of non-idealities.
We believe this is a necessary enhancement over the purely electrical methods [13]
because given all the possible non-idealities of test structures, it is difficult to validate
assumed models. With interferometry of actuated test structures as in IMaP, out-of-plane
flexures can be measured to high resolution, and properties can be validated via
independent measurements on the same test structure. In most cases, test structures are
reusable. This is important for monitoring the effect of packaging on properties such as
residual stress. The test structures occupy only a small area on a MEMS die site,
important because more area is then available to build the intended devices. Electrostatic
loading is used in IMaP because this is the primary actuation means in MEMS. Leakage
currents that adversely affect test structures can then also serve as early diagnosis for
failure of real MEMS devices.

The test structures we have been investigating are schematically represented in
Fig. 1. Properties including thickness ¢, gap g, takeoff angle 6,, curvature x, support
post compliance B, and Young’s modulus E can be obtained from cantilevers [4-6], as
seen in Figs. 1(a) and 4. Deflections of actuated fixed-fixed beams provide a sensitive
measure of residual stress o, [4,5] (Fig. 1(b)). Cantilevers are also very sensitive to
adhesion to the substrate due to capillary or van der Waals forces (Fig. 1(c)), and can be
used to accurately measure adhesion I' [7,8] as well as adhesion hysteresis AI' [9].
Also, small area devices to monitor the coefficient of friction u [10,14] (Fig. 1(d)) and
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fracture strength o, [11] (Fig. 1(e) — top view) have been designed, measured by
interferometry, and analyzed.
Although we have shown that

Test Structure Properties all these properties can be well
monitored by integrating nm-scale

: — L& 0, K deflection data with computer-based

(a) E p finite difference models, two factors

limit the ability to apply these
techniques at the wafer scale. First,

'—\_//__‘ it is expedient to use conventional
(b)

microelectronics probe stations that
are manufactured to align wafers and

(©) move from one die site to the next.
x I, A" The electrical probes or probe cards
for such systems usually require | to

2 cm of free space between the wafer

(d) W Yy surfaice and the  microscope
T F,ﬂyj H objective. However, the free

T - — working distance of commercially

available interferometers is generally

1 p B . small (less than 1 cm) because an
\ / f attachment enabling the

/F\ interferometry is placed between the

o T objective and the sample surface.

The lack of free working distance

Fig. 1 Suite of test devices to measure requires that non-standard probes be
mechanical and surface properties built to fit under the interferometric

in MEMS. See text for discussion. attachment. That approach 1s

awkward at best. Second, analysis procedures to rapidly extract material properties from
deflection data of actuated beams do not exist.

We demonstrate in this paper that both of these problems can be surmounted. We
have adapted the optics on a conventional microelectronics probe station microscope to
allow interferometry with no loss of free working distance. This microscope has been
mounted on the probe station manufactured to align wafers and move from one die site to
the next, allowing wafer scale testing. Also, we have significantly enhanced the speed of
material property determination code by writing three computer programs that are
optimized for the task of acquiring and analyzing the data. These include an image
analyzer program, a deflection calculator, and a materials property extraction program.
We show testing results of actuated cantilevers and fixed-fixed beams from different die
sites on a column of a wafer. While the results here are for polysilicon, the technique is
also applicable to other MEMS materials. This work demonstrates a viable path towards
full automation of accurate mechanical property testing in MEMS at the wafer scale.



88 MECHANICAL PROPERTIES OF STRUCTURAL FILMS

Long Free Working Distance Interferometry

In most interferometric microscopes, an

incoherent source with a coherence length of ~10 um
1s used for illumination. The key requirement for
incoherent source interferometry is that the optical
path lengths from the beam splitter to the reference
surface and to the sample must be the same to within
a few microns. This is usually achieved by placing
the beam splitter and reference surface under the
microscope objective in either a Michelson or Mirau
realization, and comes at the expense of free working
distance. In work to show the feasibility of the IMaP
approach [4-11], we used a Michelson attachment
that had a 5 mm free working distance. Test
structures were actuated on individual chips with 3
mm high electrical probes. As explained above, it is
preferable to use commercially available electrical
probes at the wafer scale. One method to gain the
full free working distance of an objective is to use a
second objective matched to the first, i.e., the Linnik
interferometer. However, long working distance
objectives required for wafer scale probing were not
suitably matched for this approach to be effective.

If the illumination is replaced by a coherent
source, the path length requirement is alleviated. In
Fig. 2(a), a beam splitter behind the objective is used
for the reference wave, and the optical path lengths to
the sample and to the reference surface are quite
different. The illumination source is a 532 nm (green
light) diode pumped, frequency-doubled Nd:YAG
laser, with a coherence length of greater than 100 m.
Green light is chosen because polysilicon has low
transmission at this wavelength, and because
objective aberrations are minimized at the center of
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FIG. 2(a)—Modified
microscope on probe station,
(b) closeup of objective with
2.5 cm free working distance,

(c) interferogram of

cantilever beam array.

the visible spectrum. As seen in Fig. 2(b), the full free working distance of the original
microscope objective (~2.5 cm) is maintained, and off-the-shelf probes fit undereath
easily. A good quality inteferometric image of cantilever beam test structures as captured
by a CCD camera is shown in Fig. 2(c). Vibration has been reduced by placing the unit
on an isolation table. Because the reference surface is mounted on a voltage-controlled
piezoelectric crystal, its z-height is finely controlled. Details of the implementation will

be published elsewhere.

This design realization has numerous advantages over incoherent light
interferometry. First, it is possible to obtain interferometry using different microscope
objectives with only minor adjustment of the reference surface. Although 5X and 10X
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objectives were used in this work, good quality images of small structures have been
obtained with a 50X objective at 1.3 cm free working distance. Also, the microscope has
an internal zoom, producing a continuously adjustable magnification range of greater than
20 without changing objectives. Second, it is possible to image through a glass window
in this implementation, important for applications where the device is in vacuum or in a
sealed package. Third, besides monitoring simple test structures as in this work, this
capability will also be very useful for three-dimensional imaging of full-scale
micromachined devices at the wafer level. Fourth, the illumination is very bright, which
is advantageous in high frame rate or stroboscopic applications.

Algorithm and Software to Determine Cantilever Properties

To test the effectiveness of the new system, we measured cantilever and fixed-
fixed beam properties along a column of a wafer. In Fig. 3, a step-by-step procedure to
determine properties is shown, and in Fig. 4 the cantilever and its non-idealities are
schematically represented. According to Step | of Fig. 3, thickness of the polysilicon
layers was measured using a mechanical profilometer, and gap height ¢ was measured by
interferometry on cantilevers actuated into contact with the substrate (both to ~20 nm
accuracy). The algorithm in Fig. 3 to determine cantilever properties has been detailed
[6] and along with software enhancements is briefly described next.

| R=1/x
Step 1 -Measure t, g \

Step 2 - Interfe Measurement 8 \ 'F

Step 5 - Initial analysis L i TERIER AUTREE ey -

Determine 6. /

v TTITTTTT T

Step 6 - Refined analysis

FIG. 3—Step-by-step procedure FIG. 4(a)—Cantilever parameters t, g,
to determine cantilever 9[) and R:I/K, (b) support post model.
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Three programs as portrayed in Fig. 5 were written to extract mechanical
properties from deflection data (Steps 2-6 of Fig. 3). Interferograms of unloaded beams
are recorded using an image analyzer program called “LineProfile Tool” per Steps 2 and 4
of Fig. 3. Within this program, reference points that indicate the beginning and end of the
beam and where the linescan begins and ends are superposed on the image. The linescan
(right side of Fig. 5), which contains fringe information as a function of pixel position, is
stored in a file for further processing by a program called “Deflection Calculator.” This
program converts the linescan information into pixel by pixel z-deflection data with near
nm resolution, and also converts pixel data into x-position data.

Software Operation Computer Qutput
Program Performed

LineProfile -
Tool Select Beam,
Q0 - y
<+ Apply Voltages,
Y Output Linescan
7 ! ;
Deflection o e U < 1la
: : Calculate 3 1 f 1T LAl s
Calculator 4+— . —> G ; vl NI
Deflections K] S R N
it S 200 ] SR o
Sresst] - Y T S N
pix'el number

- -‘.w“-'f{n‘{., smuw data i

Determine Property g b |

BeamPROPS ) o 7 !

- Unloaded Cant. : 6,. K |a -2 1

| o= < >3 1

— Loaded Cant. : 5, £ 3 20w !

. - 1 @ . 1

Fixed-fixed beam : oy © e

e e N increasing V i

X posi-ti.on {u|.n]

FIG. 5—Overview of algorithms to determine properties of beams. See text for discussion.

A program called “BeamPROPS” operates on the deflection data to extract
properties in Steps 3, 5, and 6 of Fig. 3. BeamPROPS calculates model deflections by the
finite difference method. For unloaded beams, it accounts for the non-idealities §, and
i, and for the small effect of gravity. It determines the properties using a quasi-Newton
search algorithm by adjusting the model until the error between the data and the model
deflections are minimized. Model fits to deflections of unloaded cantilevers along a
wafer column are shown in Fig. 6. These deflections are well described by the equation
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FIG. 6—Deflection profiles of unloaded cantilevers along a wafer column.

2
z(x)=90x+1cx7, (1

where z(x) is positive for deflections away from the substrate. Typical root mean square
(rms) errors between the data and the model are ~2 nm/pixel. The resolution for 6, is
approximately 50 prad, while for & it is approximately 1 m™, corresponding to ~0.15
MPa/um stress gradient resolution (note that stress gradient = Ex).

Once 6,and x are known for a given cantilever, a similar analysis procedure is

performed by BeamPROPS on electrostatically loaded beams (Fig. 4(a)) to find loaded beam
takeoff angle 6 and E per step 5 of Fig. 3. Electrostatic loading with a fringing field
correction is incorporated in the finite difference model calculations. The quasi-Newton
search algorithm travels through (6, E) space to rapidly find an optimum fit to the measured
data, typically within five seconds. For a given cantilever, values of 6 and E are found at
each voltage loading. Non-systematic errors affect these values. Therefore, the slope in a
regression model in which @ is plotted against the best fit calculated moment M is used to
determine a value for support post compliance f , according to the equation

0=0,+B M, 2)
as shown in Fig 4(b). Using the value for B, the deflection data is re-analyzed by
BeamPROPS to determine the best values for E per step 6 of Fig. 3. An example of the
optimum fit to the measured data and the associated values for £ are shown in the bottom
right hand corner of Fig. 5. Note that at larger voltages, where E exerts its maximum effect
on flexures, the values of E are repeatable. An actuation pad of 180 pum length near the
support post was used to apply the voltages according to the principle of leveraged bending
[15], and cantilevers analyzed were 300 to 700 um in length. In the wafer column data
below, values of E at each die site are averaged for several voltage loadings and several
beams.

To determine residual stress (due to average residual stress through the thickness of
the film), the deflection profiles of unloaded fixed-fixed beams of 1000 pm length were
measured and found to be well represented by a sinusoidal shape, indicating that the beams
were buckled in compression. Residual stress 6 was calculated from the Euler buckling

result
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where L is the length of the fixed-fixed beam and 4 is
the buckled beam amplitude, and the minus sign is for
compression. Equation 3 assumes that the beam is well
into the post-buckling regime, which is very reasonable
for these long beams. The effect of stress gradient on
the calculated result is small, and the resolution of the

measurement with respect to O is approximately 1

MPa. A value of £ = 161 GPa was assumed in the
calculations. Here, only unloaded beams were
analyzed. However, we have demonstrated that by

applying voltages to fixed-fixed beams, independent
confirmation of 0 p can be obtained [16].

Results and Discussion

Diagnostic test structures were laid out and
included on each die site along with MEMS devices. A
lot was fabricated according to our standard MEMS
process flow [1], in which four independent structural
layers of polysilicon are produced. After processing,
structures were freed by a standard “release” process.
The wafer was then loaded onto the testbed described
above. Wafer alignment was accomplished by manual
operation of the chuck motor, voltages were manually
programmed, and the three software tools listed above
were run sequentially.  Work is in progress to
seamlessly integrate the three programs with automatic
operation of the chuck.

Figure 7 shows testing results of mechanical
properties along a column of die sites as represented in
Fig. 7(a) for the third level of polysilicon, “Poly 3”.
Figure 7(b) shows tight control of thickness, with ¢ =
234 +/- 0.02 um. Poly 3 gap height g is not as well
controlled as thickness, with values from 5.53 to 6.03
pm. This variation across the wafer is reasonable given
the chemical mechanical polishing (CMP) process of the
oxide layer underlying Poly 3. It is important to
measure the geometrical properties ¢ and g accurately (to
~20 nm) on each individual device, because the
subsequent analysis to determine £ depends strongly on
these values.

FIG. 7—Column map for materials
properties (a) wafer, (b) 1, g, (c) 6, kK (d) E,
B. (e) on.
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The values of unloaded cantilever takeoff angle 8, and curvature x , reflecting
the data of Fig. 6, are shown in Fig. 7(c). It is seen that 8, is negative but relatively

constant across the wafer, with values of —750 to —1000 pradians. We attribute the
negative values of 8, to oxide incorporation within the support post structure [6]. After
release, the highly compressive deposited oxide is no longer constrained, and we believe
this induces the support to pivot (we have subsequently reduced 8, by an improved

support post design). Typical values in Fig. 7(c) of k¥ from -1 to -2.5 m™ (corresponding
to stress gradient values of —0.16 to -0.4 MPa/um) are quite low for MEMS devices.
Note in Row 1 that 8, drops sharply to —1500 prad and also that k decreases significantly

to —10 m". The change in K may be due to a subtle microstructural feature [17] or trace
contaminant such as the oxygen level [18] being different in the Poly 3 layer at this die
location relative to the rest of the wafer (other sources are also possible, and this is a
subject for future research). This in turn may be responsible for the sharp drop in 8, .
Clearly, both negative 8, and negative x are undesirable for MEMS devices, which often
contain long structural elements assumed to be flat over the substrate.

In Fig. 7(d), the values of E are seen to be relatively constant across the substrate.
This is expected because it is unlikely that the subtle changes in stress gradient at the sub
MPa/um level (or the changes in 6, at <10 MPa, see below) will affect the bulk
modulus of ~163 GPa expected for our isotropically textured films. However, it is
important to note that given the highly non-linear mechanics of the electrostatically
actuated beam, this result can only be achieved because ¢, g, 8,, and k¥ were measured

and modeled on the same individual cantilevers. The average value of S~
2.5 prad/(uN*um) compares well with finite element modeling of similar geometries,
where 3 values of 2.47 to 2.73 urad/(uUN*um) were determined [6]. However, it is seen
in Fig. 7(d) that j varies significantly across the wafer without a trend. Because its value
is dominated by the polysilicon thickness which was well controlled, we would not
expect that 8 would vary to this degree. We investigated this issue and found that errors
of 100% in f3 result if there is a 2 pixel error (~ 5 um) in the starting location of the beam
(“x-offset error”). This is a bookkeeping issue in that the location of the beginning of the
beam is effectively being reassigned [6]. Fortunately, a 2 pixel x-offset error induces a
change in E of less than 4%.

The values of residual stress o , while typically low in magnitude at ~ -5 MPa,
correlate well with curvature x; as seen in Fig. 7(e). This has been observed previously
[18] and is not necessary but perhaps not surprising because k is caused by the gradient
in 0y through the thickness of the film. The high stress resolution inherently available
from the interferometry enables correlation at the subtle levels of change in stress
observed here (compare Fig. 7(c) to 7(¢)). The correlation between k' and & r along the

wafer column suggests that control of stress gradient and residual stress may be affected
by the same processing non-uniformities.
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Concluding Remarks

We have constructed a long working distance interferometer to enable three-
dimensional visualization of MEMS devices and test structures on a standard
microelectronics probing station. This innovation permits nm-scale deflection profiles of
electrostatically actuated test structures to be conveniently acquired across a wafer. We
have also written software routines that facilitate rapid comparison of deflection data with
test structure models, allowing fundamental property extraction. In the course of
obtaining test structure properties along a wafer column, the new instrument has been
validated to work well. Young’s modulus did not depend on wafer position, as expected,
while curvature and residual stress did depend on wafer position. Although low in
magnitude, these latter parameters correlated well with each other, suggesting that control
of stress gradient and residual stress may be affected by the same processing non-
uniformities. This property measurement capability will prove invaluable for process
control and yield enhancement in MEMS and for understanding limitations of MEMS
device design. Future work will include further integration of the software, extending this
technique to measurement of other polysilicon layers in our MEMS process, and to
surface properties such as adhesion and friction.

Acknowledgments

We would like to acknowledge the staff in the microelectronics development lab
at Sandia National Laboratories for fabrication of the test structures. Sandia is a
multiprogram laboratory operated by Sandia Corporation, a Lockheed Martin Company,
for the United States Department of Energy under Contract DE-AC04-94AL85000.

References

[1] Sniegowski, J. J. and de Boer, M. P., "IC-Compatible Polysilicon Surface
Micromachining," Annual Review of Material Science, Vol. 30, No. 297, 2000.

[2] Vankessel, P. F., Hornbeck, L. J., Meier, R. E., and Douglass, M. R., "MEMS Based
Projection Display," Proceedings of IEEE, Vol. 86, No. 8, 1998, p.1687.

[3] Mehregany, M. and Zorman, C. A., "SiC MEMS: Opportunities and Challenges for
Applications in Harsh Environments," Thin Solid Films, Vol. 356, 1999, p. 518.

[4] Jensen, B. D., de Boer, M. P., and Miller, S. L., IMaP: Interferometry for Materials
Property Evaluation in MEMS, MSM '99, vol., San Juan, Puerto Rico, 1999, pp.
206-209.

[5] Jensen, B. D., de Boer, M. P., and Bitsie, F., Interferometric Measurement for
Improved Understanding of Boundary Effects in Micromachined Beams,
Proceedings of the SPIE, Vol. 3875, Santa Clara, CA, 1999, pp. 61-72.

[6] Jensen, B. D., de Boer, M. P., Masters, N. D., Bitsie, F., and LaVan, D. A.,
"Interferometry of Actuated Cantilevers to Determine Material Properties and Test
Structure Non-Idealities in MEMS," J. MEMS, Vol. 10, No. 3, in press.

{71 de Boer, M. P. and Michalske, T. A., "Accurate Method for Determining Adhesion
of Cantilever Beams," Journal of Applied Physics, Vol. 86, No. 2, 1999, p. 817.

[8] de Boer, M. P., Clews, P. J., Smith, B. K., and Michalske, T. A., "Adhesion of



(12]

(13]

DE BOER ET AL. ON TESTING MEMS MECHANICAL PROPERTIES 95

Polysilicon Microbeams in Controlled Humidity Ambients," Mater. Res. Soc. Proc.,
Vol. 518, San Francisco, CA, 1998, pp. 131-136.

de Boer, M. P, Knapp, J. A., Michalske, T. A., Srinivasan, U., and Maboudian, R.,
"Adhesion Hysteresis of Silane Coated Microcantilevers,” Acta Mater., Vol. 48,
Vol. 18-19, 2000, p. 4531.

de Boer, M. P, Redmond, J. M., and Michalske, T. A., "A Hinged-Pad Test
Structure for Sliding Friction Measurement in Micromachining," Proceedings of the
SPIE, Vol. 3512, Santa Clara, CA, 1998, pp. 241-250.

de Boer, M. P, Jensen, B. D., and Bitsie, F., "A Small Area In-Situ MEMS Test
Structure to Measure Fracture Strength by Electrostatic Probing," Proceedings of
the SPIE, vol. 3875, Santa Clara, CA, 1999, pp. 97-103.

de Boer, M. P., Jensen, B. D., Miller, S. L., Smith, N. F., and Miller, S. L.,
"Automated Test System to Accurately Measure and Verify Mechanical and Surface
Properties in MEMS," patent pending, 2000.

Osterberg, P. M. and Senturia, S. D., "M-TEST: A Test Chip for MEMS Material
Property Measurement Using Electrostatically Actuated Test Structures,” J. MEMS,
Vol. 6, No. 2, 1997, p. 107.

Crozier, B. T., de Boer, M. P., Redmond, J. M., Bahr, D. F., and Michalske, T. A,
Friction Measurement in MEMS Using a New Test Structure, Mater. Res. Soc.
Proc., vol. 605, Boston, MA, (2000), pp. 129-134.

Hung, E. S. and Senturia, S. D., "Leveraged Bending for Full-Gap Positioning with
Electrostatic Actuation,” Hilton Head '98, Hilton Head Island, SC, 1998, pp. 83-86.
Baker, M. S., de Boer, M. P_, Smith, N. F., and Sinclair, M. B., "Measurement of
Residual Stress in MEMS to Sub Megapascal Accuracy," Society for Experimental
Mechanics Annual Conference and Exposition, Portland, OR, submitted.
Krulevitch, P., Johnson, G. C., and Howe, R. T., "Stress and Microstructure in
Phosphorus Doped Polycrystalline Silicon," Mater. Res. Soc. Proc., Vol. 202,
1992, pp. 79-84.

Fuertsch, M., Offenberg, M., Muenzel, H., and Morante, J. R., "Influence of
Anneals in Oxygen Ambient on Stress of Thick Polysilicon Layers," Sensors and
Actuators, Vol. A 76, 1999, p. 335.



Thomas Ganne,”” Guy Farges,' Jéréme Crépin,* Rachel-Marie Pradeilles-Duval,* André
Zaoui®

Influence of the Film Thickness on Texture, Residual Stresses
and Cracking Behavior of PVD Tungsten Coatings Deposited
on a Ductile Substrate

REFERENCE: Ganne, T., Farges, G., Crépin, J., Pradeilles Duval, R. M., and Zaoui, A.,
“Influence of the Film Thickness on Texture, Residual Stresses and Cracking Behavior of
PVD Tungsten Coatings Deposited on a Ductile Substrate,” Mechanical Properties of
Structural Films, ASTM STP 1413, C. Muhlstein and S. B. Brown, Eds., American Society of
Testing and  Materials, West  Conshohocken, PA, Online,  Available:
www.astm.org/STP/1413/1413 14, 1 July 2001.

ABSTRACT: Tungsten coatings are deposited on a steel substrate by magnetron sputtering. For
coatings deposited under identical processing conditions, a (111) texture develops with the
increase of the coating thickness and the decrease of the residual stress. No gradient stress has
been observed in the diffracted volume and the residual stress state is isotropic and plane.
Tensile and four-point bending tests are performed in a SEM chamber in order to study the
cracking kinetics. Taking account of the residual stresses, an intrinsic cracking stress can be
determined. Cracking kinetics are found to depend on the coating thickness and the substrate
yield stress. No debonding was observed at the interface despite the large plastic deformation of
the substrate at the crack tips. This corresponding strain localization has a strong influence on
the crack density and the cracking kinetics.

KEYWORDS: magnetron sputtering, residual stresses, crystallographic texture, cracking
behavior, tungsten coating

Introduction

Coatings are used to improve the mechanical, thermal, and chemical properties of
a substrate. The optimization of the coating-substrate system needs an identification of
the damage mechanisms, the analysis of the damage kinetics and a good understanding of
the correlation between microstructure and macroscopic behavior. Usually, the weak part
in such systems is the coating cracking and the interface debonding. These damage
mechanisms appear when the overall stress reaches a critical value. For physical vapor
deposited (PVD) coatings, the residual stresses are generated during the deposition stage.
They are generally composed by a thermal stress and an “intrinsic stress.” The thermal
stress i1s due to the temperature variation after deposition and to the difference between
the thermal expansion coefficients of the coating and substrate materials. The “intrinsic
stress” is due to the cumulative effect of crystallographic flaws developing in the coating
during deposition [1].

In the present work, we first studied the dependence of the residual stress level
and the crystallographic texture on the coating thickness. The mechanical behavior was
then investigated using tensile and four-point bending tests. The cracking mechanisms
and kinetics as well as a critical cracking stress were determined as a function of the
coating thickness. Finally, a local study of the heterogeneity of the strain field and of the
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displacement field in the substrate near the interface was performed, giving access to a
better understanding of the cracking kinetics.

Materials

Tungsten coatings were deposited on steel substrates by magnetron sputtering.
The practical details of the used sputtering device are reported in a previous paper [2].
The processing conditions are the following: 3 kW target power, -25 V substrate bias,
3.5 Pa Ar pressure; the corresponding samples are labelled from A to 1 with a coating
thickness ranging from 0.6 to 30 um.

The experimental analysis of the mechanical characteristics of these coatings,
such as the residual stresses or the critical cracking stress, requires knowledge of their
elastic properties. We assumed that Young’s modulus, Poisson’s ratio and the coefficient
of thermal expansion of the studied coatings, which are submitted to compressive
residual stresses, are given by the bulk tungsten values (see Table 1).

TABLE 1| — Mechanical properties and thermal expansion coefficients of PVD
tungsten coatings and 3ISNCDV |2 steel substrates.

Young’s Poisson’s Coefficient of Thermal Yield
Modulus, Ratio, Expansion, Stress,
E (GPa) v a (10°K™ o, (MPa)
PVD W 410 0.28 4.6
S“bf‘““e 200 0.29 123 1100
Substrate 2 200 0.29 12.3 800

The substrate is a 35NCDV12 steel. Some of the substrates were subjected to a
specific thermal treatment in order to modify their yield stress and to make possible the
study of the influence of this parameter on the cracking kinetics. The mechanical
properties of the two kinds of substrates are also reported in Table 1. The different
sample characteristics (coating thickness, processing conditions, and substrate) are
reported in Table 2.

TABLE 2 — Characteristics of the coating-substrate systems.

Sample  Coating Thickness (um)  Substrate
A 0.6

—

1.6
1.6
6
13.9
13.9
31.1
30.9
30.1

— T OTmmoQw
[ I S N gy
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Crystallographic Texture, Residual Stresses

The initial state of the studied coatings was characterized through their
crystallographic texture and residual stress state.

Crystallographic Texture

The crystallographic texture of f..c.c coatings with a <110> growth orientation [3]
and of b.c.c coatings with a <111> growth orientation [4] have been shown to depend on
thickness. So, the crystallographic texture of our samples has been determined by X-ray
diffraction with use of a Cu K, radiation; the analyzed volume is lmm? x 1 pm (average
depth) large. The texture has been characterized by the texture coefficient Thy [5]. The
larger this coefficient with respect to 1, the stronger the texture along the considered
direction. Fig. 1 shows that the coefficient T2z, increases with the coating thickness,
which characterizes the development of a <111> texture. This result is in agreement with
Gergaud’s [4] observations on Mo coatings that have the same crystallographic structure.

5
2 4
B
=2
g 3 0110 A211 0222
8
W 2 4
g B a A
g 1fm A
A hick
0 ke + =P I'Z ickness (um)
0 10 20 30 40

FIG. 1 — Variation of the coatings texture coefficient versus their thickness.

Residual Stresses

Residual stresses were determined by X-ray diffraction with a Cu K, radiation
(Aey = 0.1504 nm), according to the “siny” method [6]. Since tungsten single crystals are
considered as elastically isotropic [7], the same property is true for textured
polycrystalline coatings [8]. If we assume that the stress state is uniform in the diffracted
volume and that the residual stress field in the coating is plane and isotropic (i3 [i =
{1,2,3}] = 012 = 0 and 6}, = G2, = G), then the stress-strain relation is given by:

1+v . v
€4y = —— 0-8In 2y ——- G 1
oy =g V-4 )]

s0 that the stress o directly derives from the slope of the (ggy, sin®y) curve, through the
elastic constants of the material.

Figure 2 shows that the relation between €4, and sin®yis linear; this result
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confirms the assumption of a negligible stress gradient in the diffracted volume. For the
0.6 and 1.6 pm thick coatings (A and C), the whole thickness of the coatings has been

investigated.
5,0E-03
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FIG. 2 — (&4, sin®y) plots for different thickness values of PVD W coatings.

The strain-free lattice parameter has been found to be equal to 0.3168 + 0.0001
nm. This value is a little bit larger than the bulk tungsten parameter (0.3165 nm), which is
in agreement with previous results on PVD tungsten coatings [9,10].

Discussion

There is a definite correlation between the texture evolution and the decrease of
the residual stress level. Drobrev [3] has proposed to correlate this texture evolution with
the channeling directions of ions in the crystal lattice. In the case of b.c.c lattice, these
channeling directions are more and more favorable in the sequence <I10>, <100>,
<111>. During the impact between an energetic particle and the crystal lattice, the energy
dissipation induces either a partial recrystallization due to the “thermal spike” effect or a
creation of defects due to consecutive binary collisions. Therefore, under this
bombardment, the coating grows in the more favorable channeling directions, that
corresponds to a <111> growth direction for b.c.c lattice.

Moreover, according to Thornton and Hoffman [1], the creation of defects
enhances the intrinsic residual stress level. As the size of the concerned region increases
in the sequence <110>, <100>, <111>, a <111> growth direction induces a lower density
of defects and subsequently a decrease of the intrinsic residual stress level. This is in
agreement with our experimental observations: when the coating thickness increases, a
<111> texture develops and the residual stress level decreases.

Cracking Behavior

The experimental devices and techniques used to characterize the cracking
behavior of magnetron tungsten coatings are first described; we then report on the results
of an investigation of the cracking mechanisms and kinetics.

Experimental Devices and Techniques

The substrate-coating samples are submitted to tensile tests, at a nominal 3.107s
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strain rate, in a Raith” tension loading stage that is inserted inside the chamber of a
scanning electronic microscope (SEM). Such a device allows a more precise and realistic
investigation of the cracking mechanisms under loading, of the cracking kinetics and of
the substrate-coating adhesion properties, The tests are instrumented with an
extensometer device and coupled with an acoustic emission analysis, using a piezo-
electric sensor with a 20kHz filter and a sampling period of 100 ns (Fig. 3), so as to be
able to determine the critical strain (+0.01%) for crack initiation and to analyze the
cracking kinetics.

The correlation between acoustic emission signals recorded during mechanical
tests and crack initiation has first been investigated. Recorded acoustic emission signals
during the tensile test give access to the characterization of cracks through the
determination of the F ratio (shape factor) of the maximum amplitude (V) to the efficient
value (Vg ) [11]. The cracking kinetics analysis was then performed by use of in situ
four-point bending tests (Fig. 4). This test was analyzed by use of a local
microextensometry technique based on a correlation analysis of high-resolution images
(4000 x 4000 pixels) of microgrids with a 2 um path in the reference and deformed states
[12-13]. This treatment gives access to local surface strain fields, as reported in the next.

FIG. 3 — Experimental tensile device used to study the cracking behavior of
coatings.

FIG. 4 — Four-point bending sample and device.

Damage Analysis

For 6 — 13.9 — 30 um thick coatings, cracks are straight and perpendicular to the
tensile axis (Fig. 5). This mode I cracking behavior of PVD coatings is frequently
observed under bending and tensile loading [14-15]. No debonding effect has been
observed at the interface but strain localization develops in the substrate at the crack tip
(Fig. 6), as revealed during a four-point bending test by the deformation analysis of a
microgrid deposited on the crack tip area of a 6 um thick coating (Fig. 6a).
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FIG. 5 — Damage mechanisms observed on the coating surface (SEM images) - t
=13.9 ume= 5.3 % - Sample E - Mechanisms observed for a thickness larger than 6um.

Coatmg

Crack tip

Interface

Substrate

FIG. 6 — Perpendicular cut of samples. lllustration of the strong adhesion
between the coating and the substrate at the crack tip.

a) tr=6 um (four point bending test)
b) b)tr=31.1 um (tensile test) — Sample G

The influence of the substrate stiffness is illustrated in Fig. 7 by the responses of a
similar 13.9 um thick coating deposited either on Substrate 1 or on Substrate 2, where
black square points correspond to (o, €) values associated with acoustic signals detected
during the test. The acoustic signals are characterized by their F ratio, which serves as an
acoustic signature of the cracks, which they originate from. As this ratio F is found to be
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constant during the tensile test, it can be concluded that one cracking mechanism only is
active throughout the test. So we can conclude that no interface debonding occurs. This

conclusion is in agreement with direct SEM observations.
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FIG 7— Global responses of a W PVD coating sample (E - F - t;=13.9 um)
deposited on substrates 1 and 2. Characteristic curve of the W coating/steel sample for a

thickness larger than 6um (--: E - W/Substrate 1, — : F - W/Substrate 2, M : (0, £) values

associated with acoustic emission).

Cracking Kinetics
Since the overall behavior of our samples is rate-independent, the cracking

kinetics can be described by the variation of the crack density D with the prescribed
strain €y, that can be assimilated to the substrate overall strain [16, 17]. This crack
density is defined as the ratio of the total number of observed Mode I cracks to the
sample length. The crack density is known to be decreasing with the coating thickness
[16], but no experimental information is available on the influence of the substrate yield

stress G,

The crack density is plotted in Fig. 8 as a function of €, for various values of the
coating thickness and the two studied substrates. The crack density first rapidly increases
with €, and then saturates slowly to a limit value Dy, This limit value decreases with
the coating thickness (Fig. 8a) and increases with the substrate yield stress (Fig. 85) for a

given coating (same thickness and residual stress level).

The obtained curves can be fitted with Weibull’s law (2); for a given substrate,
coefficients 4 (=0.92 + 0.1) and n (= 1.1 £ 0.10) do not depend on the coating thickness
tr. The limit crack density Dy, is given in (2) as a function of ¢, with B =31.8 + 1.0 and
o =0.35 £ 0.01. The values of €, ., the critical strain for cracking initiation, are reported

B
- @
t

in Table 3.
_ (A€, €y )" S S : —
D—Dm-(l—e )forsxx>8xx,cw1th Dgy =
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: fit with Weibull law) (Substrate 1). b) Influence of the substrate yield stress and the
coating thickness.

These effects can be analyzed according to Hu and Evans’s approach [18], that
assumes an elastic behavior of both the substrate and the coating but considers a plastic
yielding zone at the crack tip on a distance d from the crack. They obtain the estimate:

J3< ?i <243 A3)
Gxx,c “ty
where Gfxx,c is the critical cracking stress of the coating, # is the coating thickness, o, is
the substrate yield stress and A is the minimum spacing between two cracks.
Since the maximum crack density Dy, is inversely proportional to A, it increases
with the substrate yield stress and decreases with the coating thickness, as observed

experimentally. Moreover, this approach emphasizes the important role of local plasticity
at the crack tip in the substrate, which will be stressed next.

Intrinsic Critical Cracking Stress

It can be noticed (Table 3) that the strain associated with cracking initiation €.
depends on the coating thickness, so that it cannot be considered as an intrinsic damage
parameter for tungsten coatings. Since it is likely to depend on the residual stress level,
the associated stress parameter can be thought to lead to a more relevant cracking
criterion.

For a coating-substrate perfectly bound system, subjected to uniaxial tension
along the x axis (Fig. 3), with elastic, homogeneous and isotropic materials, an isotropic
plane residual stress state and a very thin coating as compared with the substrate (so that
stresses can be supposed uniform through the coating thickness with 6;, = 0), the stress
0. associated with the critical strain €, is given by [18]:

f f s f
Gxx,c = E 'exx,c +6r (3)
where indices f'and s refer to the coating and the substrate respectively and 7 stands for
“residual.”
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The resulting 0’y values are found to be remarkably close to each other (0. =
275 £ 50 MPa) whatever the coating thickness and the substrate yield stress (Table 3): it
can be considered as an intrinsic critical cracking stress value, which is in good
agreement with previous results derived from a 3-point bending test for PVD tungsten
coatings deposited on a steel substrate [16]. Nevertheless, our experimental investigation,
performed under homogeneous loading conditions, leads to a more accurate
determination of this parameter and a more complete derivation of its intrinsic nature.

TABLE 3 — Values of residual stresses (0,), € and Oy for different values
of the coating thickness and the substrate yield stress.

D 1100 6 22390 e.= 0.66% 310 %50
E 1100 13.9 -1670 £.= 0,47% 260 £ 50
G 1100 311 -1600 £ =0.46% 280 + 50
H 1100 30.9 -1500 £c=0.43% 265 + 50
F 800 13.9 -1680 £c=0.47% 250 £ 50
I 800 304 -1550 £, = 0.44% 260 % 50

Crack Opening and Strain Distribution

In view of a better understanding of the cracking kinetics that has been
characterized experimentally above, the displacement field along the sample length was
investigated with more details: the crack opening distribution has been analyzed during
tensile and 4-point bending tests and, using the above mentioned microextensometry
technique, the local strain field was measured in the substrate near the interface during 4-
point bending tests. The main results are the following.

The crack opening, AL/, was measured under tensile loading from numerical
images (500 x 500 um? sample surface) at several strain steps on the 6, 14, and 30 um
thick coatings, by counting the total number of pixels inside cracks on the coating
surface. We define the ratio R (4) of crack opening AL’ to the total prescribed
displacement AL:

_Ar

R=
AL

“4)

The variation of R is plotted in Fig. 9 as a function of the prescribed axial strain
for a 30 pm thick coating. The ratio R rapidly increases and the crack opening is
prominent as soon as the overall strain is larger than 1%. Similar observations have been
made for the 6 and 14 pum thick coatings. Note that the R variation with strain is
analogous with that of the crack density (Fig. 8): this suggests crack opening, which
induces some unloading of uncracked coating parts, governs most of the cracking
kinetics.
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FIG. 9 — Evolution of the ratio R versus macroscopic strain (R = AL//AL - a) for
a 30 um thick coating.

To validate this conclusion, crack opening was analyzed at the coating-substrate
interface of a 6 pm thick coated sample during a 4-point bending test performed inside
the SEM chamber; the mechanical response was investigated both at the macroscopic and
the local scales on a 260 x 220 pm? sample area. At different strain steps, the strain
heterogeneity of the substrate and the average strain on a 260 um length were
characterized close to the interface. Moreover, the crack density and the average crack
opening were estimated at the interface. These values were compared with those obtained
during a tensile test for an identical 6 pm thick coating (Table 4). It can be checked that
the correlation between the average strain values and the average crack opening
displacements for a given crack density is quite good for these two tests.

TABLE 4 — Comparison, for a given crack density, of average strain and

average crack opening between tensile test and bending test performed on a 6 um thick
coating.

Average Cracks Opening, pm Average Strain, %
. Tensile Tensile
Crack Dzn iy, Test Four Points Bending Test Four Points Bending
(= or,r;nrlnm-l) (03 Test (+0.2um) (£0.01 Test (£ 0.3 %)

pm) %)

4.6 0.7 0.5 1.0 /

94 0.8 0.6 1.3 13

11.2 0.9 1.0 1.7 1.9

12.6 1.2 1.1 2.4 2.2

15.6 2.0 1.9 3.7 3.7

For a crack density equal to 15.6 mm', the ratio R is equal to 80%; actually, this
ratio sizes to 97% if the cumulative crack opening displacement is referred to the total
displacement as measured after the first crack formation, instead of the initial total
displacement. This better stress emphasizes the rapidly increasing influence of crack
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opening on the deceleration of the cracking kinetics. Moreover, we could infer from what
precedes that the evolution of the crack density, associated with the stress redistribution
in the uncracked coating blocks, is slower and harder when the block length I/ is shorter
and their thickness # is larger (so that blocks are more difficult to be stressed enough for
further cracking). As a matter of fact, this conclusion is corroborated and completed by
Mezin’s analysis [19] according to which, in a coating - substrate sample under tensile
loading, the longitudinal stress o'y, level in the coating uncracked parts is decreasing with
the ratio Lf/tf (Fig. 10).

05+
04 4 o
03 & —LtF=100"3
02 4---n- LEtf=10

01+  w  LEtE20
0 0.2 04 0.6
2x/Lf

FIG. 10— Evolution of the normalized stress vs the ratio L / t;- X is the distance
from the uncracked coating portion center [19].

Finally, the microextensometry technique [12-13] has been used to evaluate the
surface distribution of the three strain components in the xy plane in order to obtain a
qualitative information on the strain localization modes. The effect of a crack formation
in the coating is illustrated in Fig. 11 that reports on the distribution of the longitudinal
strain €, Thus, the development of cracks and the increase of the macroscopic strain
induce a marked heterogeneity of the strain field in the substrate close to the interface
where most of the strain is confined inside deformation bands.

The resultant strain maps give rich qualitative information on the strain
localization modes. This development of strain concentration inside deformation bands is
responsible for the decrease of the cracking kinetics. While the macroscopic strain
increases, the strain level under the crack tips increases whereas the strain level under the
uncracked coating parts is much lower, and that slows down the cracking kinetics. This is
the reason why the minimum measured distance between cracks is larger than theoretical.
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Substrate

Fig. 11 — Strain (€) distribution below the interface for a crack density equal to
12.6 cracks.mm™.

Conclusion

Tensile tests coupled with an acoustic emission analysis and a microextensometry
technique were used to investigate the cracking behavior of W PVD coatings deposited
on steel substrates. Taking account of the residual stress field in the coating, as it results
from the processing conditions, an intrinsic critical cracking stress of the order of 275 +
50 MPa, can be defined. This value was shown to be independent of the coating thickness
and the substrate yield stress.

Moreover, the study of the evolution of the crack density with the applied strain
shows that the saturation level of the crack density is decreasing when the coating
thickness increases and the substrate yield stress decreases. This effect was explained
qualitatively through a shear lag-type analysis, including plastic yielding of the substrate
at the crack tip, proposed by Hu and Evans [18]. The importance of strain localization
phenomena at the crack tips was emphasized through the measurement of the crack
opening displacements under loading during 4-point bending tests associated with the
determination of local strain fields in the substrate close to the interface. Consequently, it
is harder and harder to deform the uncracked coating parts and to provoke further
cracking: the crack kinetics is slowing down, that is, as observed experimentally, more
pronounced when the coating thickness increases and the substrate yield stress decreases.

Numerical simulations are now developing in order to obtain a quantitative
agreement of the cracking kinetics with the above reported experimental measurements.
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ABSTRACT: Elastic properties of thin supported films can be derived from the dispersion
relations of surface acoustic waves (SAWs) of layered structures. SAW velocities can be
measured by surface Brillouin scattering (SBS), i.e., light scattering by thermally excited SAWs.
Since SAW velocities can be computed as functions of the elastic properties of both the film and
the substrate, if film thickness and density are independently measured the elastic constants can
be obtained fitting the computed velocities to the measured ones. Our data analysis technique is
discussed. Accuracy of the measured velocities is crucial: the SBS measurement technique is
analyzed, giving quantitative estimates of errors and uncertainties, and discussing procedures to
reduce them. Some examples are considered in detail, showing that SBS measurements allow the
determination of film elastic constants on films of thickness down to tens of nanometers, with
precision ranging from reasonable to very good.

KEYWORDS: Brillouin scattering, acoustic waves, surface waves, thin films, elastic constants

Introduction

When the measurement of the elastic properties of a material or a structure is of
interest, the most appropriate experiments are those that involve only elastic
deformations. Oscillations and acoustic waves fulfill this requirement well, meaning that
the measurement of the acoustic properties provides a clean way to measure the clastic
properties. Generally, in an acoustic excitation, the most easily measured quantity is
frequency, or a frequency spectrum. The spectrum of the acoustic excitations of a
structure is a function of its stiffness and its inertia, both depending also on the structure
geometry. It is often not possible to derive both the stiffness and inertial properties from
the measured spectra. However, if the inertial properties are well characterized by
independent measurements, i.e., if the spatial distribution of masses is known, the
measured spectrum of acoustic excitations can be exploited to derive the stiffness
properties. Periodic oscillations and waves involve only reversible strains: knowledge of
the acoustic behavior provides accurate information on the elastic behavior, but no
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information on the structure behavior under high stresses.

These general considerations are well suited to the measurement of the elastic
properties of layered structures. For a homogeneous layer, geometry is defined by the
layer thickness, inertial properties are characterized by mass density, and stiffness
properties are characterized by the tensor of the elastic constants. A layered structure is
characterized by the ensemble of the properties of the individual layers and by the
conditions at the interfaces. Throughout this work, perfect adhesion is assumed, meaning
continuity of both stresses and strains across each interface. An external surface imposes
instead a null stress condition on the surface itself.

Films support acoustic waves; sufficiently thick films support bulk waves, and
both thick and thin films generally support surface acoustic waves (SAWs). Spectra of
acoustic waves can be measured, either exciting the waves by piezoelectric excitation in
quantitative acoustic microscopy [1-3] or by laser pulses in laser acoustic methods [4-6],
or relying on the thermally excited waves, in Brillouin scattering experiments [7-10].
Interdigital transducers can also be exploited [11,12], but they require a piezoelectric
layer and the transducer built on it. In acoustic microscopy a piezoelectric transducer is
coupled, through an acoustic lens and a contact fluid, to the specimen surface: the
transducer excites and detects the waves. In laser acoustic methods, waves are excited by
laser pulses and the displacement of the specimen surface is sensed by optical means,
typically by an interferometric setup. Brillouin scattering is the scattering of an
electromagnetic wave by an acoustic wave. In a Brillouin scattering experiment a
monochromatic laser beam is directed onto the specimen, and the scattered light is
collected and analyzed: its spectrum reproduces the spectrum of the acoustic waves.
Brillouin scattering by SAWs is called surface Brillouin scattering (SBS) [9].

Since spontaneous Brillouin scattering relies on thermally excited acoustic waves,
the waves it detects have an amplitude much smaller than those waves excited in the
other techniques, implying that: Brillouin scattering measurements are therefore more
time consuming. However, the probed wavelengths can be significantly smaller than
those probed by other techniques, giving Brillouin scattering a peculiar spatial resolution,
particularly relevant in the case of thin films. In this work, the general features of SAWs
and of Brillouin spectroscopy, which are valid for either single-layered or multi-layered
and either free-standing or supported films, are recalled first. Attention is then focused on
single-supported layers: the data analysis methods to derive the elastic constants are
outlined, and some examples are finally presented.

Acoustic Waves and Brillouin Scattering

Solids support bulk acoustic waves; a plane wave in a homogeneous medium has
velocity v, wave vector q, and circular frequency @: @ = vg. Velocity is independent from
wavelength, i.e., the waves are nondispersive. In isotropic media, waves are either purely

longitudinal or purely transverse, the velocities being respectively /C,,/p and

JC./ p , where p is mass density and the Cj are (in matrix notation) the elements of the

tensor of the elastic constants. In anisotropic media (crystals), waves are not necessarily

purely longitudinal or purely transversal, and their velocity depends on the direction of q

(the propagation direction), but still does not depend on the modulus g (the wavelength).
Bulk acoustic waves can interact with electromagnetic waves by the elasto-optic
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(also called acousto-optic) effect: the variation of the electric polarizability of a medium,
that is, of its dielectric constant (dielectric tensor), induced by a mechanical strain. The
strain field of an acoustic wave induces a periodic modulation of the dielectric constant,
analogous to a diffraction grating traveling at velocity v. An electromagnetic wave can
interact with this grating when wavelengths are properly matched [10]. In the interaction,
conservation of energy and momentum take the form

Q=Qtrto 4]

k, =k, tq 2
where k; and €; are the wave vector and circular frequency of the incident
electromagnetic wave, and k, and €, are those of the scattered wave. In Eqs 1 and 2, the +
and — signs correspond respectively to anti-Stokes and Stokes events. Obviously, the
electromagnetic wave can interact with the bulk acoustic wave only if the medium is
sufficiently transparent and if the elasto-optic coupling coefficients are nonvanishing.
Note, however, that a material-like silicon, in which the penetration depth of visible light
is of the order of 1 um, is transparent enough: Brillouin scattering from its bulk waves is
well measurable, also because its elasto-optic coefficients are relatively high.

A surface can support SAWSs, which travel along the surface and have a strain
field confined in the neighborhood of the surface itself. A generic SAW has velocity vsap
and is characterized by a wave vector parallel to the surface qy, with @ = vsw gj. The
spectrum of SAWSs is discussed elsewhere [8,13,14]. It is sufficient to recall here that at
the external surface of a bare substrate the Rayleigh wave (RW) generally exists; it is the
only SAW in this case, its velocity vg being independent from wavelength and determined
mainly, but not exclusively, by Caq. Its strain field decays with depth, penetration being of
the order of 21/g). The RW has a mixed longitudinal and transverse character, the relative
weight of the two components varying with depth [14].

When a film of thickness / is deposited on the substrate, the spectrum of SAWSs is
modified. A characteristic length 4 is now present: SAW velocities are no longer
independent from wavelength and are a function of gy [15]. In general, a modified
Rayleigh wave (MRW), of velocity vz, still exists. If the film is acoustically slower
than the substrate, it tends to act as a wave guide and can support guided waves: such
waves, called Sezawa waves (SW), are reminiscent of the Lamb modes of a free-standing
slab. The number of SW modes that can be supported depends on the value of gy (if the
film is too thin it does not support guided waves) and on the difference between the
properties of the film and the substrate. The velocity of SWs is always higher than vigzy
and is a decreasing function of of g : when g increases the strain field is more confined
within the acoustically slow film and the velocity decreases [15]. In isotropic or highly
symmetric films, the above modes have a transversal component perpendicular to the
surface. In layered media the Love waves also exist, polarized in the transversal direction
parallel to the surface. It must also be remembered that when films are sufficiently thick
(g//>>1) they also support bulk waves, relatively unaffected by the finite thickness. In the
case of multilayer structures the SAWs can have more complicated behaviors, the slowest
layers always tending to act as wave guides, as in the case of a single buried slow film
[16].

SAWs can interact with electromagnetic waves by the elasto-optic effect, if the
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structure is transparent enough. They also interact by the ripple effect: the periodic
corrugation of the external surface due to the displacement component normal to the
surface [17]. Also by this mechanism the SAW creates a diffraction grating traveling at
vsaw. Due to the limited depth of the strain field, ie., the limited scattering volume
available for the elasto-optic effect, in the case of SAWs the ripple mechanism is
typically dominant [18]. It is the only one in the case of opaque materials like most
metals, and it is absent only for SAWs or pseudo SAWs which have, at the external
surface, a prevailing longitudinal polarization. This happens for some of the Sezawa
waves, which, then, in the case of metals, remain nondetectable [19]. It can be noted that
in acoustic microscopy and in laser acoustic methods SAW detection relies exclusively
on the ripple effect, meaning that such longitudinally polarized waves are never
observable. Similarly, Love waves, polarized in the transverse direction parallel to the
surface, can be detected only by SBS [16,20].

In the scattering of electromagnetic waves by SAWs, energy is always conserved
(Eq 1), while, due to the lack of translational symmetry in the normal direction, only the
parallel wave vector is conserved, and Eq 2 becomes [9]

q, = i(ks -k, )z\ (3)
Brillouin Scattering Measurements

A Brillouin scattering measurement is performed illuminating the specimen by a
laser beam of given k;, collecting the scattered light at a given Kk, and analyzing its
spectrum. The most intense feature is light elastically scattered at Q, = £2_, and scattering

by any acoustic wave introduces a doublet at frequencies given by Eq 1. These doublets
have a small intensity, because the Brillouin scattering cross sections are typically small.
The frequency shifts
Q -Q =t 4)

give the circular frequency of the acoustic wave; Eq 2 or Eq 3 give its wave vector:
velocity is immediately obtained. In the scaitering event, the wide difference between the
acoustic velocity v and the electromagnetic wave velocity c/n (v/(c/n) =107 +107°)
must be taken into account (v =w/q, ¢/n=Q,/k, =Q_/k_, ¢ is the velocity of light in
vacuum, » is the refractive index). Equations ! and 2 imply that |k, —k, |/ k, <2v/(c/n),
the maximum difference being achieved by the backscattering configuration (k, =-Kk;).

This means that the relative difference between k;, and k; can be neglected: &, = k; =
(21/Ayn, where Ay is the laser wavelength in vacuum. The moduli 4, and %; being
determined by the laser source, the scattering configuration and the wave vector q are
completely determined by the scattering geometry.
The laser beam is focused on the specimen surface at an incidence angle 0; (the

angle between k; and the normal to the specimen surface) and light is collected at a
scattering angle 0,. The backscattering geometry (|8,) = |0i) is typically adopted because it
maximizes q. In backscattering, interaction with bulk waves occurs at

q = 2(2m/Ayn ®)
{see Eq 2) while interaction with SAWs occurs at

qy = 2(2m/Ay)sin6; (6)
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(see Eq 3 and Fig. 1). It is worth noting that since upon refraction at specimen surface the
electromagnetic wave vector component ky is preserved, SAWs are probed at a wave
vector that is determined by the scattering geometry alone and is independent from the
refractive index (Eq 6). This is a specific feature of SBS: the probed wave vector (and
therefore the product g% and the spatial resolution) is completely predetermined by the
experimental setup. In acoustic microscopy, the frequency is instead predetermined [2],
and the value of ¢ depends on the specimen properties; similar considerations also
apply to the laser acoustic techniques.

A typical experimental setup for a SBS measurement in backscattering is shown
in Fig. 1. The laser beam is directed onto the specimen by a small mirror and focused
onto the specimen surface by a lens, called here the front lens. In backscattering the same
lens collects the scattered light, while in other configurations the collection optics are
separate. Scattered light coming from the focus of the front lens is collected and emerges
from the lens as a paralle]l beam. A slit can be inserted to limit the collection solid angle,
as discussed below. The parallel beam is focused, for spatial filtering, on the entrance
pinhole of the spectrometer and transformed back into a parallel beam to be analyzed by
the Fabry-Perot interferometer (FP) [21], the heart of the spectrometer.

- L1 Sl L2 P L3 FP

FIG. |—Experimental setup for SBS measurements in backscattering: M: mirvor; L1
front lens; Sp: specimen; SI: slit (when present); L2: focusing lens; P: entrance pinhole
of the spectrometer; L3 lens to reconvert to a parallel beam; FP: Fabry-Perot
interferometer. A single FP is shown, instead of the actual tandem multipass FP.

Measurement of the frequency shifts (Eq 4) poses stringent requisites to the
spectrometer. Equations 5 and 6 show that in backscattering ¢; < ¢, and both g and g are
of the same order of (21/A¢), meaning that @/, ~ v/c ~ 10* + 10”, the doublets to be
observed have very small relative frequency shifts from the elastic peak at £, which is
orders of magnitude more intense. Out of backscattering, g;, ¢, and the frequency shifts
are even smaller. Diffraction gratings and conventional FP spectrometers can at most
resolve the doublets scattered by bulk waves. Light scattered by SAWs became
observable with the introduction of the tandem multipass FP interferometer [21,22]. The
FP is operated varying its mirror distance: it thus acts as a bandpass filter of very narrow
bandwidth which scans a given frequency shift interval [21]. Scan is performed by
discrete steps: the spectrum is sampled and discretized. Light is detected by a
photomultiplier, operated in the single photon counting mode due to the low intensity of
light scattered by acoustic waves.

Figure 2 presents a spectrum measured in backscattering on a crystalline silicon
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specimen, for ¢|| directed along the [100] crystallographic direction on a (001) crystalline
face. The spectrum is drawn on a logarithmic scale to appreciate all the features,
including the intense elastic peak at null frequency shift (a small interval around @ = 0
has been attenuated to avoid damaging the photomultiplier) and the two symmetric
double peaks at the extremes of the spectral range: these are instrumental artifacts [21],
useful for frequency calibration. The broad central feature, extending between
approximately +100 GHz, is due to two-phonons Raman scattering [7], and three doublets
are noticeable due to scattering from the longitudinal bulk wave, the transverse bulk wave
and the Rayleigh wave. Figure 3 shows the central part of the spectrum, measured, with a
smaller frequency range and a better resolution, on an alloyed gold film deposited on
silicon (see the section on experimental results). Gold being acoustically much slower
than silicon, the film, beside the RW, confines 6 Sezawa waves; the third, fourth, and
sixth are not detected because at the surface they are longitudinally polarized and do not
induce a surface ripple [19].

A dispersion relation is measured repeating the SBS measurement at a set of
incidence angles 0,7, i.e., a set of wave vectors ¢;’. The measured circular frequencies
wn? give the measured velocities v, = a)mﬁ)/q“(i) . The dispersion relations for the waves
of Fig. 3 are shown in Fig. 5.
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FIG. 2—Brillouin spectrum for the (001) face of a crystalline silicon specimen, for
propagation along [100]. Ar ion laser (Ag = 514.5 nm), 70° incidence angle. BL: bulk
longitudinal wave,; BT: bulk transverse wave; RW: Rayleigh wave.
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FIG. 3-Surface Brillouin spectrum for an alloyed gold film on silicon (001) (see Fig. 5);
propagation along [100]. Ar ion laser (A9 = 514.5 nm), 50° incidence angle.
MR: modified Rayleigh wave, S1, §2, §5: Sezawa waves.

Data Analysis

The velocities of bulk acoustic waves measured by Brillouin scattering
experiments have been extensively exploited to measure the elastic constants of crystals
[23-28]; this determination requires the value of the refractive index of the crystal. The
case of films is conceptually analogous, but experimentally and computationally more
involved. The value of gk discriminates among two main cases. When gy >> 1, the film,
either free standing or supported, behaves essentially as a semi-infinite solid: it is thick
enough to support bulk waves, and the displacement field of its SAWs does not reach the
back surface. The SAWs are thus not sensitive to the conditions (free surface or adhesion
to a substrate) at the back surface, and the data analysis methods for bulk solids are fully
applicable. When instead gy is not much greater than 1, free standing and supported
films behave differently. In the case of free-standing films, the acoustic modes of a free-
standing slab must be considered [29-31]; this case is not further analyzed here.

The rest of this work focuses instead on the case of a single supported layer. The
substrate and film materials are characterized by their respective mass density and tensor
of the elastic constants, p, C;*¥ and p?, C,; film thickness is 4 and perfect adhesion is
assumed. Methods are available [15,18,32,33] to compute the velocity of any specified
SAW, obtaining the computed velocities vc(p(s) Cy ) pw C,,(’), hqy) (direct problem).
Velocities can be measured at a set of incidence angles 8, (typically four to six angles),
corresponding to a set of qH(’) values. Once the velocities v, are available with their
uncertainties, it is possible to face the inverse problem: derivation of physical properties,
by fitting the computed velocities to the measured ones. It is not possible to derive all the
above quantities, but if some of them are independently known, the remaining ones can
be obtained by the fitting procedure [19,34-40].
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In particular the substrate properties are assumed to be known; film thickness can
be measured by, e.g., X-ray reflectivity measurements or transmission -electron
microscopy, and film mass density can be measured by X-ray reflectivity and/or
diffractometry. Only the film elastic constants C;% remain unknown and can be obtained
from the measured acoustic velocities. If the film is elastically isotropic, as it is the case
for nanocrystalline and amorphous films, all the elastic constants are determined by only
two independent quantities, typically taken among Ciy, Ca4, Young's modulus E, shear
modulus G, bulk modulus B, and Poisson's ratio v. If the film is crystalline, further
independent quantities are required to fully specify its elastic constants: a third quantity in
the case of cubic symmetry films, and other ones in the case of lower symmetry films.
The elastic constants must satisfy thermodynamic stability limits corresponding to the
physical requirement that the elastic strain energy be definite positive.

The rest of this work focuses on the simplest case, the isotropic film. The
extension to crystalline film only implies a higher number of independent variables. Two
quantities must be selected, among those mentioned above, as the independent ones,
which define all the tensor C; and consequently the velocities v.. To this purpose the
above quantities are not completely equivalent, because the sensitivity of computed
velocities to all of them, which can be evaluated by derivatives like 9v./0C,1? or ov/0V”,
are not the same. It is obviously preferable to select the couple to which the v, are more
sensitive and, in the case of the MRW, this turns out to be (£,G) couple [41]. This reflects
the fact that in the MRW the strains are closer to shear strains than to hydrostatic strains.
The (E,G) couple is thus selected, and the velocities are accordingly computed as
ve(E, G,qH(’)), the superscripts ¢ being understood. All the other quantities are known,
and the wavevectors g’/ correspond to the incidence angles 6,” at which the
measurements are taken. It must be remembered that not all the (E,G) plane is physically
meaningful: since v = E/(2G) - 1, the conditions v < 0.5 (thermodynamic stability limit)
and v = 0 (satisfied by practically all known materials) imply that £/3 < G < E/2. When
approaching and crossing the stability limit G = E/3 the bulk modulus B diverges, while
the velocities v, remain continuous functions.

It can be shown [42] that, taking into account the statistical sources of uncertainty,
the measured velocities v, can be seen as samplings from normal distributions, and that
the variances 6, of these distributions can be evaluated. Consequently, the appropriate
estimation of the most probable values of the (£,G) couple is obtained by the generalized
least squares (GLS) estimator [37,38,42]

GLS(E,G) = Z,-[

The most probable value of the (E,G) couple is the couple (E,G) that minimizes

GLS(E,G). An approximation to this value can be found computing the GLS function on a
sufficiently fine mesh. This evaluation can be computationally expensive, because the
computed velocities v.” are not available in closed form, and are in turn the outcome of

numerical computations. Once the (E,G) couple is found, the normalized GLS estimator
GLS(E,G)/GLS(E, G) can be computed: its iso-level curves give, via the F distribution
(the Fisher function), the confidence regions in the (E,G) plane, at any given confidence
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level. The outcome of the derivation are thus a most probable value and confidence
regions; in view of the experimental uncertainties in the measurements of the velocities,
the film thickness and mass density, the confidence regions are more appropriately taken
as the final result [42]. A few examples are discussed in the following.

Accuracy of SAW Velocity Measurements

The accuracy of the measured velocities is crucial for the accuracy of the obtained
elastic constants and has to be assessed. Velocities are obtained as v, = a)/q”{j’ , and both
o and g are subjected to errors. The wave vector g is subjected to the deterministic
consequences of geometrical imperfections of the experimental setup, and w is affected
by the uncertainties connected to the spectrum measurement. The scattering geometry is
presented in Figs. 1 and 4. In Fig. 4 the x; direction is normal to the specimen surface,
and the x; and x; directions are taken in such a way that K; belongs to the (x;, x3) plane.

Firstly, the incidence angle 6i is known with a finite precision. The specimen is
positioned by a rotator, and rotators are available which have accuracies better than 0.1
mrad. However, this is only the accuracy of rotations from a given reference position.
The most practical reference is normal incidence, at which the incident and reflected
beams overlap. Perfect overlap is practically found to a precision of about 0.2° = 3.5
mrad; the error of 0i is essentially this error in the identification of the reference position.
An error 80i implies an error in g|: 8q|| = (d¢|/90i) 86i = 80i/tanBi (sce Eq 6), which is
more severe at small incidence angles. This error can be reduced by a setup which
includes a longer path for the incident laser beam, resulting in a better identification of
the reference position [43].

FIG. 4—Scattering geometry: k;: incident wave vector at polar angles (8, 0); k-
scattered wave vector, at polar angles (6, ¢); q,: SAW wave vector, at angle o from x,.



118 MECHANICAL PROPERTIES OF STRUCTURAL FILMS

Secondly, as it is evident from Figs. 1 and 4, k; is defined with good precision by the
incident laser beam, while the front lens collects scattered light with any direction lying
within a cone. The collection solid angle Q has a non-negligible aperture: the wave vector
k; is not precisely defined. The nominal k, coincides with -k;, but a whole range of wave
vectors k; is collected [10,43,44], resulting from interactions with a whole range of wave
vectors g (see Eq 3). It can also be noted that light scattered within a small solid angle
around -k; is in fact not collected, because it is intercepted by the mirror.

This has a twofold consequence. If alignment is perfect, all the collected wave
vectors belong to a circular cone: its axis coincides with the nominal k, and the average
of the collected wave vectors therefore coincides with the nominal one. The cone
semiangle is Y™ = tan"'(1/24), where 4 is the numerical aperture of the lens; a lens of
aperture f/2 has Y*™ = 14°. Alignment can however be not perfect: the laser beam can not
be perfectly coincident with the optical axis of the front lens, and the lenses are aligned
with a finite precision, especially when the alignment with the internal optics of the
interferometer is considered. Consequently, the cone of the wave vectors collected and
analyzed is not perfectly symmetric around the nominal one: the average of the collected
wave vectors does not coincide with the nominal one, at 6, = 6,, but is at 8, = 6, + 60,
[43,44). Since backscattering is not perfectly achieved, Eq 6 becomes ¢;=(27/A¢)(5in®; +
sinf;) and the average of the collected wave vectors differs from the nominal one, given
by Eq 6, by 8g = 86,/(2tan®;). The effects of uncertainties in 6; and/or 6; are both
inversely proportional to tanf;, being thus more severe at low incidence angles.

Another consequence of the finite aperture of the collection solid angle Q arises
also in ideal alignment conditions. It is easily shown (see Fig. 4) that for a given k; the
wave vector g is a nonlinear function of k,, since

qy1 =(27/Ag) (5inB; + sinb; cosd) (7a)

q)2 =(27l'//10) Sines sin ¢ . (7b)
Consequently, even when the average of the collected k; coincides with the nominal one,
the corresponding average of the exchanged wave vectors q; does not coincide with the

nominal one, given by Eq 6. The average exchanged wave vector <q”> is found

integrating over the collection solid angle €2 [43,44]:
1
(a,)= 5 L (k, -k;),dQ (8)

A more refined analysis can be performed by including includes weighting by the
scattering cross section, which is not uniform throughout the angle € [43,44]. The cross
section is known in closed form for ripple scattering, but for the elasto-optic scattering its
computation is involved [18] and requires the elasto-optic coefficients of the material,

which are seldom known. For a lens of aperture of the order of /2 the average value <‘1H>
turns out to differ from the nominal one by an amount which depends on 6i and is of the
order of 1%. More importantly, even <q“> still differs, by a fraction of a percent, from the

more accurate value computed taking into account the cross section. This means that the
error in the evaluation of g|| becomes negligible only if the cumbersome computation of
the cross section is performed [43,44].
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A significant improvement comes from the adoption of a slit which reduces the
collection solid angle (see Figs. 1 and 4). The spread of g is significantly reduced. Even
more importantly, in this smaller solid angle the variation of the scattering cross section is
much more limited. Consequently, its computation becomes unnecessary, and the value

<qu> computed by Eq 8 gives a very accurate estimate of the actual average exchanged

wave vector [43]. Quantitative assessments [43] show that with the slit the limiting factor
for the accuracy of the value of the exchanged wave vector is the overall alignment, and
namely the accuracy with which the slit itself is centered with the incidence direction of
the laser beam. Inaccuracies in slit position of /200 + /400 imply inaccuracies 8g =
86,/(2tan@;) which are negligible at high 9;, but rise to 0.2 + 0.4 % at 6; = 30°. Without the
slit inaccuracies in alignment and the difference between the nominal and the average
exchanged wave, vectors lead to inaccuracies &g which can exceed 1%.

Circular frequencies o are obtained from the measured spectra (Figs. 2 and 3),
typically by fitting the measured line shapes with analytical line shapes like gaussians.
Due to the small intensity, light is detected by a photomultiplier operated in the single
photon counting mode, and intensity is thus detected as a count number. Count numbers
are intrinsically subject to statistical variations, and the measured line shapes are affected
by these fluctuations. Accordingly, the central frequencies of the measured peaks can be
determined with a finite precision, that can be evaluated from the fitting procedure [42].
This uncertainty can be reduced by increasing the incident laser power, if the focused
laser does not damage the specimen, or increasing the measurement time. In both cases
the count numbers are increased and the ratio of the fluctuation to the count number is
decreased. A compromise between precision and measurement time has to be found: with
specimens having low scattering cross section, a spectrum of good quality can require a
measurement time of several hours.

Typical uncertainties found in the peak fitting procedure are of a fraction of a
percent [42]. In the configuration with the slit they are the limiting factor for velocity
accuracy, and their reduction can deserve a longer measurement time. Without the slit, the
limiting factor for accuracy is instead given by the geometrical factors discussed above.

Experimental Results

Three cases are considered here to show the performance of the method in
different conditions. In all the three cases, the substrate is the (001) face of a silicon
wafer, of well-known properties: p = 2.33 10° kg m”, C); = 166 GPa, C, = 63.9 GPa,
Cas = 79.6 GPa. The three films are elastically isotropic, being either nanocrystalline or
amorphous, while the anisotropy of silicon is fully taken into account in the computation
of the v.”. All the measurements were performed at room temperature in backscattering
for propagation along the [100] direction of the substrate. The incident light, from an
Argon ion laser operating in single frequency at the wavelength Ay = 514.5 nm, was P
polarized, and scattered light was collected without polarization analysis. The power
incident onto the sample was, for all the three cases, around 100 mW. Four to six spectra
were taken in each case, the incidence angles being in the 20 + 70° interval. Scattered
light was analyzed by a tandem 3+3 pass high contrast interferometer of the Sandercock
type [7,9] with a finesse above 100 (in Fabry-Perot interferometry the finesse is the ratio
of the free spectral range to the transmission bandwidth). Light was detected by a
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Hamamatsu bialkali photomultiplier tube, operated for single photon counting, with a
dark current of 0.7 c.p.s.

The three films are an alloyed gold film 134.5 nm thick, a titanium silicide film of
thickness around 75 nm, and a hydrogenated diamond like carbon film, 43 nm thick. Gold
has acoustic properties markedly different from silicon, being acoustically much slower,
and the mentioned scattering setup explored the interval gh = 1.1 + 2.8. Titanium
silicide, although significantly heavier than silicon, has acoustic properties closer to those
of silicon; the film had nonuniform thickness, an interval of g = 0.6 + 1.5 being
explored. The hydrogenated carbon film is a test of the sensitivity of the method to very
thin films having acoustic properties not much different from those of the substrate; the
interval of gyh is 0.4 + 0.9.

Alloyed Gold Film

A film of nominal composition AugCusNis was prepared by dc magnetron
sputtering, in an Ar atmosphere at a pressure of 0.1 Pa, with a fixed energy of 300 eV.
Film thickness and mass density were measured by X-ray diffraction and X-ray
reflectivity. Diffraction showed that the structure of the film is fce, with lattice parameter
of 0.40376 nm * 0.0009 nm; assuming equal Cu and Ni concentrations, this means that
the CuNi concentration is 8 % (atomic) and that the mass density is 1.89 10* kg m™. The
good planarity of the interface and the external surface allowed a precise measurement of
thickness by X-ray reflectivity: # = 134.5 nm % 0.2 nm. Diffraction data also determined a
grain size of about 10 nm, meaning that film isotropy can be assumed.

Figure 3 shows the Brillouin spectrum measured at incidence angle 6i = 50°. The
peaks correspond to the MRW and to three Sezawa waves. These are identified as the
first, the second, and the fifth because, as already mentioned, computations of the
displacement field indicate that the third, the fourth, and the sixth have, at the surface, a
longitudinal polarization, and are thus not detectable on a metallic film. The measured
velocities are presented in Fig. 5, with those computed by the most probable values
(E,G)= (74 GPa, 26 GPa) found by the GLS estimator shown in Fig. 6. The isolevel
curves of the normalized GLS estimator are drawn up to levels corresponding to
confidences well above 99%,; the regularity of the GLS and the identification of a well-
defined minimum are thus shown. These results, obtained by the method outlined in this
work, are a significant improvement over previcusly published results [/9] obtained by an
earlier development of this methodology. The values (E,G) within the 95% confidence
region correspond for v to the interval 0.4 + 0.44, and for B to the interval 120 + 200
GPa. The relatively wide interval of B is due to the fact that the (E,G) couple lies not far
from the thermodynamic stability limit (G = E/3): approaching this limit B diverges, and,
also in the small confidence region, has a strong gradient.

Titanium Silicide Film

Titanium silicide (TiSi2) films were produced by thermally activated direct Ti/Si
interaction on p-type silicon (001). The C49 crystalline phase was obtained, having a
mass density of 4.04 10° kg m, independently measured. Film thickness was measured
by cross-section TEM: due to the specific preparation process, a variable thickness was
found. Thickness varies in the 60 nm + 85 nm range, the whole interval being found over
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a few micrometres length. Since a Brillouin spectrum is measured by a laser beam
focused into a spot of the order of tens of micrometers, inhomogeneities at a micrometer
scale are averaged and data can be analyzed assuming an average thickness value. The
average grain size and misorientation allow to assume elastic isotropy.
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FIG. 5—Measured (°) and computed dispersion relations for the Rayleigh and Sezawa
waves in an alloyed gold film (4% Ni, 4% Cu), 134.5 nm thick, deposited on silicon, (001)
Jace; propagation along [100].
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the measured velocities of Fig. 5. The 95% and 99% confidence regions correspond
respectively to the values 7.4 and 21.5. The thermodynamic limit G = E/3 is shown.
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In order to assess the effects of thickness uncertainty, data analysis was repeated with
three different values of thickness, obtaining different values for (E,G) and for the
minimum of the GLS estimator, as shown in Fig. 7. The values of GLS show, not
surprisingly, a slightly better agreement for the intermediate value. More importantly, the
confidence intervals for £ and G found with the different thickness values are largely
overlapped, meaning that the measurement of the elastic constants is not hampered by an
uncertainty of this order in film thickness. The intervals £ =175 + 220 GPa and G = 63 +
95 GPa are conservatively identified. A sensitivity analysis assessment [13,41] confirmed
that a very precise value of film thickness is not crucial for the determination of (E,G).
It can thus be concluded that, when comparing these results with the previous case, the
lower precision found in the silicide case is not to be attributed to the much lower
precision of the thickness value. The lower precision is mainly due to the fact the alloyed
gold film is thicker, and its acoustic properties are more markedly different from those of
silicon. The gold film modifies significantly the Rayleigh wave of the substrate, while in
the silicide case the influence of the substrate remains more relevant.

It can be noted that the mentioned extremes of the intervals for £ and G
correspond to values of the bulk modulus B ranging from 75 GPa to extremely high
values, and to values of v ranging from 0.05 to 0.5: the values of B and v remain thus
essentially indeterminate. Also, this finding was confirmed by the sensitivity analysis
assessment [13,41]: the sensitivity to E is high, meaning that £ can generally be
determined, while the sensitivity to v is low, meaning that v can be determined only when
the results for £ and G are particularly good, as in the previous case.
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FIG. 7—Most probable values (#) and 90% confidence intervals for E and G,
obtained for a TiSi2 film in the C49 phase, on silicon (001). Computations repeated for
three thickness values, obtaining the indicated values of the minimum of the least squares
estimator GLS.
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Hydrogenated Carbon Film

In order to assess the sensitivity of the method to very thin films having acoustic
properties not very different from those of the substrate, a tetrahedral amorphous
hydrogenated carbon (ta-C:H) film, deposited on Si(001), was considered. The film was
deposited from acetylene using an electron cyclotron wave resonance plasma source. The
film underwent an extensive characterization by electron energy loss spectroscopy
(EELS), X-ray reflectivity, ellipsometry, and profilometry, obtaining sp’ content (70%),
density (2.35 10° kg m™), thickness (43 nm), and internal stress (8.4 GPa). The film is
amorphous, therefore elastically isotropic.

The results in the (E,G) plane are shown in Fig. 8. The most probable value falls
at (E,G)= (248 GPa, 96 GPa) but the confidence region has a curved and elongated
shape, which would extend into the regions corresponding to v < 0 and to v > 0.5. This
corresponds to the fact that the elastodynamic equations admit solutions in waveform also
in the physically nonmeaningful regions. In this case, a meaningful result can be obtained
supplementing the Brillouin results by physical plausibility considerations. In particular
only a part of the confidence region was considered: the part that corresponds to a bulk
modulus lower than that of diamond (445 GPa), and to a non-negative Poisson ratio. The
part of the confidence region delimited this way corresponds to the intervals £ = 215 +
275 GPa, G =75 + 135 GPa, and B > 85 GPa, while v is completely indeterminate. The
precision is obviously not very high, but this procedure allows identification of
meaningful results for the elastic properties of a film only 43 nm thick.
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FIG. 8—Most probable value (*) and 95% confidence region obtained for a ta-

C:H film, 43 nm thick, on silicon (001). Only the part of the confidence region compatible
with the physical plausibility limits v > 0 and B < Biamona is considered,



124 MECHANICAL PROPERTIES OF STRUCTURAL FILMS

Conclusions

It has been shown that the velocity of surface acoustic waves, measured by surface
Brillouin scattering, can be exploited to measure the elastic constants of thin supported
films of thickness down to few tens of nanometers. The derivation of the elastic constants
requires independent measurements of film thickness and film mass density. Isotropic
films on crystalline substrate have been considered in detail. It has been shown that the
achievable precision depends on the thickness and the elastic properties of the film. In
particular, due to the peculiar dependence of velocities on the various elastic moduli,
Young modulus and shear modulus can generally be determined, while a complete
characterization of the elastic properties, with also the determination of bulk modulus and
Poisson's ratio, is achievable only in certain cases. In some cases the acoustic data have to
be supplemented by the additional consideration of physical plausibility criteria, namely
about the meaningful ranges of the elastic constants.

The method can be extended to nonisotropic films and/or to multilayers. In these
cases more independent variables have to be determined by fitting of the experimental
data, but more information can be available from the measurement of the direction
dependence of velocity.
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ABSTRACT: Chemical vapor deposition was employed to grow nano-structured carbon films
on a titanium alloy (Ti-6Al-4V) using different N/CH, feedgas ratios in a balance of H,. Of
particular interest is a determination of how the film hardness changes with No/CH, feedgas ratio
and how this measurement correlates with the film structure as determined using micro-Raman
spectroscopy, X-ray diffraction, and atomic force microscopy. We find that the broad Raman
peak at 1550 cm™ (attributed predominantly to tetrahedral amorphous carbon) becomes more
intense and sharp with increasing N»/CHj ratio and that the relative concentrations of CH, and N,
are ctitically linked to the hardness of the film. The combination of high film hardness, low
surface roughness, and good toughness is highly desirable (especially for deposition on metals)
and these properties can be optimized by manipulation of the N, and CH, feedgas concentrations.

KEYWORDS: chemical vapor deposition, diamond, nano-structured carbon, nano-indentation,
titanium, hardness, nitrogen

Introduction

Crystalline diamond films of high phase purity and faceted grain structure can be
grown using chemical vapor deposition (CVD) employing CHs4 and H, feedgas. The most
prevalent concentration of CHy4 used to grow such films ranges from 0.2% to 3% of the
total gas flow, although our previous work has shown that similar high phase purity
crystalline diamond films can be grown with CH4 concentrations as high as 15% [1]. We
found that higher CH4 concentration has the benefit of higher growth rates and better
adhesion to the substrate without a dramatic change in film structure. These highly
crystalline diamond films are expected to be as hard as natural diamond. However, the
high-surface roughness characteristic of these films (typically several hundred nano-
meters) prevents their use for applications requiring low-friction surface contacts.

The effects of adding N to the conventional low CHs concentration plasmas has
previously been studied with respect to morphology [2-4], growth rate [5], and quality
[2]. At very low N; concentrations in the range of 10 to 200 ppm the films exhibit
pronounced <100> texture and improved diamond phase purity. Higher N additions (up
to 40% N»/CH, ratio) result in a loss of faceting and a reduction of diamond phase purity.
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These films have been characterized as consisting of nano-crystalline diamond grains
(typically 3 to 30 nm grain size) intermixed with amorphous sp’- and sp*-bonded carbon
[6]. The doping efficiency of nitrogen in the films was shown to be below the detection
limit of X-ray photo-electron spectroscopy, 0.5% (8.5 X 10 cm®), even for films in
which the ratio of N/C in the gas phase was 40% [2]. It has been suggested that the strong
dependence of N; feedgas additions on morphology is not a result of nitrogen
incorporation, but is instead directly caused by nitrogen-related surface processes such as
micro-twinning brought on by changes in gas-phase chemistry and surface kinetics [3].

In this study we show the effects of adding N, to feedgas mixtures with high CH,
concentrations (15% of H, flow rate) and compare this to the case of conventional
mixtures using low methane (1.8% of H, flow rate). The corresponding N,/CHj ratio is
observed to be a critical parameter in determining film structure and properties. The film
structure is characterized by Raman spectroscopy, X-ray diffraction (XRD), and atomic
force microscopy (AFM). Measurements of film hardness have been lacking in previous
studies of nano-structured carbon films produced from N, feedgas additions. Therefore, in
this study we address this issue and use nano-indention techniques® to study the
mechanical response of these films.

Experimental Details

Titanium alloy (Ti-6Al-4V) disks of 7 mm diameter and 1 mm thickness were
prepared by polishing to a surface roughness of 15 nm (rms value) followed by seeding in
a diamond powder/water solution via ultrasonic agitation for 50 min. All experiments
were performed using microwave plasma CVD with an operating pressure of 125 Torr,
microwave power of 675 + 10 W, substrate temperature of 1113 + 15 K, and H; flow rate
of 500 sccm. Five of the experiments were performed using the high methane
concentration (CH, flow rate of 88 sccm) with N, flow rates of 0, 4.4, 8.8, 17.6, and 26.4
scem, respectively. For comparison, one more experiment was performed using the low
methane concentration (CH4 flow rate of 8.8 sccm) and N, flow rate of 8.8 sccm. Each
film was grown to a thickness of approximately 7 pum.

Micro-Raman spectra were collected for each film using an argon-ion laser with
514.5 nm excitation. Glancing angle XRD (1 degree incident beam using Cu-Ko
radiation) was used to determine crystalline structure of the film. Film hardness and
AFM imaging of the film surface was obtained using a nano-indentation system® with
AFM attachment.

Results

Figure 1 shows micro-Raman spectra (background substracted) for all six films
produced in this study having N,/CH, ratios ranging from 0.0 to 1.0. Note that five of the
films were grown using the high methane concentration (CH4 flow rate of 88 sccm) while

3 MTS NANO INSTRUMENTS, Oak Ridge, TN.
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FIG. 1—Raman spectra of carbon films grown using different N»/CH, feedgas
ratios. Note that the last inset on the right (corresponding to a No»/CH, ratio of 1.0) was
grown using the low methane concentration of 8.8 sccm.

the final film corresponding to the lower right inset of Fig. 1 was grown using the low
methane concentration (CHy4 flow rate of 8.8 sccm). Several trends are observed in the
spectra as the N./CHj ratio is increased. First of all, it is clear that the crystalline diamond
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component (sharp Raman peak ca. 1340 cm™)* is decreasing with increasing No/CH,
ratio. Concomitant with the decrease in crystalline diamond content is an increase in the
intensity and sharpness of the Raman peak at 1555 cm™, and for the film grown using the
highest No/CH, ratio of 1.0 the sharp 1555 cm™ peak is the dominant Raman feature.
Deposition techniques for growing carbon films at room temperature such as pulsed laser
or jon-beam deposition exhibit a single, very broad Raman peak at 1555 cm” and have
been attributed to tetrahedral amorphous carbon with an sp® carbon content as high as
85% and hardness near that of diamond [7]. However, the presence of a sharp 1555 cm™
peak as observed for our films grown using a No/CH, ratio of 1.0 is not well understood.
We observe this sharp peak to always be present along with another weaker peak at 1195
cm™, also of unknown origin. Similar Raman spectra have been obtained by Zhang et al.
[8] when using low CHy/high N, feedgas mixtures. The small broad peak at 1140 cm™ is
due to defective or nano-meter-size sp’-bonded carbon crystals. All the films in this study
also exhibit broad Raman bands at 1350 cm™ and 1500 cm™ attributed to amorphous
carbon. The 1350 cm™ band also indicates the presence of small sp’-bonded carbon
clusters of six-fold aromatic rings. The 1500 cm™ band is associated with a mixture of sp’
and sp’ disordered carbon.

The Raman spectra, while complicated and somewhat ambiguous, can still be
useful in forming a simple structural model of the films. The films grown with nitrogen
feedgas additions can be thought of as consisting of small sp*- and sp>-bonded carbon
nano-crystals imbedded in an amorphous carbon host which is itself predominantly sp-
bonded. There are significant differences, however, in the Raman spectra for the films
grown over an order of magnitude variation in No/CH, ratio. It is important to investigate
these differences with respect to the mechanical response and surface morphology of
these films.

Glancing angle XRD was also used to characterize the film structure. The films
were found to be comprised of cubic diamond (a = 35.60 nm) along with an interfacial
titanium carbide (a = 43.04 nm) layer. No graphitic carbon was observed in any of the
XRD patterns. For each film the most intense peaks were indexed to cubic diamond.
However, the intensity and full-width-at-half-max (FWHM) of these peaks varied with
N,/CH, ratio. These variations for the cubic diamond (111) reflection (at 44° 2-theta) are
shown in Fig. 2 for the films grown with the high CHy4 concentration. Consistent with the
Raman spectra, the XRD data show that the crystalline diamond component decreases
with increasing No/CHy ratio. In addition, the FWHM increases with increasing N»/CH,
ratio, indicating a reduction in grain size and/or crystallinity. The Scherrer equation was
used to calculate grain size based on the FWHM of the diamond (111) reflection for films
grown using N,/CHj ratios of 0.10, 0.20, and 0.30. The average grain size from this
calculation was 12 + 2 nm. This assumes that XRD broadening is due to crystallite size
only, and therefore represents a lower limit estimate.

It is interesting to compare the XRD patterns for the films grown with No/CH,
ratios of 0.10 and 1.0 as shown in Fig. 3. The only processing difference between these
films is the concentration of CHy4 used (88 sccm vs. 8.8 sccm, respectively). The most

* This peak position is frequency shifted from the normal 1332 em’! value for stress-free diamond
due to the presence of compressive stress in the film.
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FIG. 2—Effect of nitrogen feedgas addition on the x-ray diffraction diamond
(111) intensity and full-width at half-max (FWHM) for experiments performed using the
high methane concentration [CH; = 88 sccm]. The intensities were normalized to film
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FIG. 3—Glancing-angle XRD patterns for films grown with Noy/CH, ratios of 0.10

(high methane) and 1.0 (low methane). For each film the N, feedgas concentration used
was 8.8 scem.

significant difference in XRD spectra between these two films is that the peaks indexed to
the titanium carbide interfacial phase are much stronger for the film grown using the high
CH,4 concentration. This is expected since higher CH, feedgas concentrations will



132 MECHANICAL PROPERTIES OF STRUCTURAL FILMS

produce a higher flux of carbon species such as C, and CH radicals to the growth surface,
as verified experimentally using optical emission spectroscopy [6]. Note also that the
diamond peak intensities and FWHM values are similar for each film. The FWHM values
for the films with N,/CH4 ratios of 0.10 and 1.0 are 0.67 and 0.65, respectively.
Therefore, both films are expected to have nearly the same diamond crystallinity and
grain size.

Figure 4 shows AFM images for the film grown with N/CHy ratios of 0.0, 0.10,
0.30, and 1.0 at two different scanning magnifications. The well-defined crystal faceting
characteristic of the film grown without N, addition is completely lost for all other films
grown with N; additions. High magnification reveals agglomeration of particles with
nearly spherical shape resembling the so-called “cauliflower” morphology. These images
reveal that the degree of agglomeration, at least for the films grown with the high CH,4
concentration, is lower for higher N,/CH, ratios. This is consistent with the measured
surface roughness values which are lowest for the film grown with the N»/CH, ratio of
0.30. All the films grown with N, feedgas additions were very smooth in comparison to
the film grown without N, feedgas addition. The average root-mean-squared (rms)
surface roughness parameter as measured via surface profilometry [9] was 14 nm for
films grown with the N»/CHj ratio of 0.10.

In order to investigate the mechanical response of these films, nano-indentation
testing was performed. Due to the extreme hardness of these films, blunting of the
diamond indenter tip was a concern. A fused silica calibration standard was tested before
and after each set of indents to determine the severity of tip blunting. Figure 5 shows the
measured hardness vs. indentation depth for the film grown with the No/CHj ratio of 0.30,
along with error bars designating standard deviation for 12 separate indentations. It was
anticipated that this film would exhibit the lowest hardness of all those tested in this
study. The calibration of the instrument using the fused silica standard remained
unchanged after testing this film. The average measured hardness of the film with
standard deviation was 64 + 12 GPa. For comparison, the expected hardness of crystalline
diamond is 100 GPa.

Indentation of the other films in this study resulted in significant blunting of the
diamond tip. With the blunted tip, we performed a single indent on the films grown with
N,/CH, ratios of 0.10, 0.30, and 1.0, testing the fused silica standard between each
indentation. Further blunting of the tip was not experienced for these measurements.
Therefore, a direct comparison can be made of the measured load/displacement curves to
investigate differences in the mechanical response of these films.

Figure 6 shows the load/displacement curves for the films grown with N/CHy
ratios of 0.10, 0.30, and 1.0, as well as for the fused silica standard. It can be seen that for
a given indentation depth, the load is highest for the film grown with N2/CH, ratio of 1.0,
followed second by the film grown with No/CHy ratio of 0.10, and finally by the film
grown with No/CHy ratio of 0.30. In addition, the film with No/CH, ratio of 1.0 shows the
largest elastic response as indicated by the decreased amount of hysteresis between the
load and unloading cycle. Since the hardness of the film with N,/CH, ratio of 0.30 was
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FIG. 4—AFM images for films grown using the No/CH, ratios of 0.0, 0.10, 0.30,
and 1.0. All images in the left column use the 5 um scale and all images in the right
column use the 1 um scale.
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initially measured using a sharp indenter tip, it is stated with high confidence. In order to
estimate the hardness of the other films, we re-tested the known film with the blunt tip
and changed the tip calibration to again reproduce the initial value of 64 GPa. Using this
revised calibration, the measured hardness values for the films grown with N»/CHy ratios
of 0.10 and 1.0 were 81 GPa and 90 GPa, respectively. The trend in these hardness values
is consistent with the load/displacement curves, which show that the film grown with the
N2/CH4 ratio of 1.0 exhibits the highest load at a given depth, followed by the films
grown with No/CHy ratios of 0.10 and 0.30, respectively.

The highly crystalline diamond film grown without nitrogen feedgas addition is
expected to be about as hard as natural diamond. However, when compared with the other
films grown with N, feedgas additions (at the high CH,4 concentration), the crystalline
film suffers from a much lower fracture toughness. This was confirmed by indentation
testing up to 1471 N load with a 3.2 mm diameter tungsten carbide ball. The crystalline
diamond film fractured and completely delaminated at the lowest load of 294 N. Figure 7
shows an optical micrograph of four indentations made on the nano-structured carbon
film grown with a Ny/CH, ratio of 0.10. The indentation loads (clockwise from upper
left) are 294, 588, 981, and 1471 N. In contrast to the crystalline diamond film, no
delamination of the nano-structured carbon film occurs even at the highest load of 1471
N. Figure 8 shows scanning electron micrographs (SEM) of the area around the indents,
which reveal circumferential micro-cracking. These micro-cracks were seen only for
indentation loads of 588 N or higher, and sometimes were not observed until the highest
loads of 1471 N. Higher magnifications may be required to observe nano-cracks
surrounding the lower load indents. The strain to cause micro-cracking was estimated
from calculations of indentation surface areas to be as high as 1.9 + 0.2% [9]. This
represents a significant improvement in toughness over crystalline diamond and other
ceramic coatings that undergo brittle fracture.

SO0 vm-

FIG. 7—Optical micrograph showing a set of four indentations on a nano-
structured carbon film grown using N/CH, feedgas ratio of 0.10. The indentation loads
(clockwise from upper left) are 294, 588, 981, and 1471 N. No film delamination occurs.
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FIG. 8—SEM micrographs showing circumferential micro-cracks surrounding
the indents produced from (a) 294 N, (b) 588 N, (c) 981 N, and (d) 1471 N load.

Discussion

Clearly, the nanostructured carbon films of this study can undergo significant
plastic deformation without brittle fracture occurring. The observed ductility of our nano-
structured carbon coatings is not expected to be a result of dislocation motion because the
grain size (10-14 nm) is too small to act as a sufficient source of dislocation activity.
Instead, nano- and micro-cracks appear to develop with a directionality according to the
nature of the applied load. In this case, circumferential cracks are formed as material
flows outward from the indent. These cracks are not catastrophic and do not resuit in
delamination at the film/substrate interface, nor do they appear to lead to in-film crack
propagation characteristic of a very brittle material. It is plausible that the durability of the
coatings is attributable to the prevention of both of these failure modes by having a
combination of high fracture toughness at the film/substrate interface as well as
microcrack-induced toughness within the film itself. Similar behavior is observed in other
hard/tough nano-composite systems such as those involving nano-crystalline TiC grains
imbedded in amorphous carbon [10].

It is encouraging that the nano-structured carbon films in this study are tough as
well as extremely hard. The film grown with the highest N»/CHy4 ratio of 0.30 has a
measured hardness that is 64% that of natural diamond. The film grown with a N»/CH4
ratio of 0.10 is even harder and is estimated to be 81% as hard as natural diamond. Such
high hardness values imply that the majority of carbon bonds are tetrahedrally
coordinated. The Raman spectra indicate a structure consisting of crystalline and
amorphous carbon phases. Although homogeneous, the nano-structured film may be
loosely defined as a “nano-composite” in which nano-crystalline diamond grains are
surrounded in amorphous carbon which itself has a high fraction of sp> bonds. The
majority of sp’-bonded carbon is expected to reside in the grain boundaries. According to
simulation studies by Keblinski et al. [11], the grain boundary (GB) structure of nano-
crystalline diamond is more ordered than for the case of nano-crystalline silicon because
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of the ability of the carbon to change to sp’ hybridization. Therefore, the relatively high
degree of structural disorder in the mostly fourfold-coordinated silicon GBs is replaced by
bond-coordination disorder in the mostly threefold-coordinated, less structurally
disordered diamond GBs. Most GBs in randomly oriented nano-crystalline diamond are
generic high energy planes but exhibit a high work of adhesion due to the high bonding
density across the GB. It has been suggested that this may result in the dominant fracture
mode being intragranular rather than intergranular.

Based on the load/displacement curves in Fig. 6, the optimum choice for a
combination high hardness/high toughness film corresponds to the N»/CH, ratio of 0.10.
The film with higher estimated hardness grown using the N»/CHj, ratio of 1.0 is expected
to be less tough as observed from the decreased hysteresis between the load/unload curve.
It also suffers from inferior film/substrate adhesion. This is likely due to the much lower
CH, concentration used and the resulting decrease in TiC interfacial layer and diamond
nucleation density.

Conclusion

The trends observed in the Raman, XRD, and nano-indentation data suggest that
nitrogen plays a significant role in manipulating the structure and mechanical properties
of carbon films grown by chemical vapor deposition, By adding appropriate amounts of
N to the feedgas mixture and by using the high CH, concentration (15% by volume), we
can achieve well-adhered, highly fracture resistant films with near-diamond hardness and
low surface roughness. The films are characteristic of load-adaptive nano-crystalline-
amorphous composite materials that exhibit deformation from elastic to plastic at loads
above the elastic limit, as opposed to brittle fracture. Such behavior can be attributed to
the formation of stable micro- and nano-cracks as well as to the high fracture toughness
of the film/substrate interface expected for this system. The mechanisms and reactions
that take place involving nitrogen in the plasma as well as on the surface require further
investigation.
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ABSTRACT: We have developed a technique to determine the local Young’s moduli of the thin
films within a composite stack of CMOS films, without accessing the individual layers during
processing. By fabricating cantilevers of various combinations of field oxide, polysilicon 1, gate
oxide, polysilicon 2, oxide 1, metal 1, oxide 2, metal 2, and overglass, measuring the thicknesses
of each layer in a cross-section SEM, and deflecting the cantilevers with a Tencor Alpha Step
profilometer, we were able to determine the Young’s modulus for each film from elastic beam
theory. The values we determined for the field oxide, polysilicon, and metal layers were in close
agreement with published data on similar but isolated pure films. Values were also determined
for the proprietary interlayer dielectrics and passivation overglass layers whose compositions are
unknown and thus not available in the literature. These results are of use to MEMS designers
utilizing CMOS processes since they do not have control over the mechanical properties of the
films in the process nor are they able to directly measure them.

KEYWORDS: Young’s modulus, beam, CMOS, MOSIS, deflection, residual stress, thin films,
CMOS micromachining

Introduction

Many researchers are utilizing various foundry CMOS processes as the basis for
micro electro-mechanical systems (MEMS), but since these processes are developed for
their electrical properties, the mechanical properties are not optimized. In addition,
MEMS designers have no direct control over the mechanical properties of the thin films
available in the process. CMOS mechanical structures are made up of composite stacks
of proprietary films, so the values available in the literature for single films are not
applicable. In this work, methods were developed and test structures were fabricated to
determine the Young’s modulus of the composite thin films of the AMI 1.2 pm CMOS
process available through MOSIS [1,2]. Foundry CMOS MEMS designers can better
optimize their structures and predict device performance once they have reasonably
accurate material properties in hand.

Young’s modulus has been an extremely difficult parameter to measure in thin
films due to the fragility of the samples and the concomitant problems in their handling
and mounting as well as minutely deforming them and monitoring their motions {3].
Mechanical properties of materials can be investigated on a micron and submicron scale
using submicron indentation testing, wafer curvature testing, bulge testing, and resonant
frequency testing. However, all of these techniques have limitations that restrict their
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utility in experimental studies. A quick and accurate measurement of hardness can be
achieved by the submicron indentation of thin films on substrates, but the large pressure
under the indenter may alter the thin film being tested. The average stress and strain in a
film can be measured with the wafer curvature techniques, but the range of stresses is
limited by the thermal expansion and/or growth mismatch of the substrate and film.
Furthermore, the measured stress is an average value for a large part of the wafer, and this
may mask significant, local fluctuations. The bulge test also fails to provide localized
information even though a smaller test specimen is used for this test [4]. Resonant
frequency measurements of elastic moduli of cantilever beams can be local, but the
experimental error can be large [5]. To avoid some of these difficulties, several
cantilever beams of various composite layers were fabricated and then were scanned with
a Tencor Alpha Step profilometer to generate displacements as a function of force [6].
One advantage of using the profilometer is that residual stress gradients can be calculated
from the profile of the beam. The other advantages of this technique include an
experimental error low enough [4] to be useful for designers and localized measurements
due to micron-scale beam dimensions.

Beam Fabrication

The AMI 1.2 um proprietary CMOS process contains two polysilicon and two
aluminum layers. Figure 1 shows the various thin films in this process along with cross
sections of the typical integrated circuit devices made with them. A total of 105 beams
were fabricated with various combinations of the following films: field oxide, polysilicon
1, gate oxide, polysilicon 2, oxide 1, metal 1, oxide 2, metal 2, and overglass (Fig. 2), but
only nine beams were needed for study. Beam 1 was used to measure individual film
thicknesses, and the rest of the beams were used to calculate Young’s moduli of elasticity
of individual films. Figure 3 shows some of these composite beams. The following are
the compositions of some of these composite beams:

Beam 1: Field Oxide, Poly 1, Gate Oxide, Poly 2, Oxide 1, Metal 1, Oxide 2, Metal 2,
Overglass

Beam 3;: Gate Oxide, Metal 1, Oxide 2, Metal 2, Overglass

Beam 5:  Gate Oxide, Poly 1, Oxide 1, Oxide 2, Metal 2

Beam 8: Gate Oxide, Poly 1, Metal 1, Metal 2, Overglass

In general, a typical beam consists of three to eight films.
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Gate Oxide Poly 1 Giate Oxide Poly 2 Metal | Metal 2

FIG. 1—A typical integrated circuit device made with thin films.

FIG. 2—Beam with thin films before etching.

Lengths of all beams are 175 um ' Beam |
and widths are 50 um

FIG. 3—Photograph of an array of composite beams.
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The length and the width of the beams are 175 pm and 50 um. The length and the
width of the beams were measured by scanning the beams using the Alpha Step
profilometer [11]. Individual film thicknesses were measured by cross sectioning Beam 1
at the section A-A’ shown in Fig. 4. Scanning electron micrographs (SEMs) of the cross
section were taken to measure the individual film thickness (Figs. 5 and 6). Individual
film thicknesses were measured from Fig. 6 by using the micrograph scale and a caliper.
The following are the measured individual film thickness: field oxide: 1.90 um; poly 1:
0.30 um; gate oxide: 0.08 pm; poly 2: 0.30 um; oxide 1: 0.83 pm; metal 1: 0.60 pm;
oxide 2: 0.95 pm; metal 2: 1.00 pm; and overglass: 1.30 um. Based on these results and
the as-designed beam compositions, the thickness of the beams varies from 2.85 um to
7.26 um. The beam thickness was calculated by adding the thickness of the individual
films. For example, Beam 1 consists of field oxide, poly 1, gate oxide, poly 2, oxide 1,
metal 1, oxide 2, metal 2, and overglass films. So, the beam thickness of Beam 1 is 7.26
um.

FIG. 4—Section A-A’ on Beam 1 used for the cross-section.
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FIG. 6—Cross section of beam 1 at 10.0 k magnification.
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During layout, the beams are surrounded on three sides by active areas (this mask
results in thin gate oxide instead of the field oxide), contact cuts (this mask causes holes
in oxide 1), via cuts (this mask causes holes in oxide 2), and overglass cuts (this mask
causes holes in the overglass passivation layer) as shown in Fig. 2. When the chip returns
from the foundry, these regions will have exposed silicon. The chip is then put in a
silicon etchant that attacks these regions of bare silicon and eventually undercuts the
cantilever (Fig. 7), resulting in a released mechanical structure composed of the CMOS
thin films. For this work, we used xenon difluoride (XeF,) [7,8], a gas-phase isotropic
silicon etchant that is selective to silicon dioxide and aluminum, but
tetramethylammonium hydroxide (TMAH) and ethylenediamine-pyrocatechol (EDP) [9]
could also be used.

FIG. 7—Cantilever beam after etching.

After release, the beams bent upward or downward due to residual stress gradients
caused both by stress gradients within each film and differences between the average
residual stress of each film in the composite beam. Compositional or density gradients
through a film thickness, which result in a gradient in the thermal coefficient of
expansion, and other variations in deposition conditions with time can cause residual
stress gradients within a film. These effects vary by material and deposition technique
[3], so the magnitude and sign of the resulting stress gradient is different for each
combination of films.

Analysis
The theory of linear elastic deflection of a cantilever beam with rectangular cross
section has been well developed [10]. For the deflection of a cantilever beam, we have:

v = PL*3EI M

From the above equation, the Young’s modulus, E,;, of an individual composite
beam can be calculated:

Epi = PL*/3v; 2)
where
V= Composite beam deflection,
P = Force applied,
L = The effect of composite beam length,
I = The moment of inertia of the composite beam.
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The composite beam moment of inertia is calculated by adding the moment of
inertia of the individual films. The moment of inertia of an individual film, 7; is
evaluated according to the parallel axis theorem:

L= bhi/12 + Ad 3)
where
b = the beam width,
hj = the thickness of an individual film,
4; = the cross-sectional area of an individual film (A; = bh), and
d = the distance between the centroidal axis of the composite beam and the neutral

axis of an individual film.

It is noted that bA;"/12 represents the moment of inertia of an individual film with
respect to its own neutral axis. For all the beams, the length L was 175 pm, the width b
was 50 um, and the load P exerted by the Alpha Step profilometer was 4 mg.

If the ratio of length and width (L/b) is greater than 3, the calculations for a plate
can be replaced by those for a beam without substantial error {17]. It is valid to use beam
theory instead of plate theory for this study because the L/b ratio of the beams is 3.5. All
the beams were deflected several times using a 4 mg force to verify the elasticity of the
beams. The deflections were repeatable to within 0.1 um, This shows that beams were
elastic after the deflections and therefore Eq 1 was valid for this analysis.

Equation 1 applies to a cantilever beam under a point loading at its tip. However,
the residual stress gradient in these thin film beams causes a distributed moment within
the beam that linearly adds another component to the deflection. That is, the residual
stress results in an additional deflection in the beam. Therefore, two loads of 4 mg and 1
mg were applied to the beams to allow the zero-load deflection (due to the residual stress
gradient) to be extrapolated and then added to the 4 mg load deflection. This total tip-
deflection could then be used in Eq 2.

To evaluate the composite flexural rigidity, E,.l.;, we employ the following
summation formula:

E,l,=3E]I @)
J

It is emphasized that the individual film J; is calculated on the basis of the parallel
axis theorem, Eq 3. Moreover, E; is the individual Young’s modulus of the jth film,
Therefore, we can calculate the Young’s modulus of each individual film by solving the
following linear system of equations for eight selected beams:
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Beam 2: Enolinz = Eil; + Eglg + E7I7 + Eglg (5)
Beam 3: Emslins = Eelg + E7I; + Eglg+ Eolg (6)
Beam 4: Ennalims = Eglg + Eql; + Eolg @)
Beam 5: EmSImS = E212 + E5I5 + E7I7 + EgIg (8)
Beam 6: Emélme = Ealy + Esls + E7I; + Egly (9)
Beam 7: Em7lm7 = Eolz + Esls + Eglg + E7I7 + Eglg (10)
Beam 8: Enmslng = Eoly + Egls + Eglg + Eoly (1)
Beam 9: Emolmo = Eals + Esls + Eql; + Eglg (12)

where E,,; and /,; are the composite beam Young’s modulus and moment of inertia of
beami(i=2,3,4,5,6,7,8,9). There isa total of eight equations and eight unknowns in
the above system of equations. The thickness of gate oxide film was very thin (only 0.08
um) and therefore was neglected in the calculation.

Test Method

The test sample (0.5 x 0.5 cm® die) was mounted on a plastic block using double-
sided cellophane tape and placed under the stylus of the Alpha Step profilometer. The
Alpha Step is normally used to profile patterned thin films during microfabrication.
However, in the technique described here, the Alpha Step is used to mechanically deflect
beams with a given force. The Alpha Step is calibrated for step height with two
calibration standards, one at 9084 A and the other one at 452 A. The calibration
standards are measured five to ten times in the same area and a correction factor is
programmed in as needed. The calibration is done every six months.

The stylus force was set at 4 mg, the optimum for the various thicknesses of
beams. For the thicker beams, the force had to be high enough for the beams to deflect
significantly, while for the thinner beams the force had to be below the buckling limit.

A schematic diagram of the stylus loading is shown in Fig. 8. Preceding the fixed
end of the beam was a 10 pm wide metal 2 line to provide a reference point in the scan.
The stylus scanned the beam from left to right, recording the deflection of the beam as it
moved. The procedure was repeated for a 1 mg stylus force.

Results

Figure 9 shows typical deflection data for the bending of a composite beam under
a 4 mg force. The tip deflection of the beam is very clear. After reaching the tip of the
beam, the stylus of the Alpha Step profilometer drops sharply as shown in Fig. 9. The
films of this composite beam are gate oxide, metal 1, oxide 2, and overglass. Figure 10
shows the deflection data for the bending of the same composite beam under a 1 mg
force. Even with a 1 mg force, the effect of the residual stress gradient is clear—the
beam was still bent upward by 1.4 pum. In Fig. 9, the downward deflection of the beam
due to a 4 mg force is 4.1 pm. Zero load deflection due to the residual stress gradient was
extrapolated from the 1 mg and 4 mg deflection data. This zero load deflection was then
added to the 4 mg deflection to get the effective tip deflection of 7.3 um. Similar
deflection data for all the beams are shown in Table 1. Negative deflection data in Table
1 indicate upwardly bent beams.
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FIG. 8—Schematic diagram of stylus loading.
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FIG. 9—Deflection curve of a composite beam at 4 mg force.
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FIG. 10-—Deflection curve of the beam shown in Fig. 9 at 1 mg force.

Using the force-deflection data from the experiment and the equations mentioned
in the “Analysis” section, the Young’s moduli of the individual films are calculated.
Table 2 shows the values of Young’s moduli with uncertainties for the individual films
from this experiment along with published values for similar films.

TABLE 1-—Beam deflection data.

Beam Deflection Deflection Zero Load Deflection Due to Beam Tip
1 mgLoad 4 mgLoad Residual Stress (um) Deflection, v
(pm) (pm) (pm)

2 0.3 22 -0.3 2.5

3 4.7 7.3 38 35
4 -1.4 4.1 -3.2 7.3
5 3.2 7.5 1.8 57
6 1.5 4.0 0.6 34
7 3.5 6.1 2.7 34
8 -1.4 1.7 2.4 4.1
9 3.7 7.9 2.3 56
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TABLE 2—Values of Young’s Moduli.

Film Young’s Modulus, E E (Published Literature)
(GPa) (GPa)

Field Oxide 76.6 +7.5 73 (bulk) [12]
70 (film) [13]

Poly 1 164.8 £ 16.2 181 (bulk) [14]
160 (film) [15]

Poly 2 1723 +£16.9 181 (bulk) [14]
160 (film) [15]

Oxide 1 90.9+89

Metal 1 66.4+6.3 70 (bulk) [16]
74 (film) [16]

Oxide 2 587+58

Metal 2 71.3+79 70 (bulk) [16]
74 (film) [16]

Overglass 136.3+£13.8

Discussion

The Young’s moduli found in this experiment are in good agreement with the
published data. In Table 2, agreement is found between the value determined for field
oxide and with both bulk [12] data and thermally grown SiO, film [13] data. Field oxide
is usually a high-quality wet-thermal oxide, and our measurements provide confirmation
that AMI is using such a film. The experimental data for poly 1 and poly 2 are also in
agreement with the bulk published data [14] and LPCVD polysilicon film data [15],
which again confirms that AMI is using a standard film and that our experimental
technique is valid. Both metal | and metal 2, which are aluminum, are in good agreement
with both bulk [16] and sputtered film [16] published data. The interlayer dielectrics
(oxide 1 and 2) and the passivation layer (overglass) are proprietary films or
combinations of films that may include silicon dioxide, silicon nitride, and oxynitride
deposited through a variety of techniques including LPCVD, PECVD, and spin-cast sol-
gel. Therefore, it is not possible to compare the experimental data for them with
published data for pure films. This proprietary mix is confirmed by the differences
between our measurements for the three films and the differences with published values
for pure SiO, films. However, this proprietary and composite nature was an additional
motivation for this study, since without these measurements we could not predict the
Young’s moduli for these films. From the experiment it is also clear that AMI uses the
same process for poly 1 and poly 2 because the difference in experimental data between
these two films is only 4.6 %.

The difference between the above experimental data and the published data of
Young’s modulus could be due to the difference in the AMI process and the exact
processes used in the published data, such as the percentage of water used in the wet-
thermal oxide. Additional differences can be attributed to experimental errors. The
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thicknesses of composite beams and individual films were measured from the SEM
photograph of a beam cross-section. In addition to the above measurement, die-to-die
thickness variations, thickness variations along the length of the beam, and differences
due to overetches on beams with different layer compositions could lead to 0.04 pm or
5.4% error in the beam thickness measurement. During the experiment it was very hard
to place the stylus at the center of the beam due to the limitations of the Alpha Step
profilometer. There could be some torsional effects on the beam force deflection data if
the stylus was not exactly at the centerline of the beam. At | mg force the stylus was
noisy during the first 35% of its scan path (Fig. 10); this might have contributed some
error to the beam deflection data at 1 mg force. The total error in measuring the
deflection of each beam was 0.2 um or 6.4%. In measuring the effective lengths of the
beams with the Alpha Step profilometer, a maximum error of up to 1.0 pm or 0.6% was
estimated. The error involved in the measurement of widths of beams with the Alpha
Step profilometer could be as large as 1.0 um or 2.0%. The error in the force exerted on
the beams was 0.1 mg or 2.5%. Using the Propagation of Uncertainties technique [18],
these errors result in uncertainties of 9.5% to 10.2% in the Young’s moduli of elasticity of
individual films as shown in Table 2.

Conclusion

We have developed a technique that allows us to determine the local Young’s
moduli of the thin films within a composite stack of CMOS films, without requiring
access to the individual layers. The values we determined for the field oxide, polysilicon,
and metal layers were in close agreement with published data on similar but isolated pure
films. Values were also determined for the proprietary interlayer dielectrics and
passivation layers whose compositions are unknown and thus not available in the
literature. These results are of use to MEMS designers utilizing CMOS processes since
they do not have control over the mechanical properties of the films in the process.
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ABSTRACT: The dispersion relations of surface acoustic waves (SAWs) of layered structures
can be measured by quantitative acoustic microscopy, laser acoustic methods, and surface
Brillouin scattering. Since methods are available to compute SAW dispersion relations as
functions of material properties (direct problem), material properties can be derived fitting the
computed velocities to the measured ones (inverse problem). The stability and robustness of the
inverse problem solution for an isotropic supported thin film is studied with an appropriate
sensitivity analysis. The elastic constants that mainly determine each branch of the dispersion
relations are pinpointed: the constants that are more reliably determined in each range of film
properties are thus identified. Simulations allow one to estimate the level of experimental errors,
either in SAW velocities or in film density and thickness, which still allow a meaningful solution
of the inverse problem.

KEYWORDS: acoustic waves, surface waves, thin films, elastic constants, inverse problem,
sensitivity analysis

Introduction

Solids support bulk acoustic waves and surface acoustic waves (SAWs). They are
solutions of the elastodynamic equations [1,2], and their velocities can be computed as
functions of the elastic properties. Measurements of the velocities of acoustic waves can
thus be exploited to derive material properties. In the case of bulk waves in homogeneous
media velocities can be expressed in closed form as relatively simple functions of mass
density and elastic constants [3]: derivation of the elastic constants from measured
velocities and mass density can be rather direct [4]. In the case of SAWSs the dependence
of velocities on material properties can be non trivial [5]: closed form expressions are
generally not available, and velocities are obtained as the outcome of numerical
computations. In particular in the case of layered structures formed by homogeneous
layers the velocities depends on the mass densities and the elastic constants of all the
layers, on the thicknesses of the layers, on wavelength and on the boundary conditions at
the interfaces among layers [6]. If the layers are not isotropic velocities further depend on
propagation direction. Methods are available to numerically compute the velocities of
SAWs in multilayers [7—10], at least in the case of perfect adhesion, well schematized by
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continuity of both displacements and stresses across each interface.

SAW velocities can be measured by several methods, including quantitative
acoustic microscopy [8,11-13], laser acoustic methods [14-17], interdigital transducers
[18,19], and surface Brillouin scattering [20-25]. The methods are different and operate
in different frequency ranges, but their outcome can anyhow be put in the form of SAW
dispersion relations, i.e., velocity v as function of wavelength or wave vector gj.
Measured dispersion relations of SAWs in layered structures can be exploited to derive
material properties of the layers, namely their elastic constants, by fitting the computed
velocities to the measured ones [8,13-17,19,25-32].

The reliability of results has to be assessed: which elastic constants can be
obtained? Which level of measurement accuracy is required? This work addresses these
questions. The spectrum of SAWs is recalled first, to better analyze the information
contained in their dispersion relations. The data analysis procedure to derive the elastic
constants is discussed next. A sensitivity analysis identifies the elastic constants, which
are better determined, and simulations give indications on the level of accuracy of
velocity measurements, which allows a meaningful derivation of the elastic constants.

The Spectrum of Surface Acoustic Waves

For simplicity, the spectrum is discussed with reference to isotropic materials;
indications on the consequences of anisotropy are then given. Materials are characterized
by mass density p and the elements of the tensor of the elastic constants: in matrix
notation, Cj. In isotropic solids all the elastic constants are determined by only two
independent quantities, additional quantities being required by anisotropic materials [33].
In a homogeneous solid bulk waves, of wave vector q and circular frequency o, are either
longitudinal or transverse, their velocities being respectively v; and v,. Thermodynamic
stability requires that v, < v; [1]. In presence of a surface, if the longitudinal direction is
parallel to the surface itself the two transverse directions, normal and parallel to the
surface, can be distinguished. With a denomination borrowed from geophysics these
directions are respectively called shear vertical and shear horizontal; the plane defined by
the longitudinal and the shear vertical directions is called the sagittal plane.

At a surface, either an external surface or an interface, translational symmetry is
broken in the direction normal to the surface, and SAWSs can exist. Such waves travel
along the surface, their strain field being confined in the neighborhood of the surface
itself {5,6]. They are characterized by the wave vector component paraliel to the surface
q;, which is a real quantity, while the component q, orthogonal to the surface has an
imaginary part, meaning that the displacement field decays with depth. The velocity
parallel to the surface of an acoustic excitation is called here vj = w/). Velocities of
SAWs are intrinsically parallel velocities, and are simply indicated by v.

The spectrum of acoustic excitations at a free surface is formed by a discrete part
and a continuum part, separated by a threshold velocity vy,, the lowest v, achievable by

bulk waves. In an isotropic medium vy, simply coincides with the velocity v, of a

hypothetical transverse bulk wave having a wave vector parallel to the surface (although
such a wave cannot exist because it does not satisfy the boundary conditions at the free
surface); in an anisotropic medium, its determination can be more involved [34]. At v >
vy the spectrum is a continuum because any such parallel velocity can be achieved by
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bulk waves being reflected by the free surface at a proper angle, while at vy < vy, the
elastodynamic equations admit wave solutions only at a discrete set of velocities [2].
These solutions are the proper SAWSs. The continuous spectrum for v > v, can also have
sharp maxima: they correspond to acoustic modes which are not properly SAWs, but still
have a displacement field mainly localized in the neighborhood of the surface and a well
defined velocity. Such modes are called pseudo surface waves. In isotropic media SAWs
and pseudo surface waves polarized in the shear horizontal direction decouple [7] from
those polarized in the sagittal plane, which generally have both longitudinal and shear
vertical components.

At the external surface of a thick slab (a bare substrate) a single SAW generally
exists, the Rayleigh wave (RW) [5], which has sagittal polarization. It has velocity v and
a displacement field that penetrates into the medium up to a depth of the order of 2n/g). A
single pseudo surface wave can also exist: the so-called High Frequency Pseudo Surface
Wave (HFPSW), which is also polarized in the sagittal plane. It is also called
Longitudinal Resonance (LR) because at the surface it is analogous to a longitudinal
wave, of velocity v,, travelling parallel to the surface. At the interface between two thick

layers the Stoneley wave can instead exist, but only for restricted ranges of the elastic
properties of the two layers. In thick media the elastodynamic equations and boundary
conditions do not depend on any characteristic length: accordingly, velocities do not
depend on wavelength or on gj.

When a homogeneous film of thickness / is deposited on the substrate, it modifies
the spectrum of SAWs. A discontinuity of material properties is present at the
characteristic depth 4: accordingly, SAW velocities depend on the ratio of the wavelength
to 4, i.e., on the product ¢4. This is evident in Fig. 1, which shows the dispersion relation
for a silica layer on a silicon substrate, computed [6] by literature values of material
properties [35,36]. The corresponding power spectra of the displacement components
were also computed [7], and are shown in Fig. 2. The threshold velocity vy, is determined
by the substrate, in which the displacement field eventually decays. A modified Rayleigh
wave (MRW) generally exists, of velocity vazw. For gjh < 1 the strain field of the MRW
extends far beyond the film (see Fig. 2, left) and vpzw approaches the Rayleigh velocity of
the substrate vi™*’, while for g2 >> 1 the strain field of the MRW is essentially confined

within the film (see Fig. 2, right) and v,,, approaches the Rayleigh velocity of the film
v Accordingly, among the supported film structures, a distinction can be made
between the slow film cases (v{™ < v{**) in which the dispersion relation vagw (q)#) is
a decreasing function of gy (see Fig. 1), and the fast film cases (vi™™ > vi**) in which
the dispersion relation is instead an increasing function.
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velocity [km/s)

q,n
FIG. 1—Dispersion relations for SAWs in a amorphous silica (SiO;) layer of
thickness h on a crystalline silicon (001) substrate. Propagation along [100] with
wavevector q|. v threshold velocity; MRW: modified Rayleigh wave; SW1, SW2:
Sezawa waves; LR longitudinal resonance.

In the fast film case only a modified HFPSW can at most exist, beside the MRW,
A slow film can instead act as a waveguide and support guided waves: those polarized in
the sagittal plane are called Sezawa waves (SW) [6] and are reminiscent of the Lamb
modes of a free standing slab (see Fig. 2). Their velocities vsw are decreasing functions of
qyh and lie between vmrw and vie. As it can be seen from Fig. 1, any SW typically exists
only for a finite range of ;. The number of supported SWs is an increasing function of
gih and depends on the difference among the film and substrate properties. It can be seen
from Fig. 2 that SWs, as well as the MRW, have both vertical and longitudinal
components. Guided waves polarized in the shear horizontal direction can also exist: they
are called Love waves [36,37]. Also in the case of a slow film, above vy, a HFPSW can
exist, called LR because of its predominant longitudinal polarization (see Fig. 2).

In the case of muitilayers the variety of modes increases; if all the layers are
isotropic decoupling still occurs between modes polarized in the sagittal plane, still called
Sezawa waves, and modes polarized in the shear horizontal direction, still called Love
waves. In anisotropic media (crystals), either bare substrates or single layers or
multilayers, velocities generally depend on the propagation direction. A distinction can be
made between propagation along high symmetry directions and along any other direction.

If the sagittal plane is a plane of mirror reflection symmetry for the whole
structure, decoupling still occurs between modes polarized in the sagittal plane and in the
shear horizontal direction: most of the above description for the isotropic case remains
valid. In the other directions instead all the three polarizations remain coupled, and waves
generally have truly three directional displacements.

It can be noted that in acoustic microscopy and in laser acoustic methods, and in Brillouin
scattering when the specimen surface is metallic, coupling with the acoustic
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FIG. 2—Power spectra, functions of velocity and depth, of the longitudinal and
vertical displacement components of the SAWs of Fig. 1. Power spectra are represented
by their contour lines. Each type of SAW gives a peak in either or both components:
velocity and localization of displacement field are thus identified. Left: qyh = 4.71; Right:
: qyh = 0.84. MRW: modified Rayleigh wave; SW1, SW2: Sezawa waves; LR: longitudinal
resonance.

waves occurs only by the ripple effect, the dynamic corrugation of the external surface
due to the shear vertical displacement component. The RW, the MRW, and several SWs
are thus observable, while all the shear horizontal waves and the waves which, at the
external surface, have a mainly longitudinal polarization, such as the HFPSW and some
of the SW, remain nonobservable. The latter group of waves can be observed only by
Brillouin scattering from transparent or semi-transparent specimens [36,35].

Derivation of the Elastic Constants

This work focuses on a specific application: derivation of the elastic constants of a
supported monolayer. Perfect adhesion of the film of thickness / is assumed; substrate
and film are characterized by their respective mass density and tensor of the elastic
constants, p, C;® and p, C;. SAW velocities can be computed [5-10,13,18,21,39~
41] as functions of physical properties, obtaining the computed values ve(p®, Cij(s), p®,
C,-)-(ﬂ; gyh) (direct problem). These values can be fitted to the values vm(q)#) measured by
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any of the mentioned techniques, obtaining the values of the physical parameters. The
amount of information contained in the measured velocities does not allow the derivation
of many parameters: the properties of the substrate must be known. Furthermore, other
methods like X-ray reflectivity and/or diffractometry, transmission electron microscopy,
profilometry, are available to measure film thickness and mass density. Methods to
directly measure the elastic constants are instead less available, the methods based on
indentation also giving to this purpose rather indirect results. Fitting of the computed
velocities to the measured ones can therefore be exploited to derive the film elastic
properties, assuming that thickness and density are independently measured. .
All the other parameters being known, the velocities for. a set of values quh(’)
remain functions of the film elastic properties alone: v."’ (Cijm). If the measured velocities
ve” are available with their variances a,,” the most probable values of the elastic
constants are identified by the minimum of the generalized least squares (GLS) estimator
[31,42,43]
V(€O =yt 2

i

GLS(C{") =3, 1)

o-'(nj)
Once the most probable values -q are found (the superscript @ is understood),

the normalized GLS estimator GLS(C,].)/GLS(C_,.J.) gives, via the F distribution (the

Fisher function), the confidence regions at any given confidence level.

The reliability and robustness of these results have to be assessed [44], answering
the following questions: which is the precision of the results? Can all the elastic constants
be found with the same precision? Which precision is required from the various
measurements (thickness, density, velocities) to make the derivation meaningfully
possible? This work addresses these questions by a case study: an isotropic film on a
crystalline silicon substrate, namely the (001) face of a silicon crystal on which velocity is
measured for propagation along the [100] crystallographic direction. The MRW is
analyzed in detail, because it is present, irrespective of the nature of the film; the
information obtainable from the next branch of the dispersion relation, a SW or HFPSW
according to the nature of the film, is then assessed.

The question about the precision of the obtained values C—U has not a general

answer, but has a heuristic answer: as noted above the same normalized GLS estimator
identifies the confidence regions, if the variances 6, are correctly evaluated. Experience
with different applications, and several simulations, indicates that the achievable
precision depends on several factors. The choice of the elastic constant of concern and the
quality of velocity measurements, i.e., the 6, values, are the most important ones, and
are discussed in the following sections. It must however be remembered that the explored
range of g4 also has an influence, since it is often not possible to explore a wide interval
of g). If the explored range entirely lies at g4 < 1 it is in a region in which the MRW
penetrates deeply into the substrate (see Fig. 2, left): its velocity is mainly determined by
the substrate and is less sensitive to the film properties. If on the other hand it entirely lies
at gyh >> 1 it is in a region in which the MRW hardly reaches the substrate (see Fig, 2,
right): the film essentially behaves as a semi-infinite medium and the MRW approaches
the film RW. In this case the RW velocity precisely identifies a combination of elastic
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constants, but only that combination. A quantitative background is thus given to a
perhaps intuitive rule of thumb: when a film of thickness % is involved, the waves most
affected by its presence are those having a wavelength comparable with 4. This gives a

criterion to select the most appropriate measurement technique for any given film
thickness.

Sensitivity to the Various Elastic Constants

The various elastic constants are not identified with similar accuracies, due to the
fact that the computed velocities are not sensitive to each elastic constant in the same
way. In order to evaluate the sensitivity of computed velocities to the various constants, a
sensitivity analysis study has been performed. As mentioned above the case of an
isotropic film on a crystalline silicon substrate is considered. The results depend on the
ratio of the properties of the film to those of the substrate, rather than on the values for
each of them. Results are therefore expressed in terms of the ratios, such as pw/p(s), and
are thus applicable to any substrate/film combination, except for the fact that they are
obtained with a substrate which has the specific cubic anisotropy of silicon. However
most of the results provide very clear answers, and it cannot be expected that these
answers be modified if the substrate is isotropic or has a cubic anisotropy ratio different
from that of silicon. Only substrates with a strong anisotropy and a low symmetry could
be expected to introduce significant modifications of the results. An earlier version of this
study was performed specifically for surface Brillouin scattering [45].

Several parameters are available to characterize the elastic properties of the
isotropic film: the elastic constants Cj; and Ca4, the Young's modulus E, the shear
modulus G (in the isotropic case G = Cy4), the bulk modulus B and the Poisson's ratio v.
In the isotropic case any two of these quantities can be taken as independent and
determine all the others. In the anisotropic case the complete characterization requires
more independent quantities, and all these parameters become direction dependent. The
silicon substrate being cubic, it is fully characterized by a third constant like C»; its £ and
v have been computed for the considered propagation direction [100]: E =130.5 GPa and
v =0.278 [35], the mass density being p = 2330 kg m™,

An analysis of the relationships among the various quantities for the isotropic case
shows that £ and G are more closely related and, loosely speaking, are more
representative of the behavior under uniaxial states of stress. On the other hand C1;, B and
v are also more closely related and more representative of the behavior under triaxial
states of stress (despite the way v is defined). In order to assess the sensitivity to the
various parameters it is appropriate to pick one parameter from each group. £ and v are
selected, because they often are more directly of interest for the characterization of a
material, and because of the simplicity in the definition of the domains of interest. The
elastic constants must in fact satisfy thermodynamic stability limits due to the physical
requirement that the elastic strain energy be definite positive. In terms of £ and v these
requirements simply state that -1 <v < 0.5; since for practically all the known materials v
is non negative, the interval 0 <v < 0.5 is considered.

The computed velocities v, are thus considered as functions of E® and v of the
film material. In order to assess the sensitivity to the various elastic constants and to the
independently measured quantities, the sensitivity study is performed assuming that the
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substrate properties p*, E® and v® are known without uncertainties, as well as the values
of gy (determined by the measurement geometry). The film mass density and film
thickness instead, being the outcome of independent measurements, are assumed to be
affected by uncertainties. The computed velocities are therefore considered as functions
of four variables: v, = vc(p(o, Em, V(O, h) and the sensitivities to each of them are
evaluated.

The analysis is performed by the method of Sobol [46,47], which identifies first
order sensitivity indices and higher order indices, up to the total sensitivity indices TS(E),
TS(v), TS(p) and TS(#) which take into account all the possible interactions among the
various parameters. These indices vary between 0 (null sensitivity) and | (maximum
sensitivity), and it is worth noting that, due to the non linear dependence of the computed
v, on the input parameters and to the possible interactions, the sum of all the TS is not
necessarily 1. The analysis is performed picking several regions in the four-dimensional
space, chosen as follows: firstly, values of / are taken such that the product g is of the
order of unity, i.e., the order of magnitude the most appropriate for this kind of
derivation. Intervals of g/ are considered such that the ratio of the maximum to the
minimum is 3 or less: this is typical amplitude of the interval scanned by surface Brillouin
scattering. To the values of 7 uncertainties are associated as +5% and +15%. Five values
of p® are considered: they scan the interval of p™/p" from 0.35 to 7.6, which
corresponds, for a silicon substrate, to the full meaningful range from 10° kg m™ to 18 x
10° kg m. Uncertainties are associated to the density values, which are representative of
those achievable by X-ray reflectivity measurements [45].

For the elastic constants the whole physically meaningful region of the (ED, vy
plane is considered: (0 < ED <Ediamond ,» 0 <yP <0.5); with a silicon substrate this means 0
<EW/E® <77 and 0 <"V <]1.65. For each value of p¥/p® this region is divided in
three parts, corresponding to the slow film case, the fast film case and a transition region
arising from the uncertainty associated to the density. The three cases are considered
separately because they correspond to different shapes of the dispersion relation (see
above). For each region the sensitivity indices are computed at 128 points uniformly
distributed within the region itself, in order to assess the possible variations of the indices
with the physical parameters. The indices turn out to be remarkably stable: in each region
nearly all the values computed at the 128 points lie within an interval of £0.1 around their
mean value. Furthermore, the fluctuations around the mean value are essentially random,
and do not identify trends correlated with the values of the physical parameters. An
example, chosen among those, which exhibit the wider fluctuations, is shown in Fig. 3. It
is therefore appropriate to consider only the average values over each region, since they
are fully representative of the results throughout the whole region.

A synopsis of the results from the various regions is presented in Fig. 4. The total
index TS(E) turns out be always close to one, meaning that sensitivity is always high and
the possibility of deriving its value is always good, while the total index TS(v) is always
close to zero, meaning that sensitivity is always low and that a good determination of v is
essentially impossible. Both the total indices TS(p) and TS(#) are also low, meaning that
the sensitivity to both parameters is low and that a very high accuracy in their
determination is not crucial. This was confirmed by the similarity of the results obtained
by the two uncertainty levels for # mentioned above, and also by halving the uncertainty
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Tota! sensitivity indices

FIG. 3—Total sensitivity indices TS(E) and TS(v) evaluated at 128 points in an

(E, v) region, which corresponds in Fig. 4 to the Transition case with density ratio
around 2.5. The surfaces are smoothed interpolations of the computed values, only a
guide to the eye.

level for p. In particular, the impossibility to obtain a precise value for v is not due to the
uncertainties of p and A, but is intrinsically due to the limited dependence of the computed
velocities on v itself. On the other hand, the low sensitivity to p and 4 means that £ can always
be determined to a reasonable precision, even when density and thickness are not known to a
high precision, or when the film thickness is not perfectly uniform, as it easily happens in
practice.

1.

The outcome of the sensitivity analysis can be summarized as follows:
The dispersion relation of the modified Rayleigh wave (MRW) strongly depends on
the film Young modulus £; the shear modulus G being strongly correlated to E, they
both can be found. The dependence on v, B and Cy; is instead such that they cannot be
determined. This conclusion holds true both for films acoustically slower and faster
than the substrate.
The above conclusion does not depend on film properties, and holds for uncertainties
in A and p up to at least several percent; better precisions for these parameters do not
significantly improve the determination of the elastic constants;
The number of velocity measurements improve the determination of the elastic
constants because the experimental errors are better averaged out, but the width of the
explored interval of gj/ has only a minor influence;
If a further branch of the dispersion relation is present and can be measured, beside
the MRW, the type of additional information depends on the type of structure. In the
slow film case the next branch is a Sezawa wave. This type of wave is not more
sensitive to v and B, and its detection is beneficial only because it provides additional
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velocity measurements. In the fast film case instead the only possible additional
branch is a HFPSW, or Longitudinal Resonance; the velocity of this type of wave is
more sensitive to v and B, and improves the possibility of deriving their values. As
already noted this type of wave can be detected only by surface Brillouin scattering.
According to these findings E and G are the two constants which are more likely to be
determined. The velocities are therefore computed as vc(p(ﬂ, E® GO h) and the GLS estimator
(Eq 1) is accordingly defined, obtaining results in the (E, G) plane.
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FIG. 4—Total Sensitivity Indexes TS(v) and TS(E) for Poisson’s ratio and Young’s modulus
evaluated for several Fast Film, Transition and Slow Film cases. For each density ratio interval the
intervals of Young’s modulus ratio (thick line) and Poisson’s coefficient ratio (thin line) are shown. The

considered intervals of q,h (dashed bar) are also shown.
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Effects of Velocity Measurement Precision

It has been shown that the derivation of the elastic constants is best performed in
the (E,G) plane. It has been found that an extreme accuracy in the measurement of film
thickness and mass density is obviously beneficial but is not crucial. The question
remains to be answered on the accuracy required to the measured velocities v,” (see Eq
1). This requirement has been explored by simulations. For a given (E,G) couple the
velocities v’ are computed; pseudo experimental velocities are obtained perturbing the
v values by values picked at random from normal distributions of predetermined
variance; the (E,G) are then found exploiting these perturbed values as “measured”
velocities vy,

One of the simulations, fully representative of the results obtained by many
simulations performed around various nominal layer properties, is shown in Figs. 5 and 6.
This one involves a hypothetical heavy and stiff layer, having properties comparable to
those of a very heavy ceramic layer, namely p(f) =11x10° kg m>, E® =450 GPa and G
® = 200 GPa, ie., pYp® = 4.72, EYE® = 3.45 and VV® = 0.45. The computed
dispersion relation is shown in Fig. 5, together with two sets of pseudo experimental
velocities obtained by samplings from normal distributions having variances of 0.5%
(case (a), smaller perturbation) and 1.6% (case (b), larger perturbation), respectively.
Derivation of the (E,G) couple by the first set of pseudo experimental data gives E =
454 GPa and G = 196 GPa with the confidence region of Fig. 6a); derivation by the
second set gives £” = 460 GPa and G = 174 GPa with the confidence region of Fig,
6b). The dispersion relations computed by these two couples of values are also shown in
Fig. 5.

The following comments can be made. Firstly, results are always better
represented by the two-dimensional confidence region, which only gives a precise
evaluation of the uncertainty. Limits like e.g. E? = (454 19,0) GPa and G ¥ = (196 + 20)
GPa could be given, but they do not discriminate between confidence regions of
rectangular or non rectangular shapes. Secondly, in case a) the confidence region
encompasses a limited area, is closed well within the thermodynamic stability region G >
E/3 and only marginally extends in the region G > E/2 corresponding to v < 0. To most
purposes the determination of (£,G) of Fig. 6a) can be considered as a good
determination. The case of Fig. 6b) gives instead an (£,G) couple which is more shifted
from the original one and, more importantly, a confidence region that becomes very wide,
would extend in the thermodynamic instability region G < E/3 and widely extends in the
region G > E/2. E and G remain poorly determined, and more meaningful results can be
obtained only considering additional physical knowledge, like e.g. considering only the
part of the confidence region which satisfies the condition £/3 < G < E/2 [42].

The above example is fully representative of many other simulations. A threshold
cannot be given, because the width of the confidence regions is a smoothly increasing
function of the uncertainty of the measured velocities, but a guideline, valid in most
cases, can be given in the following terms. If the inaccuracy of the measured velocities
remains of the order of 0.5% a good determination of E and G is generally possible, while
when the inaccuracy exceeds 1% the determination becomes poor or impossible. The
results of the sensitivity analysis of the previous section are confirmed by the fact that
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FIG. 5—Computed dispersion relation of the MRW (continuous line) for a sample
case (see text) and pseudo experimental dispersion relations obtained perturbing the
computed values by a smaller (*, case (a)) and a larger (o, case (b)) amount . Dispersion
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thermodynamic stability limit G = E/3 corresponding to v = 0.5 (continuos lines) and the
line G = E/2 corresponding to v = 0 (dashed lines) are shown.
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even when E and G are well determined the corresponding confidence region can
encompass a wide interval of values of either v or B, due to their gradients in the (E,G)
plane.

Conclusions

The velocities of surface acoustic waves of layered structures can be measured by
various experimental techniques and can be exploited to derive the elastic properties of
supported films. The elastic constants can be derived if the film thickness and mass
density are independently measured. Derivation is based on the computation of velocities
predicted with given values of the physical parameters, and on fitting of the computed
velocities to the measured ones. The data analysis procedure is assessed in detail, with
reference to an isotropic layer on a crystalline silicon substrate, by simulations and a
sensitivity analysis. The most appropriate wavelength interval is that for which gy is of
the order of unity.

It is found that measuring the dispersion relation of the modified Rayleigh wave
Young’s modulus and shear modulus can be determined, while Poisson’s ratio and bulk
modulus remain essentially undetermined. The latter can be determined only in the fast
film case and if the longitudinal resonance can be detected. It is also found that
uncertainties of few percent in the measurements of thickness and density do not prevent
the derivation of the above moduli. The velocity measurements must have an accuracy of
the order of 0.5% to allow a meaningful derivation of the elastic moduli; inaccuracies
above 1% generally prevent a good determination of the moduli. Surface Brillouin
scattering achieves a sufficient accuracy if measurements are carefully conducted [48,49].

In the considered case study these conclusions are well established for wide
ranges of film properties; they are expected to hold true also in cases with not too
different symmetry, like an isotropic substrate. In principle the methodology can be
extended to more complex structures, like anisotropic crystalline films or multilayered
structures, like buried films. Extension implies a higher number of independent variables.
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ABSTRACT: Knowledge and control of residual strain is critical for device design in MEMS,
and therefore it is important to establish standards for residual strain measurement. In this study,
pointer, microring, bent-beam, and fixed-fixed beam test structures are used to evaluate residual
strain both theoretically and experimentally. An equation that enables easier evaluation of bent-
beam structures is derived. Also, a finite difference model that incorporates the non-idealities of
fixed-fixed beams and determines an optimum fit to the measured deflection curve is presented.
The model allows accurate residual strain evaluation of each buckled fixed-fixed beam.
Experimentally, pointer structures were found to be susceptible to adhesion. Microrings,
intended for residual tension assessment, also could not be evaluated because the residual strain
was compressive. Bent-beam and fixed-fixed beams could both be evaluated. The main
criterion for test structure effectiveness was taken to be the repeatability of residual strain on
structures in close proximity; each should exhibit the same value. Using optical microscopy, the
residual strain of bent-beams was determined with + 13 pe repeatability based on standard
deviation of adjacent structures of similar design. Using optical interferometry, the residual
strain of fixed-fixed beams was determined with + 2 e repeatability based on standard deviation
for adjacent beams of different lengths. The strain values obtained from the two structures are in
reasonably good agreement. Cantilevers were also evaluated to obtain film curvature values.

KEYWORDS: residual strain, MEMS test structures, bent-beams, microrings, pointers, fixed-
fixed beams, cantilevers, optical metrology

Introduction

Polycrystalline silicon (polysilicon), used in integrated circuits and
Microelectromechanical Systems (MEMS), is commonly deposited by chemical vapor
deposition. Residual strain in polysilicon thin films is a result of the interactions of many
factors that may be present during deposition, including thermal environments, dopants,
impurities, and grain coalescence, orientation and growth, and surface as well as
interfacial stress [1-6]. Because of the importance of residual strain in mechanical design
and as a measure of fabrication control, many techniques and structures have been
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suggested for residual strain measurements. However, it remains difficult to quantify
strain to a known accuracy. Further, it is not known whether various laboratories will
measure the same value even on the same structures. Usually, low residual strain is
desired for device designs, leading to test structure designs that must be highly compliant
to enable strain evaluation. Depending on the test structure design, this can lead to
adhesion (i.e., stiction) or out-of-plane buckling that can render the test structures
ineffective.

To address these issues, a round robin evaluation of test structures was organized
and sponsored by the American Society of Testing and Materials (ASTM) Task Group
E08.05.03. The intent of the study was to use passive structures that have been
previously proposed and that could be easily analyzed. Pointers [7], bent-beams [8,9]
microrings [10], and fixed-fixed beams [11-14] were chosen. Cantilevers [15,16] were
also studied to obtain stress gradient information. In this paper, we report on the analysis
of the test structures made by our group at Sandia National Laboratories. One other
group has analyzed its results [17].

To decide how to measure and analyze the test structures, we made the following
two considerations. First, nondestructive testing is important for round robin testing, and
is also important in general to MEMS. Second, because residual strain can vary across a
wafer, from wafer to wafer, and from lot to lot, it is important to quickly yet accurately
assess residual strain values. Our analysis criteria are as follows:

1) The metrology is only by optical methods.
2) Only two-dimensional deflections and analyses are considered.

The first criterion allows for rapid and noncontacting measurements. While scanning
electron microscopy (SEM) metrology enables higher resolution for in-plane
measurements, we ruled it out as being too expensive and time consuming for routine
metrology. Also, any concern that electrostatic charging may induce test structure
deflection during the measurement is alleviated.  Furthermore, for out-of-plane
measurements, optical interferometry is more sensitive than SEM and is well calibrated.
The second criterion is in keeping with most of the literature, and reflects our interest in
keeping the analysis as simple as reasonably possible.

Given these criteria, our assessment of the test structures is based on addressing
the following questions in the Discussion section:

1) How well are the critical deflections measured?

2) To what degree do the test structure deflections reflect the 2-D analysis?

3) How repeatable are the measurements on similar structures in close proximity?
4) What are the area requirements?

5) How long does it take to determine the strain value?
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FIG. 1—Test structures used for residual strain evaluation (top views).
Test Structures and Analysis

The test structures we studied are shown schematically in Fig. 1. Critical
geometric parameters for each device are indicated. We present the results of the two-
dimensional mechanics analyses in this section. The equations are derived in
Appendices A-D. For the pointers (Appendix A) and the microrings (Appendix C),
literature references have been used. For the bent-beams (Appendix B), we introduce a
new derivation that is simpler to use than previous literature references and applies for the
strain range examined here. For idealized fixed-fixed beams (Appendix D), Euler
buckling theory is used for first order modeling. This is appropriate because the test
structures were under residual compression. Qur approach for 2-D finite difference
modeling incorporating the effects of boundary compliance in fixed-fixed beam structures
is also outlined in this section. Cantilevers, also shown in Fig. 1, are used to measure
curvature (allowing the stress gradient to be deduced), and are described in this section
along with the fixed-fixed beams.

The analysis for several of the test structures (pointers, microrings, and rigidly
supported fixed-fixed beams) can be carried out without knowledge of Young’s modulus,
E. However, the analyses for bent-beam sensors and the 2-D finite difference model for
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the buckled fixed-fixed beams require E to be known. We will report the uniaxial
residual strain €, of these devices assuming E = 165 GPa [18]. Uniaxial residual stress
O, can be calculated from o,=FEe¢, (the loading condition of fixed-fixed beams is
within 1% of plane stress conditions [19] - therefore no adjustment to E is made).

In Table 1, we compare the various structures from the point of view of test
structure principle, area consumed, typical resolution and strain range, assumed
limitations, layout dimensions and comments on the analyses. The test structures can be
separated into two main families according to the primary measurement technique used to
extract the residual strain value: in-plane (pointers and bent-beams) and out-of-plane
(microrings and fixed-fixed beams). The area information in Table 1 is for all the
structures on a given level of polysilicon, and the number of associated residual strain
measurements is given as well. In making strain resolution comparisons, we assume a
0.5 um (£0.25 pm) deflection resolution for in-plane devices, and a 10 nm (=5 nm)
resolution for the out-of-plane measurements. These values stem from the limitations of
the brightfield and interferometry optical techniques, respectively. The resolution values
reflect the uncertainty in strain measurements due to metrology only. Because these
structures are fabricated side-by-side, we obtain information on the relative accuracy of
structures in a given family. For absolute accuracy, sensitivity to film thickness, line
width, boundary conditions, and 3-D deflections would also have to be considered. Each
test structure in Table 1 is discussed next.

Pointers

Pointers are in-plane test structures that make use of geometric layout to amplify
small displacements induced by residual strain (compressive or tensile). The amplified
output of the pointer indicator, y, is measured on a scale attached to the substrate [7]. The
support beam lengths, L, and Lg, are typically identical. Increasing the length of L¢ or
decreasing the separation distance O will enhance the amplification effect. Displacement
readings at the pointer end are used to calculate the residual strain levels. The analysis in
Ref 7, which is repeated in Appendix A, assumes an ideal geometric relationship between
residual strain and the displacement of the indicator, augmented by a correction factor,
Cr, derived from finite element models of the devices, resulting in Eq 1,

(L, +L)L.+0/2)C,

€, (1)
The area of pointers is relatively large at ~] mm? per test structure. The resolution is 40
e, assuming an optical resolution of light microscopy of 0.5 pm (£0.25 pm), and
dimensions of a studied device (Ls= Lg=490 um, Lc= 575 pm, W =20 pm, O =20 um
and Cr=0.425). Three pointers were used here with O ranging from 20 um to 60 pm.
We determined the values of Cr for the geometries used here from finite-element analysis
over a range of £ 3000 pe. Pointers are capable of measuring compressive and tensile
residual strain for negative (left) and positive (right) indicator values, respectively. In
keeping with the 2-D analysis, the possibilities of buckling across the L, + Lg support
arms, adhesion to the substrate and strain gradient along the pointer length (which may
cause the tip to contact the substrate) are not considered.
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TABLE 1—Theovretical and practical residual strain test structure comparisons.

Pointers Bent-beams | Microrings F-F Beams
Principal of Geometric Geometric Conversion of | Buckling deflections
Structure amplification amplification tension to converted into
buckling strain value
Area’
(# of devices, # of 3.2 mm’ 1.35 mm’ 2.9 mm’ 1.0 mm’
measurements per (3,3) (6,6) (14,1) (5,5)
poly level)
Resolution ([€) 40 12.5 (Lgg= 50 0.7
(0 =20 pm) 300 um, =333 (Lgr= 596 1m,
mrad) A=2 pm)
99 5
(0 =60 um) (Lgs= 500 pm,
¢ =20 mrad)
Range +3000 231210 +235 (Lgg | +250 to +900 -15t0 -6765
(1e) = 300 um)
(see text) =112 to +84 (Lgp
=500 um)
Assumed +0.25 um optical +0.25 um optical Discrete +5 nm interferometric
Limitations resolution resolution measurement resolution
2-D modeling 2-D modeling 2-D modeling 2-D modeling
Layout Ly=Lp=490 pm byp=2 pum b,=25um Ler=196 pum,
Dimensions of W =20 um D=385um by=10 um 396 um, 596 um,
Test Structures in O = 20um (Cr = 0.425), Lipg=98 um Ry varies from 796 um, and 996 pm
the Class 0 =40 um (Cy= 0.530), $=733.3,66.7 97 to 900 um b=18um
(see Fig. I) 0 =60 um (Cp = 0.539), and 135.4 mrad
(with L= 585, 575, and (Lgs =300 pm)
565 um, respectively) ¢=20.0, 20.0**
and 79.5 mrad
(Lz= 500 fim)
Comments Treats the device as a rigid Ignores out-of- Boundary Reflects the 2-D
on Test Structure body mechanism (ignoring | plane deflections compliance flexures. Includes
Modeling elastic deformation). A and boundary modeled but boundary compliance
correction is then made for compliance. not measured. and strain gradients.
bending. Out-of-plane Applies to Tensile Tensile residual strain
deflections and boundary tension and measurements | can be measured using
compliance are ignored. compression. only. active techniques.
Applies to tension and
compression,

* Area measurements based on representative arrangement of devices on a given structural level:
Pointers: Three pointers; Bent-beams: Six bent-beams (**for Lgz = 500 um, two bent-beams have ¢ =20
mrad); Microrings: array of 14 rings with radii from 97 to 900 um; Fixed-fixed beams: array of five fixed-
fixed beams (connected to 100 x 100 um’ actuation pads).
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Bent-Beams

Bent-beams also take advantage of geometric layout to amplify in-plane
displacements induced by residual strain [8,9]. We develop in Appendix B a linear
solution. The displacement, 8, of the indicators on freestanding structures is measured
and the residual strain leve! is then computed from

wi Lyp sing N 121 Lyp N 61 Ly

cos*¢ sin ¢ sin¢ cos ¢

wtLpp 121y Lpg

cos ¢ cos¢

(2LBB +Lpy )

where L is the support beam span and Ly, is the length of the indicator. For the double
beam geometry in this study, wr= 2(bpgt) is the support cross sectional area and

I, = 2(tb§B / 12) is the in-plane moment of inertia. Also, ¢ is the support beam angle
defined as ¢ = arctan[(DO ~ D)/ 2LEB], as indicated in Fig. 1. Our derivation for Eq 2 is
distinct from those in Refs 8 and 9. It considers the residual strain in both the indicators
and the supporting beams using Castigliano's theorem®. Equation 2 is accurate at low
‘s Rl values and is independent of E. Importantly, it is more quickly applied than the

approaches in Refs 8 and 9. Also, the effect of L;,,, not considered in Refs 8 and 9, is
accounted for here. However, nonlinear effects, important at high |£ R| values as detailed

in Ref 8, are not considered. In Fig. 2, we quantitatively compare the three cases for a
specific geometry.

The area of bent-beams is small at ~0.23 mm® per structure. The resolution is
12.5 pe assuming an optical resolution of light microscopy of 0.5 um (£0.25 im), and a
layout representative of the studied devices (Lgz = 300 um, ¢ = 33.3 mrad, by, = ¢ =2 um
and Lp,s= 98 um). The strain range is defined as shown in Fig. 2. At high residual strain
values (€5 <-313 pe, €5 > 235 pe, based on 10% deviation in deflection from Ref 8),
Eq 2 loses accuracy. However, this is beyond the acceptable strain level of many MEMS
processes. It should be noted that for the layout dimensions considered in Fig, 2, the
deflection range of the device is £10 um. If Eq 2 were used over this range, the accuracy
would remain within 30%. Bent-beam incremental sensitivity over the entire range of the
structure has been discussed in detail [8). Five geometrical variations were used here,
with ¢=33.3, 66.7 and 135.4 mrad (Lgz =300 um), and ¢=20.0, 20.0 and 79.5 mrad
(Lgz =500 um). We note that two structures with ¢=20.0 mrad at Lgg = 500 um were
laid out.

8 Castigliano's theorem is an energy method for determining the elastic deflection of a system. It
requires that deflections be linear and elastic. As such the strain energy, U, stored in the system may be
computed as the area under the load-deflection curve (which will be a triangle). The deflection of the
system can then be found by differentiating the strain energy with respect to a load, P, acting in line with the
deflection direction of interest A = oU / 9P (in many cases this is accomplished by virtual loads). This
method works for axial, bending, transverse shear, and torsional loading. See for example Ref 20.
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FIG. 2—Comparison between rigorous analysis by Gianchandani (8,.) to
linearized analysis from Appendix B (Singar) With Lina=0 and Li,a = 98 um.

Bent-beams are capable of measuring compressive and tensile residual strain,
indicating compression by a decrease in the distance between the indicators and tension
by an increase. Resolution depends on layout geometry. If resolution at low stress values
is desired, then Lzz must be large. However, this increases the proclivity of the structure
to buckle out-of-plane. For example, if the thickness of the layer is less than the width
bap, the effective strain range is reduced to —45 e, as indicated in Fig. 2 for the Poly2
layer, for which 7= 1.46 um (see experimental section). Figure 2 is discussed in more
detail in Appendix B.

Microrings

Microrings are passive devices proposed by Guckel to measure tensile residual
strain [10]. As shown in Fig. 1, a circular ring anchored at two diametrically opposite
positions converts tensile residual strain into compressive strain in a crossbeam that is
orthogonal to the ring anchors. Ranges (rather than precise measurements) of residual
strain levels are determined by observing the transition from unbuckled to buckled
crossbeams. The residual strain for the structures is

€
Ep=—"-, ©)
0
where & is the critical strain needed to buckle the crossbeam and g(R) is the conversion
efficiency of tensile strain in the ring into compressive strain in the crossbeam. As briefly
reviewed in Appendix C, Guckel et al.’s analytical model of the microring derives the
effect of the ring to beam width ratio, b, /b,, and R on g(R) using Castigliano’s method

[10]. Also, the effect of boundary rotation on &, is determined. For thin films, the
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normal mode of buckling is out-of-plane. If brightfield microscopy is used, detection of
buckling requires focal plane adjustments. Interferometry is a more sensitive technique
for detecting buckling. As suggested in Ref [7], a critically-buckled test structure is
established when the crossbeam center deflection is ~0.6¢, where ¢ is the film thickness.

The area occupied to obtain a single measurement from microrings is large—2.9
mm’. To determine the strain resolution and the range over which residual strain can be
measured, Drieénhuizen et al. [7] showed that the number of buckling structures required
18

in = lOg(smax /Emin) -1 (4)
log(1+7#)

where N, 15 the minimum number of structures, &, and &, are the upper and lower
limit of the desired range of study, and r is the resolution (in percent) of the measurement.
Using this equation we can determine that 40 microrings would be required for a range of
10-500 pe with a resolution of 10% of the range. In this study, 14 microrings of various
sizes were distributed in each level of polysilicon, with a designed resolution of
approximately 50 U€ over a range from 250 to 900 p€ tensile.

The microring is in reality a three-dimensional structure. It was demonstrated by
3-D finite element analysis that for small values of b, , post-release microring shortening

in the beam direction versus the constraining direction increases the critical strain for
buckling [21]. Also, increasing the length of the connection supporting the ring decreases
the critical strain [21]. Further, the strain gradient has been identified as affecting the
flexures of the microring [22], meaning that the entire shape and not only the crossbeam
flexures must be measured in order to correctly interpret the structure. We note that
interferometric measurements integrated with 3-D modeling could be applied to reduce
the required number of microrings. The technique would be similar to but more
complicated than that used with cantilever and fixed-fixed beams covered in the next
section.

Fixed-Fixed Beams

Fixed-fixed beams have been used as passive structures for compressive strain
measurement by detecting buckling in an array of beams similar to the measurements of
microrings [7,10,11,23]). However, the amplitude is sensitive to residual stress in the
film, and this allows each buckled beam to be used for residual strain measurement.
From Euler buckling theory as in Appendix D, residual strain for each buckled beam is

determined from
2 2 2
go=—v 411 )
4 3

where 4 is the amplitude of the buckling deflection, Ler is the beam length and ¢ is the
beam thickness. The shape will be sinusoidal according to

z(x)=£ 1+cos£7£ s —Lpp/2<x<Lpp /2. (6)
2 Lep
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The area of fixed-fixed-beams is small at ~0.20 mm® per structure. Considering
that 4 can be measured very well by interferometry, Eq S is very accurate for

Lep >=11L, =1.1mt/3¢ep , @)
where L, is the critical buckling length, as discussed in Appendix D. From Eq 6, the
approximate strain resolution is

Ad-A

Aeg =525, ®
Lp

where A4 =10nm is the amplitude uncertainty. For example, with A4 = 10 nm,
Lprp=1596 pm, and 4 =2 pm, a value of Agz= 0.7 pe (+ 0.35 pe) is calculated. A lower

limit to the strain range of 15 pe can be estimated from Eq 5 using values of =2 pum,
A=0.05pum (minimum detected amplitude) and Lgr=996 um. Likewise, an upper
range of 6765 pe can be approximated using values of =2 um, 4=10pum and
Lpr=196 pm (upper limit of small-slopes assumption in Appendix D). Five beams of

lengths from 196 pm to 996 pm in 200 um increments were used in the layout. Fixed-
fixed beams may also be tested electrostatically, allowing extension to the case of residual
tension [12-14,24].

The modeling in Appendix D does not take into account non-idealities such as
boundary compliance, unloaded beam takeoff angle or strain gradient. To more
accurately extract the residual strain, we can compare the full deflection curve (rather
than just the amplitude) with a two-dimensional finite difference model (FDM). The
FDM incorporates these non-idealities. We have applied it to the case of electrostatically
actuated cantilevers [16] and fixed-fixed beams [13,14,24], and apply it in this paper to
the case of passively buckled beams. Figure 3a schematically represents the FDM. The
beam is discretized into elements having the material and cross section properties of the
beam. Using the Bernoulli-Euler equation, deflections are calculated by performing the
numeric integrals of successive loading, moment, and angular deflection profiles.

As shown in Fig. 1, cantilevers of dimensions similar to the fixed-fixed beams
were also placed on the test chip. Unloaded cantilevers contain curvature information,
and their deflection curve is closely approximated by

z(x)=90x+x‘x2/2, (10)

where x is the position along the beam beginning at the support post. Our procedure to
accurately determine unloaded beam takeoff angle 6, and film curvature x (due to strain
gradient through the thickness of the film) from interferometric data has been described in
Ref 16. Knowing x from the cantilever beam, the internal moment due to strain gradient
M; is assigned according to
M;,=-Elx. (an

Figure 3b shows the support post model used in the FDM. Loaded beam takeoff angle 6
is different from 6, in a cantilever due to the moment in the buckled beam at the support

post. The contributions to € are from 6,, the moment due to buckling and M..
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(a) Finite difference model diagram (b) Support post model

FIG. 3—Finite difference model and support post model diagrams.

The FDM for the case of passively buckled fixed-fixed beams was first compared and
shown to agree with Eqs 5 and 6 for rigid boundaries. It also showed excellent agreement
with analytical theory that describes the pre- (|&g| < |€.{), transition (|&z| ~ |€.,/) and post
buckling (/x| > |€,,]) regimes for compliant boundaries [25], as shown in Fig, 4. Finally, as
described in Ref 26, negative 6, (cantilever takeoff angle is down) induces downward

buckling, while negative strain gradient (cantilever curves down) induces upward buckling.
The FDM also agrees with these predictions. These checks validate that the FDM
appropriately handles the buckled beam mechanics.

When evaluating deflection curve data in our FDM implementation, 8 and & are
simultaneously iterated upon in an optimization routine that minimizes the error between the
modeled and measured deflection curve. Torsional compliance exerts a measurable effect on
the deflection curve. Therefore, unlike Ref 25, this approach does not require finite element
analysis of the boundaries conditions as input to the model, because the effect of the
boundaries is taken into account by the optimization routine. The analysis here includes only
the torsional compliance and not the axial compliance of the boundaries. However, for the
beams analyzed in the experimental section, the effect of M on support post flexures is much
larger than that of axial force P.

T T T ]
2 analytical, Kobrinsky et al. (2000)
v s s FDM, this work
E ----- Euler
3 15F .
3 ¢ _=-48.8 pe
3 1} R 4
it
3 t=2.00 um
E s ]
o ) -
300 400 500 600 700

Beam Length (um)
FIG. 4—Using the same boundary conditions, FDM agrees with analytical model for
buckling of fixed-fixed beams.
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Experimental

The test structures were processed as part of the Multi-User MEMS Processes
(MUMPs™) MUMPS28 fabrication lot. Utilizing conventional surface micromachining
technology, MUMPS provides three structural layers of polysilicon. Each of the test
structures described above was fabricated side-by-side on a single test chip in the Polyl,
Poly2, and Polyl/2 laminate structural layers. The nominal thicknesses of the layers are
2.0, 1.5, and 3.5 um, respectively, and were measured at #=2.00, 1.46, and 3.45 um
using profilometry [27]. The minimum allowable line width for structural layers is
2.0 um. Typical etch profiles are 88-90° and typical line width loss from the mask
drawing is 0 to 0.2 um.

The structures were released from the sacrificial oxide layers using an HF acid
etch. To minimize stiction, supercritical carbon dioxide drying [28] was applied. After
processing, the chips were placed on an adhesive, covered, and sent first to Sandia
National Laboratories for analysis. The test structures were fabricated both over a Poly0
ground plane, and over nitride. We report the results of the former only, as they were less
susceptible to adhesion (stiction) problems. Qur group then sent parts to the next
laboratory, which performed its testing, and the round robin continued sequentially. The
evaluation period was from February to May, 1999, and a meeting was held in Seattle,
Washington in May of 1999 to discuss results of the round robin.

All in-plane deflections were measured using high magnification bright field
microscopy (100X objective, NA = 0.9). Magnification will depend on the focus used for
each test structure. To minimize variation, the same operator focused and recorded all of
the images. Optical micrographs were recorded on a CCD camera. With integrated
circuit fabrication techniques, the pitch (linewidth and space) is well known. In-plane
calibration was achieved by counting the pixels between Poly0 lines of 20 pum pitch.
Transitions in intensity at line edges were used to determine the edge locations. For the
100X objective, a 60 um length corresponded to 470 pixels, yielding a calibration factor
of 0.128 pm/pixel.

Out-of-plane deflections were measured by interferometry (5X objective, NA =
0.09). As shown in Fig. 5, Michelson interferometry with green light of wavelength
A =546 nm (obtained from an interference filter of 4 nm linewidth (HWFM) as
characterized by spectrum photometry) was chosen because polysilicon is only weakly
transmissive at this wavelength. This eliminates confusion with substrate reflections that
arise in multi-wavelength interferometry techniques. Interferometry allows rapid
acquisition of qualitative and quantitative out-of-plane deflection data (see Figs. 6-10).
Interference patterns result from a difference in phase between the light reflected from the
wafer and the reference surface. The resulting image is a superposition of the test
structure and the interference pattern with fringes representing contour lines of the out-of-
plane deflection. The direction of out-of-plane deflection (up or down) is determined by
adjusting the focus and observing the direction of fringe movement. Images were
captured on the CCD camera for further analysis. Linescans along the length of the
structures are recorded. Each fringe in the interference pattern indicates a deflection of
1/2 wavelength, or 273 nm. Pixel by pixel out-of-plane deflections are extracted by
interpolating linescan intensity data. The out-of-plane resolution of this technique is
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better than 10 nm/pixel. In-plane pixel length calibration was achieved by measuring a
structure of known length, with accuracy of about 1 pixel in 200.

Incoherent green light

Reflecting ¥ l l v

5X microscope objective

Beam
splitter

Substrate

FIG. 5—Schematic of interferometric microscope.

TABLE 2—Qualitative assessment from interferometry.

Test Poly! Layer Poly2 Layer Polyl1/2 Layer Further
structure Study?
Pointers | Adhered (Fig. 6) Adhered Adhered No: adhered

Lgg =300 um: free Lgg =300 pum: buckled up | Lgg =300 pm: free Yes:
Bent- Lgg =500 um: free ~two fringes Lgg = 500 pm: free evaluate‘effect
minimal out-of-plane Lgg = 500 pm: two minimal out-of- of buckling for
beams | deflections adhered, one buckled up plane deflections P2 structures
~three fringes (Fig. 7)
Micro- | No flexures apparent: Flexures in crossbeams Not attached to No:
rings compression (Fig. 8) and @gs dl_xe to stress substrate. Not incompatible
_gradient (Fig. 8) roperly anchored stress state
Canti- | Lcs= 196 pm: bending Lcg = 196 pm: bending Lcp =196-596 and Yes:
levers down down 996 pm: bending curvature
Leg = 396-996 pm: tip Leg =396 pum: tip down measurement
contacting (Fig. 9) contacting Lcg =796 pm: tip
Lcp=596-996 pm: long contacting
section adhered (adhesion)
Fixed- | Lgr=196,396 pm: flat Lprp=196 pm: buckled up | 196-796 pm: flat, Yes
fixed Lpr =596, 996 um: ~% fringe (Fig. 10) 996 um: buckled up
buckled up Lep=396-996 pm: ~1 fringe
Beams | ;. =796 um adhered buckled up many fringes
(Fig. 10)
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For this single image/wavelength technique, quantitative analysis of
interferograms (as applied here to the fixed-fixed and cantilever beams) requires that at
least one half-fringe be available, that continuous structures be used to avoid phase
problems, and that tilt adjustments of the reference surface setting the background fringes
parallel to the structures be made. Although the interferometry yields high resolution z-
deflection data, x and z-offsets must be determined. The interferometric data near the
support post is noisy because of rapid changes in topography. Therefore, linescan data
usually begins about 5 to 10 pixels away from the beam. By measuring the first pixel
used relative to the support post and knowing the calibration factor, the x-offset can be
adjusted within £2 pixels. Because the interferometric data does not begin at the support
post, the z-offset must also be determined. This is done by comparing the interferometric
data to the model data, and assigning an optimum offset for a given model calculation at
the first measured pixel.

Results

Qualitative Evaluation

Qualitative results are summarized in Table 2 and are discussed in this section.
Interferometry was first used to evaluate any out-of-plane deflections that might affect the
accuracy of the analyses. Pointer structures were plagued by adhesion to the substrate as
seen in Fig. 6. The closely spaced fringes near the supports followed by a uniform
section with very little contrast indicate that the devices are adhered to the substrate. All
pointer structures were affected in a similar manner. A previous study has shown that
valid measurements can be obtained from pointer structures adhered in their stress-
relaxed position [29]. However, for the low residual strain values observed here, it is
difficult to determine the relative contribution to deflections from adhesive forces versus
residual strain forces. Therefore, the pointer structures were deemed unusable for further
study.

Bent-beam structures fabricated in the Poly2 level are shown in Fig. 7. On the left
side of the image where the Lgz= 300 pm long structures reside, a few fringes are visible
on the support beams, indicative of small out-of-plane deflections. The deflections are
away from the substrate (up). However, on the right side of Fig. 7 where the Lzz= 500
um long bent-beams are located, more severe out-of-plane distortions are observed on the
lower two bent-beams. These deflections are downwards. The structures were adhered to
the substrate and therefore these two were not evaluated. The top bent-beam on the right
hand side of Fig. 7 is not contacting the substrate, but is buckled up slightly. The bent-
beams in the Polyl and Polyl/2 levels were freely suspended and exhibited small out-of-
plane deflections, and they were deemed appropriate for further analysis.

Figure 8 shows microrings in both Polyl and Poly2. No out-of-plane flexures are
observed for the Polyl microrings, indicating that this layer is either in compression or
low tension. Note that both the rings and the crossbeam exhibit roughly equal flexure for
the Poly2 level. Both are bending down from a centerline defined by the clamps, which is
a manifestation of the strain gradient-induced curvature of the films [22]. This is an
excellent example of why it is necessary to consider not only residual strain but also
strain gradient when evaluating the microrings. Without the complementary information
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from the cantilevers and fixed-fixed beams below, we may have incorrectly inferred that
the crossbeams were buckled and that the residual strain in the Poly2 level was tensile. In
fact, a tensile state would only be indicated by significantly different out-of-plane flexures
for the crossbeam compared to the ring. The Polyl/2 level microrings were not properly
anchored to the substrate, and therefore could not be assessed.

reference
indicator

FIG. 7—Inteferogram of Poly2 bent beams.
Lgg = 300 um show buckling (left), and Lgg =
500 um are adhered (lower and middle right).

FIG. 6—Interferogram of
adhered pointers in Polyl.

. Poly 1

(D (DD D=D=  1005m

FIG. 8—interferogram of microrings. Poly2 exhibits a large stress gradient.
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An array of Polyl cantilevers is shown in Fig. 9. From the shortest cantilever
(196 pum), it is clear that the curvature is significant. This cantilever was determined to be
bending down. Longer cantilevers were contacting the substrate at their tips because of
the large curvature. For the longest cantilever (996 um), the substrate imposes an upward
force at the tip of the beam that causes its initial deflection beginning at the support post
to be upwards. The Poly2 layer exhibited greater out-of-plane deflection than the Polyl
layer, with beams bending down again, and only the shortest cantilever was free. On the
other hand, the Polyl/2 laminate exhibited small curvature, and even the 996 um beam
did not contact the substrate. For all layers, free cantilever beams bent down. The
cantilever beams were deemed appropriate for obtaining curvature information.
However, for the Polyl and Poly2 layers, data could only be extracted from the shortest
cantilever, while for the Poly1/2 layer only the longest cantilever exhibited enough fringe
information for quantification.

Short (196 and 396 pm) Poly] fixed-fixed beams exhibited no deflection. Longer
(596 and 996 um) were buckled out-of-plane (upwards). However, the 796 pum Polyl
fixed-fixed beam was adhered to the substrate. A set of Poly2 fixed-fixed beams is
shown in Fig. 10, where it can be seen that increasing beam lengths exhibit more fringes.
The deflections were upwards, implying the beams were compressively buckled. For the
Poly1/2 laminate, all beams were free, but only the longest beam (996 pum) exhibited a
slight upward out-of-plane flexure. Nonadhered, buckled fixed-fixed structures were
deemed appropriate for quantitative analysis. From the observed buckling, all layers are
in compression.

Quantitative Evaluation

The qualitative evaluation leads us to eliminate pointers and microrings from
further evaluation, leaving one in-plane and one out-of-plane test structure for further
study. Summaries of the quantitative analyses are found in Table 3 and in Fig. 11, and
are discussed in this section.

Bent-beams—The separation between reference indicators fixed to the substrate

L]
— - - mEans it = Poly 2 ==
100 pm
- - Poly 1 100 pm OO

FIG. 9—Interferogram of Polyl cantilevers.  FIG. 10—lInterferogram of buckled
Except for the shortest, all are contacting the Poly2 fixed-fixed beams.
substrate at their tips.
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0 e ——" 0 Sample calculation for bent-beams:
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gp=-95pne
FIG. 11 - Scattergram of fixed-fixed (squares) and
bent-beam (diamonds) resulls. For 6=-1.91 +/- 0.25 pm,
Fixed-fixed beams: left to right lengths are 996, £p=-83,-108 pe
796, 596 & 396 um. Missing data indicates that

beams were adhered or not buckled per Table 2

(error bars due to uncertainty in metrology are insignificant).

Bent-beams: left to right Lps=300 um, increasing ¢, Lpg=500 pum increasing ¢ (error
bars due to uncertainty in metrology included). Missing data (Poly2) indicates that bent
beams were adhered.

(see Fig. 7) was first measured in pixels. Then, the separation between suspended
indicators of the bent-beam structure was measured. The difference was multiplied by the
calibration factor, and Eq2 was used to calculate residual strain values. A sample
calculation is adjacent to Fig. 11. In Fig. 11, we plot the values of residual strain for each
poly level. The error bars indicate error for £0.25 um measurement resolution. For larger
Lgg and smaller ¢, the error bars are smaller. The average and standard deviation of
residual strain for each poly level is shown in Table 3.

Cantilevers—In Fig. 12, best model fits to the cantilever deflections are shown,
along with the deflection data from the interferometry. The Polyl/2 level is the flattest
layer, and Poly2 is the layer with the greatest curvature. Agreement between model and
data is better than 4 nm/pixel. Results for xand 6, are tabulated in Table 3. From
contour plots in (, 8,) space that evaluate the difference between the measured and
model deflections [16], we can evaluate the confidence regime of the « and 8, values.
To 95% confidence, the values of 8, are accurate within 50 prad (implying that 8, is
different from 0), while the values of  are accurate within +2 m™ for Polyl and Poly2,
and within + 0.2 m™ for Polyl/2. Note that the magnitude of 8, correlates reasonably
well with stress gradient (Ex), and as we shall see next, with €5 . This is in agreement
with observations in Ref 15.
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FIG. 13—Poly2 deflections for 396, 596,
FIG. 12—Measured and modeled 796, 996 um long buckled fixed-fixed

deflections of cantilevers. . .
4 f beams. ©is the error per pixel.

Fixed-Fixed Beams—Using the finite difference model described in Section 2.4,
and including the values of strain gradient determined for cantilevers, best fits to the
measured deflection curves were found and associated £ values were calculated. Four
different beam lengths are shown in Fig. 13 for the Poly2 fixed-fixed beams. The larger
errors per pixel between modeled and measured data (10-30 nm/pixel) compared to the
cantilevers are mainly due to a small offset in the measured heights of the two ends. This
is likely not real, and can be reduced by making a linear correction to the data. Such a
correction would affect the values of €, by less than 2%. For Polyl, the critical buckling

length is L., =mt/3|eg| =499 um (|eg| =52.9 pe and = 2.0 um). Therefore, the 996

and 596 um Polyl fixed-fixed beams were also in the post buckled state (the 796 um
Polyl fixed-fixed beam was adhered to the substate), consistent with L. For Poly2,
Lo =265 um (Jeg| = 100 pe, with £=1.46 pm). Therefore, the fixed-fixed Poly2 beams
of Figs. 10 and 13 are also in the post buckling regime (the 196 um beam is in a pre-
buckled state, Lpr < L, and did not present enough fringe information for analysis). The
Poly1/2 996 um fixed-fixed beam was only weakly buckled. With |eg| =35.1 pe and
t=3.45um,L,, is 1056 um. This confirms that the boundary compliance is responsible
for the apparent buckling of the longest Polyl/2 fixed-fixed beam, and that it is in the
transition buckling regime.

TABLE 3—Quantitative residual strain results (N- number of structures evaluated).

Bent-beams Fixed-fixed beams Cantilevers
Layer | ex (st.dev)pe |N |eg (st.dev)pe |N |xm' |6 (urad) |N
Polyl -100 (13.9) 6 -52.9(0.2) 2 -21.58 -344 1
Poly2 -118 (12.5) 4 99.6 (2.1) 4 -60.59 -536 I
Polyl/2 -52(12.8) 6 -35.1 (N/A) 1 -1.82 +139 1
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TABLE 4—Evaluation of assessment criteria’ for test structures.

“Assessment criteria for test structures:

1) How well are the critical deflections measured?

2) To what degree do the test structures reflect the 2-D analysis?

3) How repeatable are the measurements on similar structures in close proximity?
4) What are the area requirements?

5) How long does it take do determine the strain value?

“ Crit. | Fixed-fixed beams

1) Out-of-plane deflection resolution is +5 nm. Deflection measurements are made along the
entire length of the structures, and the model is optimized to minimize the difference.

(2) Deflections are essentially two-dimensional. The 2-D FDM captures the physical effects of
strain gradient and boundary compliance. Agreement between the model and the data is
excellent with typical error differences between the model and the data of 20 nm/pixel.

3) Beams in the same structural level but of different lengths yielded the same value of residual
strain within 2 pie standard deviation (Table 3).

4 The area required is 0.2 m@r measurement (Table 1).

(5) Taking and analyzing the interferograms requires about 15 minutes per beam. Setting up for
the FDM code run requires about ten minutes. The code converges within about one minute.
Bent-beams

(D) In-plane resolution is £0.25 um. Only one deflection point on the structure is measured.

2) The design of these structures is forced to be more compliant so that strain resolution improves,
but this makes them as susceptible to adhesion or to buckling. The flexures are clearly 3-
dimensional for the Poly2 layer. However, the implications of this are minor, as addressed in
the discussion.

3) Beams in the same structural level but of different sizes yielded the same value of residual
strain within 14 e standard deviation (Table 3).

4) The area required is 0.23 mm’ per measurement (Table 1).

(5) Time to measure is about 15 minutes per structure. Analysis requires only a few minutes using
Eq2.

Pointers

(1) In-plane resolution of +£0.25 pm. Only one deflection point on the structure is measured.

2) Flexures did not satisfy the 2-D model due to adhesion to the substrate. Substrate interference
can also be caused by buckling or out-of-plane bending from stress gradient.

(3) Not able to assess repeatability due to substrate adhesion. At 40 pig, the resolution for use in
measuring residual strain is low.

4) The area requirements are large, 1.0 mm’ per measurement (Table 1).

5) Time to measure is about 15 minutes per structure. Analysis requires only a few minutes using
Eql.

Microrings

) Interferometry can be used to sensitively detect buckling. A critical structure must be defined,
e.g., by 4 = 0.6¢, because of the gradual transition to cross beam buckling for ring supports.

2) Out-of-plane deflections may be due to strain gradient rather than buckling. This can be
detected in interferograms, but requires that the user make the distinction between stress
gradient and stress, as discussed in Ref22.

3) Cannot report repeatability data for these structures because compression rather than tension
observed. Microrings do not have high resolution at 50 €.

4) The area requirements are large, 2.9 mm’ (Table 1).

3) Evaluation time is just a few minutes.
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Results for all the fixed-fixed beams are given in Table 3, and graphed against the
bent-beams in Fig. 11. The standard deviation of these measurements is less than 2.1 pe
or less for adjacent structures in each of the Polyl and Poly2 layers.

Discussion

Assessment of the Test Structures

The assessment criteria, questions (1)-(5) from the Introduction, are considered in
Table 4, in order of the experimental effectiveness of the test structures. In addition, we
make further comments on each test structure in this section.

Fixed-Fixed Beams—The fixed-fixed beams listed at the top of Table 4 yielded
the highest resolution and most repeatable results. Further advantages of the fixed-fixed
beam structures should be mentioned. First, if the post-buckled state is confirmed, the
FDM code is not necessary. For the post-buckled beams, use of Eq 5 rather than the
FDM model results in less than a 3% difference in the residual strain results. This
indicates that the effect of boundary compliance on the residual strain measurements are
small, as expected for post-buckled beams. The further into the post-buckled regime, the
less the boundary compliance affects the buckled geometry and therefore the measured
residual strain. The FDM is needed principally for evaluation of the transition- and
prebuckled beams. Second, comparing the adhesion results, the fixed-fixed beam
stiffness is comparable to that of the bent-beam sensors, and greater than the pointer
structures. Third, because the structures are wide (18 m), their area moment of inertia is
relatively insensitive to process-induced nonidealities such as line width loss and
nonvertical sidewalls. Also, because they are much wider than they are tall, there will be
no buckling ambiguity (the buckling will be out-of-plane). Fourth, to obtain the intrinsic
&g accuracy of fixed-fixed beams, it is essential to apply interferometry. It was originally
proposed to use the transition from pre- to post-buckling with SEM or bright field
microcopy to determine residual strain [11]. Using this criterion, repeatability of fixed-
fixed beams for residual strain measurement was seen to be inferior to pointer structures
[7]. More recently however, deflection curve measurements of post-buckled beams has
also successfully been used by other authors to accurately determine residual stress
[30,31]. For these reasons as well as those listed in Table 4, fixed-fixed beams measured
by interferometry yielded the best residual strain measurement in this study.

It is also important to address the limitations of the fixed-fixed beams. First, the
model assumed in the FDM for boundary conditions is oversimplified. Real boundaries
are more complicated, as shown by finite element method simulations [24]. In particular,
they exhibit a nonzero axial deflection, &, that can significantly affect results, i.e., by
(26,/Lrr). When possible, it is best to use long beams where boundary conditions are less
important. Second, our experience indicates that the method of interferometry we used
works best when there are at least several fringes present on the structure of interest. For
very small deflections, errors in the deflection measurement become important. For
example, the background fringes on the substrate are aligned parallel to the beam of
interest. Small rotation error (~5°) in the background fringes can become important in
inferring small out-of-plane deflections. These cotrections are commonly made with
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commercially available interferometers, Third, the fixed-fixed beams fortuitously
buckled up rather than down, allowing even the longest beams with up to 6 mm
amplitude to be analyzed. With a 2 pm support post height, the substrate would have
interfered with the buckling had the beam deflections been downward, rendering the long
beams unusable for residual strain evaluation. Our analysis indicates that the fixed-fixed
beams should have buckled down because of the negative takeoff angles in the
cantilevers. We believe that the buckling likely occurred before the release etch was
completed. Then, before the oxide clears near the support posts, the downward curvature
due to stress gradient would induce the fixed-fixed beams to buckle up. Fourth,
cantilever curvature was used to refine the FDM result. The effect on & was found to be
minor (<0.1% change). However, if films were more highly curved downwards, the
correction would be more significant. Then, even shorter cantilevers would be necessary
to avoid contact with the substrate to enable this correction. Also, for large curvatures, a
concave or convex three-dimensional surface can be expected in cantilever and fixed-
fixed beams, and therefore the deflections would become three-dimensional.
Bent-Beams—The most important conclusion from Table 4 is that based on the
standard deviation value, the measurement repeatability of the bent-beams is about five
times higher than for the fixed-fixed beams. Comparing the results for Poly2 and
Polyl/2, the agreement between the bent-beam and fixed-fixed beam structures is
reasonable. However, as seen in Fig. 11 for Polyl, the fixed-fixed beams indicate a
smaller magnitude of compression than do the bent-beams. Although we have no
satisfactory explanation, several factors can be considered in an attempt to rationalize this
disagreement. First, the supports of the bent-beams can buckle out-of-plane, a feature not
considered in the 2-D analysis of the bent-beams. This will act to relieve strain, but
should decrease rather than increase in-plane deflections, resulting in a lower residual
strain reading, which is opposite to the observation. For Poly2, the cross section moment
of inertia for out-of-plane bending, I, (bBBtS/ 12), is about one half of the moment of
inertia for in-plane bending, I, (b333 ¢/12), and indeed about two fringes are seen in the
interferograms of the Lgp= 500 pm structures, corresponding to an amplitude of 0.5 pm.

The strain relieved is negligible as can be calculated from Ae =(A7t/2L)2 =0.5 pe

(from Eq D8, where Ae = &-€,). This explains how the agreement can be good between
the two types of structures for the Poly2 level in spite of the buckling. Meanwhile for
Poly] and Polyl/2, minor out-of-plane buckling is expected and observed because I, is
equal to or greater than I,. Second, the internal moment due to strain gradient is not
assessed in the 2-D bent-beam analysis. However, based on the fixed-fixed beam results,
this effect is minor. Third, line width may be incorrect by up to 0.2 um due to
overexposure and overetching. Evaluation shows that this will affect the strain readings
by only 1 e or less. Fourth and most likely, some nonsystematic error such as improper
focusing on the Polyl structures may have caused the disagreement.

Pointer Structures—These structures are significantly larger than bent-beams
because their intrinsic resolution is low. A folded-beam indicator structure with
improved geometric amplification over pointer structures has recently been proposed [32]
and optimized [33]. This structure requires an area about twice that of the bent-beam
sensors, has similar sensitivity, is also evaluated by taking a measurement at a single
point, and a simple equation applies. One concern is that the authors rely on sticking of
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the structures to the substrate, but do not account for the extra strain that is induced when
inferring stress.

Microrings—These are intended for measuring tensile residual strains and thus are
not suited for the compressive states we found to be present here. Care must be taken not
to mistake strain gradient for residual tensile stress.

Strain Properties of the Laminate

We investigated the idea that the laminate properties might be a simple composite
of Polyl and Poly2. Using residual strain and strain gradient measurements obtained
from the cantilever and fixed-fixed beams and assuming a superposition model for
noninteracting layers, values of x=-28.4 m™ and & g =-72.9 ue were calculated. The
measured values were considerably different: x=-1.82m™ and & g =-35.1 ue as seen in
Figs. 14 a and b. To investigate this discrepancy, transmission electron microscopy
(TEM) was applied to look for microstructural or nucleation differences of Poly2 on
oxide versus on Polyl.
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FIG. 14—Using the properties of P1 and P2 individually, the P12 laminate
propererties for (a) (steeper line implies lesser strain gradient) and (b) eg were predicted
and measured (subscripts on € and K denote Poly layers). (c) TEM reveals a small
degree of templating , as indicated by the arrow.

A thin oxide at the Polyl/Poly2 interface indicates that the layers should not
interact. However, there is a small degree of templating of Poly2 on Polyl, as can be
seen in Fig. 14c, and this may be related to the large differences in the predicted versus
measured laminate properties. Other features noted in both Polyl and Poly2 layers
include nucleation of grains at the interface, with growth processes resulting in some
through-thickness grains of a given poly level. Also, some stacking faults and microtwins
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are observed, similar to Ref 2.
Case of Tensile Residual Stress

We were only able to evaluate the performance of these test structures in
compressive residual strain. It is desirable to have structures that measure both tension
and compression so that a single set of devices and test procedures are used, and area
requirements are minimized. We now consider which devices would have been the best
had the residual strain been tensile.

Pointer structures would not suffer as much from adhesion. However, film
curvature can still cause interference from the substrate. The theoretical resolution of
pointers 1s low. In tension, microrings would work within the limitations described, i.e.,
resolution 1s dependent on the number of rings and space requirements are large. Both
pointers and microrings are earlier MEMS developments (early 1990s and late 1980s,
respectively) intended mainly to look at higher states of strain than observed in the
present study. As MEMS matures, residual strains are decreasing to near zero, and more
sensitive test structures and metrologies are required to accurately assess residual strain
levels.

Bent-beams exhibit higher resolution than the pointer and microrings, and under
tension would also be less likely to suffer from adhesion. Additionally, buckling would
not occur, resulting in a situation that more closely matches the model conditions.
However, resolution is lower than for the fixed-fixed beams. Use of active methods
allows extension of the fixed-fixed beam test structures to the case of residual tension
[12-14,24]. Furthermore, active methods allow additional validation of residual stress
values of buckled beams. The deflections due to electrical loads at different voltages are
compared to models that include the applied electrical load as a function of beam height,
and are highly sensitive to residual strain. Once implemented, electrical actuation adds
little in cost or time to the measurement process and can be used to obtain and average
multiple data points from beams subject to either tensile or compressive residual strain.
An integrated platform to accomplish interferometry of actuated devices at the wafer
scale is under development [34].

Recommendations for the Next ASTM Round Robin

For the next ASTM residual strain round robin, we recommend investigating the
bent-beam, folded beam [33], cantilever and fixed-fixed beam test structures in more
detail. A significant drawback in the current study is that the number of test structures
assessed is small (see Table 3). In the next study, only structures over Poly0 ground pads
should be used, and some of the same exact geometries should be laid out side-by-side for
improved repeatability quantification. Beams with more length variations should be
employed to enable detailed study of the pre- and transition-buckling regimes. We also
recommend that participants be equipped with interferometry so that the full deflection
curves of beams can be compared. We have observed inconsistent deflection
measurements when using a multi-wavelength interferometer (i.e., different results at
different magnifications, and different results from profilometry). We believe this is due
to the different transmission coefficient of light through silicon at different wavelengths.
The effectiveness of a green interference filter in improving the reliability of the
measurements on polysilicon structures should be further investigated.
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Summary and Conclusions

The most important result of this study is summarized in Fig. 11, which shows

that there is reasonable agreement between the bent-beam sensors and the beam
structures. It also shows that especially good repeatability and small uncertainty is
possible with post-buckled beam structures measured by optical interferometry. We now
state the major conclusions:
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It is important to assess whether fabricated test structures satisfy the 2-D analyses
that have been offered. Interferometry is a valuable tool in evaluating the 3-D
flexures of the structures. We found that the flexures of fixed-fixed beam and
bent-beam structures are essentially 2-D, while microrings can exhibit 3-D
flexures because of strain gradient, which can cause the sign of residual strain to
be incorrectly inferred. If test structures are adhered to the substrate, it is difficult
to determine to what degree their flexures are due to adhesive versus residual
strain forces, especially at the low residual strain levels typically achieved in
MEMS. Any adhered structures were ruled out from further study because of
adhesion to the substrate.

Because of the high resolution afforded by interferometry, which can be used to
obtain nanometer scale measurements across the length of structures, the standard
deviation of €5 values measured on geometrically different test structures on the

same poly level is about 2 pe for the fixed-fixed beam structures, The standard
deviation was 13 pe for the bent-beams, likely because of the lower resolution in-
plane metrology.

For the case of post-buckled beams, it was found that the non-idealities affect the
residual strain measurement only to second order. A simple measurement of the
amplitude of post-buckled beams, coupled with Eq(5), allows €p to be

determined with high repeatability.

The main importance of the cantilevers is as an aide in understanding the flexures
of other structures (e.g., the buckling direction of fixed-fixed beams, the curvature
of microrings).

The strain measurements from the beam structures indicate that the strain state is
different for polysilicon when grown on oxide versus polysilicon. The sensitive
measurements enabled by the interferometry motivated us to find a
microstructural difference in Poly2 on oxide versus on Polyl. With TEM, we
were able to resolve some templating of Poly2 on Polyl, which may be
responsible for this interactive effect.

If the state of residual strain is tensile rather than compressive, the fixed-fixed
beam test structures also will exhibit significant advantages over the other test
structures. In that case, however, active techniques must be employed. Such
techniques are under development [34]. Bent-beam structures are a reasonable
alternative in the absence of active methods.
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Appendix A - Pointers

The relationship of residual stress to displacement for pointers was derived by van
Drieénhuizen et al. [7]. In the analysis, the device is treated as a rigid body mechanism.
Ideal rotational points, or hinges, are assumed, allowing the deflection to be based purely
on geometry. A correction factor is then applied to account for hinge compliance. The
layout of pointers is shown in Fig. A1. After release from the substrate, the angles in Fig.
A2 are calculated as follows:

0
tan(¢, ) = Terl, v L, (A1)
_[Q+e ) +1]+ (1 +£)" W —(I+8,)° L} + (=g L, + L + W)’
cos(@,) 2{[(1+6,)° 0" +(1+ ) ' WO + (=g, L, + L, + W)*]}* ° (A2)
w
tan(¢,) = R (A3)

and & = ¢, +¢, +¢, —90°, (A4)
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where L4 and L are the lengths of the support beams (for this study they are equal), ¥ is
the pointer width, O is the distance between the turning points and & is the residual
strain. The primes (L', L' etc.) in Fig. A2 indicate strain-relaxed lengths of members.

If W<< (L4 and Lp) and if cos(8) = 1 (true if Lz >> O), then the strain may be
approximated by

Otan(o)
_ Otan(@) AS
RL+L, (A5)

y
and tan(@) = —2——, A6
N = o (A6)

where y is the displacement of the indicator.

This allows a linear relationship between the displacement of the pointer, y, and
the residual strain. Based on finite element modeling, a correction factor, Cr, is also
included.

g, = Oy €
B, + L)L, +0/2) C;

(A7)

Appendix B — Bent-beams

Bent-beams use geometry to amplify the small displacements due to residual
stress. By using two opposing bent-beam structures the measured deflection is double the
deflection of an individual bent-beam, increasing sensitivity. This analysis will use
Castigliano’s method [20], which assumes that all deflections remain linearly elastic, in-
plane, and that material properties are homogeneous. These assumptions are valid
because the deflections are small and polysilicon is elastically homogeneous at the length
scale of the test structures. The analysis considers a single bent-beam (“One-Half”
model) subject to an effective axial force, F, as shown in the top diagram of Fig. B1. The
effective force, F, facilitates correlation between the residual strain and deflection of the
indicator. At this stage the deflection due to the strain in the indicator is neglected
(second diagram, Fig. B1), but will be added later.

4w
Lc
B S
| o | |
L,

FIG. Al—Pointer Structure FIG. A2—Geometry of Pointers
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By symmetry the bent-beam may be reduced to a fixed-guided member as shown
in the third diagram (or “One-Quarter” model) of Fig. B1. The loading condition of a
fixed-guided beam may be represented by point loads and an applied moment as shown in
the final diagram of Fig. B1. The force Q is a virtual load used in Castigliano’s method to
evaluate the deflection of the beam in the direction of O (which is the direction of the
measured indicator displacement).

The top diagram of Fig. B2 shows how the model is further simplified (using the
symmetry of a fixed-guided segment) to a simple cantilever beam (length = L/2) with
point loads. The deflection of the complete bent-beam will be double that of this “One-
Eighth” model. The middle diagram of Fig. B2 shows how the indicator may now be
modeled by treating it as a segment having the same cross section as the support beams
and susceptible only to axial deflections. This allows the axial strain of the modeled
indicator to be equal to that of the support beams. Finally the coordinate axes are rotated
to simplify the form of the derivation. The bottom diagram of Fig. B2 shows the model
that will be used for the analysis.

Ly is the actual length of the support beam (as used in the "One-Eighth” model),
equal to Lgs/(2cos@), where Lgp and ¢ = arctan((Dy-D)/2Lgp) are as indicated in Fig. 1.
The functions for the moment and axial load along the beam and the axial load in the
indicator are:

M, (x)=(Fsing+Qcosd)x, (B1)
P,(x)=(F cos¢ - QOsing), (B2)
and P, =F. (B3)

where My(x) is the bending moment along the support beam. Py(x) is the transverse
bending force and Py, is the axial force on the indicator.

The total elastic energy, U, of the deflected system of the one-eighth model is
determined by the following integral (see Ref 20):

Lyor F
Lsg 0

- L Lt 9 1

3 By
3 <t F 0
— o
M — L — /‘Llnd/4

;%-F 0 F3¢

oL
FIG. B1—Bent beams One-Half and One- FIG. B2—Simplified model for
Quarter Models. Castigliano’s theorem

evaluation.
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Ly 2 L, 2 Ly 14) 2
U=/, —M—”dx+J ! d+ | LN (B4)
281, 9, 2E4 Y, 2EA

where E is the modulus of elasticity, J,, and 4 are the in-plane moment of inertia and area
of the effective beam cross section (in the configuration used in this study the support

beams are composed of two beams each, thus 7 w= 23 t/12 and 4 =2bt). Transverse
shear effects are negligible because support beams are long and slender.
By Castigliano’s theorem, the deflections (in the directions of O and F) are

calculated by taking the derivative of the energy integral with respect to the forces Q and
F:

5 = U _ (Fsing+Qcosg)Ls cosg _(Fcos¢—Qsin¢)Lb sing
2790 3EI EA '

Yy

(BS)

_oU _ (Fsing +Qcosg)L: sin¢g N (F cos¢ ~ Qsing)L, cosd +ELM_

"oF 3EI, E4 4E4

(B6)

The virtual force, (, is now set to zero and Eq B5 is solved for F in terms of Jp, the
deflection in the direction of Q (the displacement of the indicator)

) 3EI, 48, .
|42 =311, [sing cos¢

(B7)

This is substituted into Eq B6, yielding a function for &, the deflection in the direction of
F (the strain induced deflection), in terms of &, such that

) kY
5, = e AL tan¢ +3IL, cotp + —2="4 | B8
F |ALZ -3I,L, Jl: » tand » COt9 4sin ¢ cos¢ (B5)

The strain of such a deflection is the total deflection (for the "Half model™) divided by the
total length of the device, as in the following equation,
46y 46

R Lror  2Lgg+Lpy ®%

Substituting Eq B8 into Eq B9 and setting Ly = Lgs/2cos¢ and 5Q = /4, we obtain

AL sing N 121 L,, N 61 L
cos*o sing  singcos¢

£,=0 S 7 . (B10)
124,,L
(2LBB +L1”d ’———ALfB - i
cos’¢  cos¢
Eq B10 for the cases L= 0 and L= 98 pm is compared to Gianchandani’s rigorous
derivation in Fig. 2 in the main body (with other parameters as indicated). For residual

stress near zero, the results between the rigorous and linearized derivation with L,z =0
agree. The correction including L. =98 pm leads to a 15% increase in the slope,
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meaning that for a given reading of 8, the value of residual stress will be 15% lower. A
2-D finite element model that included non-linear deflections was developed in ANSYS
to confirm the linear bent-beam model presented here. The resuits of the linear model
were found to be within 2% of those obtained from the FEA model for strains within the
range encountered in this study.

It should be noted that EqBI10 is more quickly applied than the rigorous
derivation. The derivations in refs. [8,9] include strain stiffening, which is not accounted
for in the present analysis. This omission simplifies the derivation of Eq B10, but as such
Eq B10 does not account for nonlinearities at higher stress levels. On the other hand,
Gianchandani's derivation does not account for the effect of the indicator length on the
apparent stress as his structures were designed with indicator of negligible length. The
sensors used here are taken from the design of Zavracky [9] who used indicators of
substantial length, and therefore their length should not be neglected.

In tension, the effect of axial elongation and stress stiffening on & become greater
than 10% at a strain value of +235 pe (for the parameters used in Fig. 2). In compression,
the axial elongation component is negligible compared to the bending contribution, and
therefore the rigorous and linearized derivation with L= 0 Um agree within 10% to
-312 pe. Beyond this value, the nonlinear analysis becomes important because of loss of
sensitivity inherent in the bending contribution. From this comparison we deduce that the
linear model with L;,; = 98 pm is valid over the range from —312 to 235 pe (for Lz = 300
and (D,-D)/2 = 10). It should be noted that neither of these analyses takes buckling into
account. If I.>1,, (as for Polyl and Polyl/2 here), out-of-plane buckling is not
expected. However, if I; <I,,, buckling is complicated because out-of-plane buckling is
favored by lower I,, but in-plane buckling is favored by ¢. A simple way to evaluate out-
of-plane buckling is by interferometry, as discussed in the main text.

In short, for the values of stress encountered here (from -50 to —130 pe), Eq B10
with L,y =98 um gives the best values of residual stress. However, buckling is not
accounted for, and may occur in Poly2 at values beyond ~(m/L)*/3 =45 Ue, the critical
strain for out-of-plane bucking for this layer. Higher sensitivity is possible at low ¢ at
the expense of a greater likelthood of buckling.

Appendix C — Microrings

The analysis of microrings, as presented by Guckel et al. [10], uses Castigliano’s
method to calculate the residual strain from the radius of the critical ring. The following
is a brief overview of that derivation. In the first step, the conversion efficiency, g(R), is
found from the following formulae:

g(R)=~(2b, £,)((2b, 1, + b, 1, ~b, 1), (C1)
fi=(m/4-2/m)(R/e)~2e/TR+4/n—m/4+mk, (1+V)/2, (C2)
f,=(1/2-2/m)(R/€)=2e/TR-1/2+4/m~k,(1+V). (C3)

Definitions of the geometrical parameters b, and b, can be found in Fig. Cl. The
constant kr is a form factor for transverse shear (k;= 1.2 for rectangular cross sections, sce
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Appendix A.2. of Ref 10 for more explanation), v is Poisson's Ratio (=0.23 for
polysilicon), R is the effective ring radius, and e is the eccentricity,
e=R— b,/ In(Ro/Ri). (C4)

In the second step, the effect of boundary compliance due to ring torsion on the
critical buckling strain &, is calculated. The boundary stiffness (as defined by applied
torque divided by rotation at the crossbeam to ring connection) for out-of-plane buckling
(i.e., for crossbeams with b, >t where ¢ is the film thickness) is

o = 4c Eb P
° mR(6c, +1+V)[1-4(1+v —6¢,)* /n*(1+v +6c,)’]

(C5)

where ¢, is the torsional coefficient for the rectangular cross sections of the ring (the “0”

subscript on & refers to out-of-plane). The torsional coefficent ¢, is approximated to
within 0.5% by

c, =l—ﬁitanh b, . (C6)
3 7[5 br 2t
For in-plane buckling (b5 < ) the boundary stiffness is
3
= L’Zbr_ (C7)
3R(n” -8)

(the “” subscript on & now refers to in-plane).
Knowing «, the beam buckling criterion is found by solving the following
transcendental equation for kR

kEl, /ot +tan(kR) = 0, (C8)

where k2 =P, /El,, I =bbt3 /12 for out-of-plane buckling or tbg /12 for in-plane
buckling, and P, =¢,Ebyt. In the case of out-of-plane buckling, for example, if
b,=2by, c,=1/3 and v=0.23, from Eqs C5 and C8,

tan(kR) = —0.30984R, (C9)

resulting in kR =—2.485 and €,, =1*(kR,,)* /12R2, =0.515(¢/R,,)*, where R,, is the

radius of the first buckled ring. The tensile strain may now be calculated by dividing the
critical buckling strain by the conversion efficiency resulting in

e, _(KRVWIR,) _ o o\ (IR,

cr

- = . i (C10)
g(R,) 12g(R,,) g(R,)

Ex
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Appendix D — Fixed-fixed Beams

The governing equation for an elastically buckled beam supported by fixed
clamps, assuming small slopes, is [35]

2"(x) +k*z(x)= M, [(EI), (D1)

where K = P/EL I = bret! 12, P is the axial load in the beam and M, is the end moment
supported by the clamps. The clamped boundary conditions are

2(=Ly /2)=2'(~Lyp 12) = 2L, 12) = 2'(L,, 12) =0. (D2)
The general solution satisfying Egs. (D1) and (D2) is

2xnx

z(x)=§(l+cos }n:l,3,5,... ~Lpp 12€x<Lgp /2. (D3)

FF
where A is the amplitude of the buckled beam. The only solution of practical interest,
representing the smallest critical load, P, is for n=1. Then, k=2n/Lgr and
P, = EI(27r/LpF)2, giving a critical buckling strain &, of
P,

cr

8(."‘ = 2 .
Eb.t 3L

(D4)

The amplitude 4 can be related to the residual strain in the unbuckled beam in
light of the following two considerations [36]. First, the length of the buckled beam can
be determined from the arc length formula by using the small angle approximation (as
justified by the assumption of small slopes),

FIG. C1—Microring diagram.
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Lep/2 d 2 Y2 4 2
hean = | [1+(-Z” dszFF[H[ z J : (DS)
~Lep/2 dx 2LFF

Second, for the assumption of small slopes, the stress in the buckled beam is equal
to the buckling stress. Then, the residual strain released by buckling (i.e., the strain that
contributes to a change in length of the beam) is

Sc=¢€p—€,- (D6)

where & is the residual strain in the material. Therefore, the length of the buckled beam
may also be expressed as

Lyoam = Lpp (1+0€) = Lpp (1 +€5 —€,,). (D7)

From Eqgs D5 and D7, and using Eq D4, we obtain
At nt nt
E, = + =
R4k, 3, 120,

(347 +48). (D8)

Both 4 and ¢ can be accurately measured, and Lgp is well-known from the layout
dimensions. Considering that the elastic supports built by surface micromachining
methods are typically relatively stiff, Eq D8 gives excellent results for the measurement
of & using beams of lengths somewhat larger than the ideal critical Euler buckling length
L., ie.,

cr?

L, >11L, =112 |, (D9)
3e

or

where we have rearranged Eq D4 to find L, . In Eq D9, we have used Fig. 4 in the main

body to assign the 10% length correction compared to the ideally clamped boundary case.
Note that the greater the value of Lgr with respect to L, the smaller is M,, and the

lesser the effect of any boundary compliance on the deflection curve. Therefore, because
the small slopes assumption remains valid, as Lgr grows large compared to L, , Eq D8

correspondingly improves in accuracy.
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ABSTRACT: We studied mechanical properties and alloy effects of free-standing aluminum
microbeams (50 x 500 x 2 pm) in a piezo-actuator-driven test apparatus with a load resolution of
10.2 mN and a displacement resolution of £10 nm. Pure Al and Al-2%Ti microbeams were
fabricated using micromachining techniques. In tensile tests, we found the yield strength to be
approximately 120 MPa for the pure Al beams, and approximately 75% higher for the alloyed
beams. We examined the results with respect to those of bulk materials and thin films adhered to
substrates. In stress relaxation tests, we observed a load drop of 56% over 10 min for the pure Al
beams. We attributed this to grain boundary sliding and the nature of a free-standing thin film,
1.€., the absence of a substrate. For the alloyed beams, the load drop was only 16%. We believed
the difference was due to ALTi precipitates formed at grain boundaries, which hindered
dislocation movements. We used TEM to reveal the microstructural features of the microbeams.

KEYWORDS: micro electro mechanical systems (MEMS), micromachining, thin film,
substrate, piezo-actuator, yield strength, alloy, stress relaxation, grain boundary.

Introduction

In micro electro mechanical systems (MEMS) devices, many of the active
components exist in the form of a free-standing thin film. Such components are
constantly in motion under various actuation or stimulation [1]. Understanding the
mechanical properties of a free-standing thin film is therefore important for the design of
MEMS devices, as well as for predicting their mechanical performances.

The mechanical behavior of a free-standing thin film is expected to be different
from that of bulk material or a conventional thin film on substrate. In a free-standing thin
film, the grain size is typically very small and the absence of a substrate leads to both its
top and bottom surfaces being unconstrained. These microstructural characteristics may
result in unique mechanical properties of a free-standing thin film. Although thin films on
substrates have been extensively studied [2,3], knowledge on free-standing thin films was
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not available until the advent of micromachining techniques and is yet to be further
explored [4]. The first part of our study examined the mechanical behavior of free-
standing aluminum (Al) microbeams and compared the results with those reported for
bulk Al and Al thin films on substrates.

Many MEMS structures employ alloyed, rather than pure, metals for the purpose
of improved mechanical or electrical properties as required by certain device
requirements. In the second part of our study, we investigated the mechanical properties
of titanium (Ti) alloyed Al thin films. The alloyed free-standing microbeams contain 2%
of Ti in atomic percentage. The Al-2%Ti beams were of the same dimension as the pure
Al beams and were fabricated in a similar way. By comparing the mechanical test results
on the alloyed samples with those of the pure Al samples, we were able to demonstrate
the advantages of using Ti as an alloying material for MEMS devices.

The free-standing microbeams (50 X 500 x 2 um) of pure Al and Al-2%Ti were
fabricated using micromachining techniques at Stanford Nanofabrication Facility (SNF).
For the mechanical tests, we used a dedicated micromechanical testing system. The heart
of the system is a custom-designed piezo-actuator-driven test rig with a load resolution of
+0.2 mN and a displacement resolution of £10 nm. We carried out microtensile tests as
well as stress relaxation tests on both the pure Al and Al-2%Ti samples. Transmission
electron microscopy (TEM) was used to reveal the microstructural features of the
microbeam samples.

Sample Fabrication

The specimens were fabricated using micromachining techniques within a
cleanroom facility. For both the pure Al and Al-2%Ti microbeams, the fabrication
process made use of two masks. One mask is for the front side, which defines the beams;
the backside mask defines the silicon windows to be etched away to release the beams.
There are 34 dice per wafer, with each die (Fig. 1) measuring 8 x 21 mm. Each die
contains one microbeam (Fig. 2), which measures 50 um wide, 500 pum long (gage
section), and 2 um thick. For the ease of die removal upon completion of the process, a
groove of about 500 um wide is designed to surround each die. The groove is formed
during the silicon backside etch, which leaves the die attached to the remainder of the
wafer by only two small silicon support bridges at two corners of the die.

FIG. 1-—Die schematic of a microbeam specimen.
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FIG. 2—SEM micrograph of a free-standing Al microbeam specimen (prior to
testing).

To fabricate the pure Al microbeams, we used (100)-oriented 4-in. silicon wafers.
First, 1 um of silicon nitride was deposited by low pressure chemical vapor deposition
(LPCVD) on both sides of the wafer. Using photo resist (PR) to protect the front-side
nitride, the backside nitride was removed by a dry etch; the front-side nitride was used
later as an etch-stop layer during the silicon bulk etch to release the microbeams from the
backside. Next, 2 jim of pure Al was sputter deposited onto the front side of the wafer,
and then patterned with the front-side mask to define the Al microbeams. Afterwards, a
thick layer of PR was put down onto the backside of the wafer and patterned with the
backside mask. This patterned PR acted as etch mask for the removal of silicon from the
backside of the wafer through window regions defined by the backside mask. Silicon was
then dry-etched through wafer thickness (about 500 pum) until the front-side LPCVD
nitride was reached. Lastly, the nitride was removed by dry etch from the backside, and
the Al microbeams were released.

For the fabrication of the Al-2%T1 microbeams, the procedure is identical except
for the step of metal deposition. Instead of depositing pure Al, a 7-ply 0.5 um-A1/10 nm-
Ti multi-layer was deposited on the front side of the wafer followed by subsequent
annealing at 550°C for 1 h in a nitrogen atmosphere. The multi-layer was formed by 3
layers of 10nm-Ti sandwiched alternately between 4 layers of 0.5 pm-Al, giving a total
thickness of about 2 pm. This metal layer was then patterned and further processed. TEM
studies on the cross section of the Al/Ti multi-layer (Fig. 3) before and after the annealing
indicate that Ti had reacted with Al to form Al;Ti precipitates along the Al grain
boundaries during the heat treatment.
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FIG. 3—TEM cross-sectional view of (a) alternate layers of Ti and Al in the as-
deposited Al/Ti multi-layer, (b) Al:Ti precipitates formed at Al grain boundaries after
annealing (arrows are pointed to the locations of Al;Ti precipitates).

Experimental Setup and Procedure

Micromechanical Testing System

The custom-designed micromechanical testing system (Fig. 4) comprises a
piezoelectric actuator with position sensor, a load cell with temperature sensor, a height-
adjustable alignment stage, and sample grips that are attached to the piezo-actuator and
load cell. The control electronics include a waveform generator, an amplifier, a closed-
loop piezo-controller, a signal conditioner, and an A/D board located in a control PC.
Data acquisition is achieved by custom-developed LabVIEW® application. An optical
microscope is mounted directly overlooking the top of the sample for the purpose of
height alignment as well as test monitoring [5]. During testing, the system is kept in a
thermally insulating box to eliminate possible effects that could be caused by temperature
fluctuations, such as load cell drift or change in thermal expansion coefficients of the
components of the system, which could lead to inaccurate measurement of stress or strain.
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FIG. 4—Top view of the main components of the
custom-designed micromechanical testing system.

The load cell has a maximum measurement range of 44.5 N and a load resolution
of £0.2 mN. The piezo-actuator has a maximum measurement range of 60 um and a
displacement resolution of £10 nm. The load to stress conversion is given by
Load  Load
— =7 (H
rea 107" m
where Area = 50 um x 2pm = 107"° m’ is the cross-sectional area of the beam. The

displacement to strain conversion is given by
GaugeDisplacement

Stress =

Strain = 2
GaugeLength

While we are only interested in the displacement of the gage section of the specimen,
other parts of the system along the stress direction also contribute to the total measured
displacement. Strain calibration is done by taking into account the stiffness of the load
cell, root section of the specimen, and other compliant parts of the system in addition to
the stiffness of the gage section of the specimen [5]. These additional stiffness values are,
in fact, much greater than that of the gage section. To find the calibrated strain, we
rewrite Eq 2 as

Strain

_ GaugeDllsp. TotalDisp _ CorrectionFactor - TotalDisp 3)

TotalDisp GaugelLength GaugeLength
where TotalDisp is the total displacement measured in a tensile experiment, while
CorrectionFactor is the ratio of actual gauge displacement over total displacement
measured, which is calculated from the stiffness of all the compliant parts in the system,
and differs for microbeams of different material and/or geometry. For a pure Al
microbeam of 2 um in thickness, its correction Factor is calculated to be approximately
0.76, meaning 76% of the measured displacement accounts for the actual gage section
displacement. This correction factor is assumed to be the same for an Al-2%Ti
microbeam due to the fact that the percentage of Ti is very small.
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Experimental Procedure

Prior to testing, the electronics are energized and left to thermally equilibrate. The
load cell is pre-calibrated [5]. The sample stage is adjusted under the optical microscope
to eliminate any height difference between the two grips.

The test die is removed from the wafer by gently breaking the two silicon support
bridges attached to the die corners and is then placed on the grips with the beam side
facing downward. It is then clamped in place by four screws, two on each side, with care
taken to ensure even clamping throughout the process (by monitoring the load response
on the LabVIEW® screen). Upon securing the die onto the grips, the silicon supports on
the two long sides of the die are cut with a hand-held rotary diamond saw. The Al
microbeam is now free standing between the two grips, where one end is attached to the
load cell and the other to the piezo. Finally, the system is enclosed in the thermally
insulating box and allowed to reach thermal equilibrium before actual testing (the
temperature is maintained £0.5°C).

Tensile tests are performed by allowing the piezo control voltage to increase (i.e.,
to elongate the beam) monotonically, while the corresponding load (or stress) response of
the beam and hence the stress versus strain relation is recorded by LabVIEW®. For a
stress relaxation test, the beam is quickly loaded to a certain strain first and then held at
this constant strain while the resulting load (or stress) change is recorded.

Results and Discussion

Tensile Test

From the stress vs. strain curve (Fig. 5) of the pure Al free-standing microbeams,
we find Young’s modulus from the initial slope of the elastic region. This slope is found
to be about 60 GPa, close to the value of 62 GPa for bulk Al [6]. The yield strength at
0.2% strain for the pure Al free-standing microbeams is about 120 MPa. It is much higher
than that of bulk Al, which is about 10 to 20 MPa [6]; yet somewhat lower than that of a
conventional Al thin film on substrate, which has been reported to range from 200 MPa to
400 MPa depending on its thickness [7].

The significantly higher yield strength of our Al free-standing thin film as
compared to bulk Al agrees with classical theory. It is known that the tensile strength of a
material is proportional to the inverse square root of its grain size [8]. While bulk

Stress (MPa)

0 1

S PR | 1
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FIG. 5—Stress vs. strain curves of pure Al and AI-2%Ti microbeams.
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materials commonly have grains in the millimeter range, thin films typically have grains
in the range of microns or tens of microns, roughly equal to their film thickness. Our pure
Al free-standing thin films have grains of about 2 pm (Fig. 6). The much smaller grain
size results in much larger yield strength.

FIG. 6—TEM bright filed image of a grain in a pure Al microbeam, showing
dislocations after 0.4% strain.

Conventional thin films on substrates typically have higher yield strengths than
their bulk counterparts not only because of their small grain sizes, but also the presence of
substrates. It has been shown that the stress required to move dislocations in a thin film
adhered to substrate is greater than that for bulk material, due to the fact that misfit
dislocations are pinned at the film-substrate interface, which makes the dislocation
motion difficult [9]. The reason for the slightly lower yield strength of our Al free-
standing thin film as compared to a conventional Al thin film on substrate, is, we believe,
due simply to the absence of a substrate. For the case of a free-standing thin film, since
both of its surfaces are free of constraint (because there is no film-substrate interface),
dislocations can glide under lower applied loads than those in a conventional thin film
adhered to substrate. Consequently, this will result in a lower yield strength for a free-
standing thin film. This has been proved by our tensile test result.

From the stress vs. strain curve (Fig. 5) of the Al-2%Ti microbeams, we find a
Young’s modulus of about 60 GPa, similar to that of the pure Al microbeams. This is
expected as the Ti concentration is reasonably low in these samples, and thus the modulus
of the alloy is dominated by the modulus of the pure Al. The yield strength of the Al-
2%Ti microbeams is found to be 210 MPa, about 75% higher than that of pure Al This
significant yield strength increase is due to Al;Ti precipitates that have formed at grain
boundaries. Al;Ti has a much larger modulus than that of Al [10]. It is known that hard
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precipitates (in this case, Al3Ti) can block the motion of dislocations in a soft matrix (in
this case, Al), and hence increase the amount of stress required to move these dislocations
[11]. In effect, this will result in a higher yield strength in the Al-2%Ti microbeams than
of those made from pure Al

FIG. 7—TEM bright field image of a grain in an Al-2%Ti microbeam, showing
dislocations after 0.4% strain (arrows are pointed to the locations of Al;Ti precipitates).

Our TEM observation also showed a consistent result. The TEM samples were
prepared from pure Al and Al-2%Ti beams after 0.4% strain of deformation. The bright
field image of the pure Al sample (Fig. 6) under a two-beam condition (g =111) reveals
many dislocations in the grain that are running rather straight. In the alloyed sample (Fig.
7), however, we see a different dislocation pattern, that is, dislocations in the alloyed
beams appear to zigzag or swirl around AL:Ti precipitates, indicating that their motion
was indeed blocked by the presence of the precipitates.

We have therefore demonstrated that we can increase the yield strength of a pure
Al free-standing thin film by alloying Al with Ti. In a particular MEMS device that
requires high strength, this alloying method becomes of very practical importance.
Especially when the electrical conductivity is important, such as in an RF circuit switch
[1], and considering that the Ti alloy has a conductivity not much lower than that of pure
Al [6], choosing Ti as an alloying material for building such MEMS structures offers
advantages over pure Al

Stress Relaxation Test

In stress relaxation tests, using a strain rate of 0.25 um/s, we first quickly loaded
the samples to a strain of 1.2 X 10, Then, holding the strain constant at this value (piezo
displacement held at a corresponding constant value), we recorded the load change over
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time for both the pure Al and the Al-2%Ti microbeams (Fig, 8).

For the pure Al microbeams, over a relaxation time of about 9 min, the stress
dropped from 50 MPa to 22 MPa, corresponding to a 56% relaxation from the initial
stress. For the Al-2%Ti micro-beams, over the same period of relaxation time, the stress
dropped from 50 MPa to 44 MPa, corresponding to a 16% relaxation.

As we study the relaxation behaviors in these microbeams, we suspect that there is
certain amount of relaxation sustained in the testing apparatus other than the actual
relaxation in the gage section of the beams. However, our earlier relaxation tests on some
iridium microbeams (of the same lateral dimensions, yet 0.35 pm in thickness) revealed
no relaxation (i.e., load drop) over periods of 40 to 60 min. Since iridium has very little
relaxation in room temperature due to its high melting point, which implies that the
additional system relaxation is almost negligible. Further experiments on measuring this
system relaxation are in progress. At present stage, since we are not yet able to quantify
the values of the system relaxation, we make the assumption that for the same constant
strain and the same initial stress, the additional system relaxation is the same, and small,
for the pure Al and the Al-2%Ti microbeams.

Stress relaxation has been widely investigated for bulk materials as well as thin
films on substrates [12,13]. Those studies have found that grain boundary sliding is
responsible for stress relaxation. It is noteworthy that the amount of stress relaxation from
those studies was only a few percent [13], whereas we found more than 50% for our Al
microbeams over the same time period. We have eliminated the possibility of test
instrument errors and suggest that grain boundary sliding also accounts for relaxation in
free-standing thin films. Qualitatively speaking, we would expect a free-standing thin
film to have more grain boundary sliding taking place than a bulk material or a thin film
on substrate, again because its top and bottom surfaces are unconstrained. Therefore, the
amount of relaxation could be very large compared to bulk, which explains why the pure
Al beams exhibit more than 50% of stress relaxation.

In the case of the Al-2%Ti microbeams, we see that the amount of relaxation is
significantly less than that of the pure Al This is probably due to the Al;Ti precipitates
formed at Al grain boundaries that hinder the grain boundary sliding, thereby decreasing
the amount of relaxation compared to the pure Al.
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FIG. 8—Stress relaxation of (a) pure Al micro beams, (b) Al-2%Ti microbeams.

Since our stress relaxation tests were carried out in a stress range below 50 MPa,
i.e., in the elastic regime, we can attribute the stress relaxation to anelasticity. We can, to
first order, model the system as being a spring (£ ) in parallel with a combination of a
spring (E) and a dashpot (77) in series (Fig. 9). For a constant strain of &, the relaxed
stress is a function of time given by

o(?) =80[Em +E-exp(—£):| “4)

Oinial__ O final o . .
—=~=——and 7= s Since the elastic moduli for our pure Al and Al-

E.+E E.°
2%Ti microbeams are nearly the same value, the difference in relaxation time, 7, is therefore
directly related to7], the damping factor. As we can imagine, because of the Al;Ti precipitates
formed at Al grain boundaries, 7 is larger in value for the Al-2%Ti microbeams. Consequently,
the relaxation time, 7, is longer for the Al-2%Ti microbeams, which again explains why the

amount of relaxation in the same time period for the pure Al case is larger than for the Al-2%Ti
case.

where €, =

o

Ewg

n

o
FIG. 9—Simple anelastic model.
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Another argument we can use to validate our result is that anelasticity is said to
increase with sample purity [14]. That is to say, pure Al should have more relaxation than
alloyed Al This again agrees with our result.

Conclusions

We studied the mechanical properties as well as alloying effects of pure Al and
Al-2%Ti free-standing microbeams. From tensile tests, we found the yield strength for
pure Al microbeams to be 120 MPa. The yield strength for Al-2%Ti was about 75%
higher. From stress relaxation tests, we found the amount of relaxed stress is much larger
for pure Al than for Al-2%Ti. It is therefore desirable to use certain alloyed materials for
MEMS devices that require high strength and a small amount of stress relaxation.
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ABSTRACT: Thin film tensile testers using an electrostatic force grip system were developed to
enable increased reliability in MEMS devices. This grip system uses electrostatic force to chuck
a thin film specimen. The chucking force is easily controlled and the damage to the specimen
during testing can be minimized. With these testers, silicon, silicon-dioxide, and silicon-nitride
thin films fabricated with surface micromachining were tensile-tested in a vacuum and in air. The
specimens were 2 to 10 pm wide, 30 to 300 um long, and 0.7 to 2.0 um thick. We compare the
strength of these films and discuss the fracture properties of the films and the effect of the
environment.

KEYWORDS: tensile test, tensile strength, fracture toughness, polysilicon, silicon dioxide,
silicon nitride, electrostatic force grip

Introduction

The mechanical properties of several-micron-thick thin films are of concem to
engineers who would like to use such films as structural materials in microsensors. The
development of these microsensors has recently been moving from the research to the
production stage, and knowledge of the mechanical reliability of these thin films is
needed to ensure sensor reliability. The mechanical strength of thin films has previously
been measured through a membrane fracture test by applying pressure (a bulge test [1,2])
and through a cantilever beam-bending test [3,4]. However, the measured strength values
by these methods are affected by the specimen shape, because the fracture occurred at the
edge of the membrane or the beam and the stress at the edge is significantly changed by
the shape of the edge. To reveal the fracture mechanism of thin films and the relationship
between the mechanical strength and thin film microstructure, such as grain size and
surface roughness, the uniaxial tensile strength must be measured. However, tensile
testing of thin films is difficult. Once a specimen is released from its substrate, it is too
small to be easily manipulated and cannot be fixed to a tester by screwing it to the tester
grips. Koskinen et al. used an adhesive to fix each specimen to the grips [5]. This allows
easy attachment, but the fractured specimen is then difficult to release and the probe must
be cleaned before the next test. It thus takes a long time to test many specimens.

We have proposed a grip system that uses electrostatic force and have developed a
thin-film tensile tester [6]. Electrostatic force is weak compared with mechanically
actuated force; although it is too weak for chucking bulk materials, it is strong enough to
fix a thin film. A specimen can be easily fixed to and released from the tester grip by
applying and cutting off the electrical power supply. Therefore, the large number of

! Advanced Device Lab, Toyota Central R&D Labs., Inc., Nagakute, Aichi 480-1192, Japan.
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specimens needed for a statistical evaluation can be tested sequentially without
excessively troublesome sample preparation.

Using this grip system, we have tested polysilicon [7,8] and SiO; films [9]. The
polysilicon films were tensile tested in a vacuum. The effect of sample size on tensile
strength was evaluated and the fracture origin was determined [7]. The strength of brittle
materials is dominated by the size of the fracture-initiating flaw in the sample. The larger
sample has a high probability of the existence of a larger flaw. Therefore, the larger
sample shows lower strength than the smaller sample. Moreover, we can determine the
location of the flaw analyzing which quantity (volume, surface area, length, and so on) of
the sample affects its strength. In addition, the tensile strength and the fracture toughness
of films fabricated under various process conditions were evaluated and the effects of
annealing temperature and grain size were discussed {8]. Plasma CVD SiO, films were
tensile tested both in air and in a vacuum. Static corrosion caused by corrosion arising
from contact with water was observed [9].

In this paper, we compare the properties of LPCVD polysilicon, plasma CVD
silicon-dioxide, and plasma CVD silicon-nitride films, focusing especially on durability
against damage from the environment. In addition to our previous results, polysilicon
films were tested in air, and silicon-nitride films were tested both in air and in a vacuum.
Also, a specimen-fabrication process was developed. We begin by describing the
electrostatic force grip and thin film tensile testers, then explain how the specimens,
mainly silicon-nitride films, were prepared for testing. We show the tensile testing results
for three materials in both environments and discuss the feasibility of using each film in
MEMS applications in a vacuum or air environment.

;
___—1 Tensile
! - .
i Il ] e = orece
~ r\\.\\_:_-‘_______,_
Electrostatic Probe __,’—""JI

_— Specimen

Thickness: 0.5~2 um

FIG. 1—Electrostatic force grip.

Electrostatic Force Grip

Working Principle

Figure 1 illustrates the concept of tensile testing using an electrostatic force grip.
One end of a specimen is fixed to a silicon wafer as a substrate. The other end is free
from the substrate and is fixed to a probe by electrostatic force. In the test, the specimen
can be handled as fabricated on the substrate and can be fixed to the tester without
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touching the thin film.

The electrostatic force between the probe and the specimen’s free end is generated
in two ways, depending on the testing material (Fig. 2). For a conductive film, the probe
is made of a conductive material covered with an insulating film. By applying voltage
between the probe and the specimen, an electrostatic force is generated. For an insulating
film, the probe has two electrodes. An electrode is fabricated on the free end of the
specimen. By applying voltage between the two electrodes on the probe, an electrostatic
force is generated between the probe and the specimen.

In this system, the misalignment of the probe to the specimen causes the bending
moment on the specimen. We have calculated the stress on the specimen using FEM.
Assuming the vertical misalignment of the probe is 10 um, the maximum stress that
occurred at the end of the parallel part of the specimen is 102.6% of the nominal tensile
stress. This is not so large, but we must care for its misalignment.

Chucking Force Calculation

We calculated, as follows, the electrostatic force needed to fix the specimen,
assuming a polysilicon thin-film specimen whose tested part was 5 um wide, 30 to 300
um long, and 2 pm thick. The assumed probe was a silicon wafer covered with a silicon-
nitride film (SisN4). When a specimen is fixed to the probe, the electrostatic force acting
perpendicularly to two parallel electrodes (Fy) is calculated as
— SrSO S 2

2 & @
where S is the area of the free end of the specimen, d and & is the gap and dielectric
constant between the probe and the free end, V is the applied voltage, and &) is the
permittivity constant (8.854 x 10" F/m). The gap d is equal to the thickness of the
silicon nitride film that acts as an insulating film (4 = 0.2 um) and the dielectric constant
& 1s that of the silicon nitride film.

To fix the specimen to the probe in a way that prevents slipping while the tensile
force is loaded, other forces parallel to the tensile stress are needed. Two forces can be
used: the pure electrostatic force Fy, and the friction force Fr. The electrostatic force Fiy
acting parallel to two electrodes 1s

Ey

£ 80 Wg 2
=-Zh Ty @
7 2 d
where w, is the width of the free end. The friction force Fr is
£ S
F = uF, =-u "0V, &)

where i is the friction coefficient between the specimen and the probe. Though this
coefficient is not well known, we assume u as 0.3. The sum of the two forces has to
exceed the fracture tensile force Fr,

Fo+Fy>F.=0,w’ )
where w is the width of the tested part of the specimen (2 to 5 pm). Since the tensile

strength o, will be several GPa, the largest value of Fr is about 0.1 N. The applied voltage
¥ is 100 V, considering the electrical breakdown strength of the insulating film (several
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MV/cm). Assuming that the free end of the specimen is square (§ = wgz), the area of this
electrode needs to be more than 200 x 200 pm. In this case, the friction force Fr is
dominant for fixing the specimen, and the electrostatic force Fjy acting parallel to the
specimen is about 1/1000 of Fr. The electrostatic force Fj is therefore much smaller than
the fracture tensile force Fr. If no friction force were produced, the width of the specimen
would have to be 60 mm. Such a large electrode is not practical.
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FIG. 2—Electrostatic force grip for (a) a conductive film, and (b) an insulating

Sfilm.

In the case of the grip system for an insulating film, some parameters must be
substituted, but the electrostatic force is still generated in the same way. The friction force
Frbetween one probe electrode and the electrode on the specimen is described by

£g, S
Fo=pF, =—pu—2 =y 5
F ”‘F 14 ﬂ 1 6 dz ( )
As a result, the friction force generated on two electrodes of the probe is a quarter
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of that for conductive films. However, we can increase the friction force by increasing the
voltage ¥, because the electric field applied to the insulating film becomes ¥/2d.

Thin-Film Tensile Tester

We have developed two tensile testers that use an electrostatic force grip in air
and in a vacuum. Figure 3 shows schematic diagrams of the two testers. The tester in a
vacuum was constructed in an SEM sample chamber through additional stages and
mechanisms. All procedures of the tensile test were observed with the SEM. A
stereoscopic microscope was used to observe the tensile test in air.

SEM Stage

SEM Chamber

Heater |

. mSeE || Xsbp
RN i S
Vibration Proof Table

b)

FIG. 3—Schematic diagram of the thin-film tensile tester (a) in a vacuum, and (b)
in air.

These two testers worked in the same manner. The probe for chucking the
specimen was fixed at the center of the microscope’s visual field and moved along the
optical axis to align the spacing between the specimen and probe. The sample stage that
the specimen was put onto was driven in two ways. The stage driven by a micrometer
could move along the two horizontal axes to align the specimen to the probe. The tester in
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a vacuum used the SEM sample stage for this purpose. The tester in air used an XY
translation stage. Tensile force was applied through the displacement of a stacked
piezoelectric actuator on the stage. A loadcell connected to the probe measured the tensile
force. The loadcells were specially made force sensors that used a semiconductor strain
gage (in a vacuum) and a commercially available force transducer (Minebea UT-100GR)
(in air).

Experiments

Specimen Fabrication

LPCVD polysilicon, plasma CVD SiO, (also referred to as NSG: nondoped
silicate glass), and plasma CVD SiN (pCVD SiN) specimens were fabricated. We
previously reported our results concerning the tensile properties of polysilicon films in a
vacuum, focusing on the effects of the specimen size and the deposition and annealing
conditions on tensile strength. Tensile testing of polysilicon in air is considered in this
paper. The polysilicon films were deposited as amorphous films by LPCVD using Si,Hs
gas at 520°C, 6 Pa, crystallized at 1000°C, and phosphorus doped using POCl; at 1000°C.
The grain size of the polysilicon films was 0.3 pm. Details of the deposition conditions
and the fabrication process have been reported [7].

The fabrication process of the NSG specimens has also been described elsewhere
[9]. The NSG films were deposited by plasma CVD using TEOS (Tetra Ethyl Ortho
Silicate) at 390°C, 1200 Pa. The RF power is 200 W.

Silicon-nitride films are often used as passivation films in semiconductor devices
and as structural films in thermal-type infrared sensors and pressure sensors.

Figure 4 shows the fabrication process of the pCVD SiN specimens. A polysilicon
film was deposited as a sacrificial layer, and then the SiN film was deposited by plasma
CVD using SiHs and NH; gases at 400°C, 590 Pa. The RF power is 400 W. The SiN film
is patterned to the specimen shape. The etching holes on the free end of the specimen
were fabricated 20 pm apart to shorten the etching time. A titanium film that was
deposited on the SiN film then patterned was used as the electrode on the free end. The
sacrificial layer and silicon wafer were etched with a tetramethyl ammonium hydroxide
(TMAH) solution to release the specimen.

Tensile Test

To measure the tensile strength and the fracture toughness, specimens with and
without a notch were tested. The shape of the tested part of each specimen is shown in
Fig. 5. The specimens without a notch for the tensile strength measurement had various
lengths and widths. We calculated the tensile strength by dividing the measured fracture
force by the cross-sectional area of the tested part. The specimens with a notch for the
fracture toughness evaluation were 100 pm long and 5 or 10 um wide. The notch was at
the center of the tested part.
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FIG. 5—Specimen dimensions.

The notched beam fracture toughness K was calculated from the fracture stress of
the notched specimen o,

Ko=oyfe 7

where c is the notch length and fis a constant dependent on a/w:

f=1.99-0.41(c/w)+18.7(c/w)’ -38.48(c/w)’ +53.85(c/w)". 8)
The specimen sizes of the tested films are summarized in Table 1. The specimen
widths w and the notch lengths ¢ described in this paper are nominal values. The actual
size is measured by SEM observation and is used for the strength and toughness
calculation. These tensile tests were performed both in air and in a vacuum at room
temperature. The relative humidity of testing environment in air is 40 to 50% (not
controlled). The pressure in the SEM chamber cannot be measured, but it should be less
than 107 Pa.
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TABLE 1—Specimen size of tested films.

polySi NSG _ SiN

Thickness, um 2.0 0.65 0.70
Width, pm 2 5 2
Length, pm 30, 100, 300

Results

Elastic properties of the tested films are calculated from the load-deflection curve
of the square diaphragms [10]. The average values of the Young’s modulus and the
internal stress are listed in Table 2. The internal stress listed is released after the
sacrificial etching.

TABLE 2—Elastic properties of tested films.

poly-Si  NSG  SiN
Young’s Modulus, GPa 167 70 150
Internal Stress, MPa 7.0 24 140

Polysilicon Films

The tensile strength of the polysilicon films was 2.5 to 2.8 GPa in air and 3.1 to
3.6 GPa in a vacuum (Table 3), and the fracture strain was as high as 2%. Figure 6 shows
that the tensile strength in air was 70 to 80% of that in a vacuum. However, while the
tensile strength in a vacuum was lower for the longer specimens, the tensile strength in air
seemed to be unaffected by the specimen length.

The notched beam fracture toughness K calculated from the fracture strength of
the notched specimens was 3.2 to 3.5 MPa\/—r;l, as shown in Fig. 7. These values varied as
the notch size changed, because the tip of the notch could not act as crack, which has an
infinitesimal radius. The toughness K in air was about 90% of that in a vacuum.

TABLE 3—Tensile strength of polysilicon films.

Air Vacuum
Length, pm 30 100 300 30 100 300
Test number 2 4 4 7 7 7

Average, GPa 2.64 2.76 247 3.63 3.15 3.10
Std. dev., GPa 0.10 0.17 0.41 0.18 0.35 0.17
Max, GPa 2.71 3.00 2.86 3.94 3.67 3.37
Min, GPa 2.58 2.62 1.95 347 2.74 2.88
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FIG. 6—Effect of the environment on the tensile strength of polysilicon films for
various specimen lengths. Error bars show the maximum and minimum measured tensile
strength.
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FIG. 7—Effect of environment on the notched beam fracture toughness K of
polysilicon films.

Silicon-Dioxide Films

The tensile strength of the NSG films was 0.67 to 0.94 GPa in air and 1.58 to 1.84
GPa in a vacuum (Table 4). The fracture strain in a vacuum reached 2.5%. Figure 8
shows the effect of the environment on tensile strength against specimen length. The
tensile strength in air was about 50% of that in a vacuum. The tensile strength was
affected by the specimen length.

The notched beam fracture toughness Ky was 0.6 to 1.0 MPa\la in air, and 1.4 to

2.0 MPa\/—rﬁ in a vacuum (Fig. 9). The toughness Ky in air was also 50% of that in a
vacuum.
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TABLE 4—Tensile strength of plasma CVD SiO; films.

Air Vacuum
Length, pm 30 100 300 30 100 300
Test number 3 4 2 9 9 6

Average, GPa 0.95 0.75 0.67 1.84 1.81 1.58
Std. dev., GPa 0.17 0.10 0.14 0.25 0.14 0.15

Max, GPa 1.12 0.86 0.77 2.16 2.01 1.71
Min, GPa 0.80 0.61 0.56 1.47 1.63 1.38
; Width: 5 pm
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FIG. 8—Effect of the environment on the tensile strength of plasma CVD SiO;
films for various specimen lengths.
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FIG. 9—Effect of the environment on the notched beam fracture toughness Ky of
plasma CVD SiQ; films.

Silicon-Nitride Films

The tensile strength of plasma CVD SiN films was 4.2 to 4.6 GPa in air and 4.8 to
5.0 GPa in a vacuum (Table 5), and the fracture strain was more than 3%. Figure 10
shows the effect of the environment on the tensile strength against specimen length. The
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tensile strength in air was 90% of that in a vacuum and decreased as the specimen length
increased.

The notched beam fracture toughness Kq was 2.3 to 3.2 MPa\/r—n, as shown in Fig.
11. During the tests in a vacuum, specimens stuck to the substrate because of charges
generated on the specimen during the SEM observation (the accelerating voltage = 2 kV).
Due to this difficulty, only a small number of longer specimens and notched specimens
could be tested. Thus, the notched beam fracture toughness K could not be evaluated.

TABLE 5—Tensile strength of pCVD SiN films.

Air Vacuum
Length, um 30 100 300 30 100 300
Test number 14 24 13 13 11 2

Average, GPa 4.64 4.60 4.15 5.15 4.99 4.99
Std. dev., GPa 0.31 0.28 0.19 0.60 0.63 1.00

Max, GPa 5.35 5.27 4,51 6.14 5.88 5.70
Min, GPa 4.18 3.99 3.84 3.91 3.72 4.28
Width:2 um
7.0
5_’6 6.0 vac
250
40
< X
& 30 air
%“: 2.0
E\ 1.0
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FIG. 10—Effect of the environment on the tensile strength of pCVD SiN films for
various specimen lengths.
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FIG. 11—Effect of the environment on the notched beam fracture toughness Ko of
pCVD SiN films (in air).
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Discussion

Tensile Strength

All films that we tested showed brittle fracture. The stress was linearly increased
until the fracture occurred. The tensile strength of most of the films was affected by the
specimen length, which shows that fracture began at critical flaws in the specimens. The
size effect on the tensile strength was clearly observed in the NSG and SiN films, because
these films had glass or amorphous structures that were homogeneous in all directions.
Fracture began at the largest crack on each of their surfaces. The cracks must have been
created by the fabrication process, especially by the patterning of the specimens by
reactive ion etching (RIE). The etched surfaces by RIE often have roughness due to
chemical reaction during etching [11]. The patterned side surface was relatively rough,
and would have had many potential fracture origins. However, the size effect was not
clearly observed for the polysilicon film, especially in air. Heavily phosphorus-doped
polysilicon often has phosphosilicate glass at its boundary structure [12]. This glass
structure appears as etch pits on the specimen surface. We previously found these pits to
be the fracture origin during tensile testing in a vacuum [7]. Corrosion of the glass
structure at the boundary affects the fracture behavior of the polysilicon films.

Notched Beam Fracture Toughness

The notched beam fracture toughness Kq of each film was relatively high
compared to reported the plane-strain fracture toughness of bulk single crystal silicon (Kic
= 0.82 MPa/\/B for (111) plane-family orientation) [13]. As mentioned, the notches
fabricated by photolithography and reactive ion etching had a finite tip radius. This radius
differed among the tested materials because of differences in the materials’ optical
properties (e.g., refractive index, reflectance) and reaction with the etching gases; i.e.,
these notches would not have had the same radius even if the same mask design was used.
Figure 12 shows the notch shapes of the tested materials. Because of the difference in
notch shape, it was difficult to compare each value quantitatively.

K]

FIG. 12—Notches in specimens used for the fracture test. The designed depth of
all notches was 2 um: (a) polysilicon, (b) NSG, and (c) SiN.
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Taking these differences in notch shape into consideration, the notched beam
fracture toughness Ky of the polysilicon film seems to be greater than that of the pCVD
SiN film, while the tensile strength is less. The high fracture toughness shows that
fractures occurred in the silicon grain at the notch tip. Sato et al. reported that single
crystal silicon has a high fracture strain (more than 2%) [14]. The measured notched
beam fracture toughness Ky of the polysilicon film must show that of single crystal
silicon.

Effect of the Environment

The tensile strength of the NSG film was the most affected by the testing
environment. That of the polysilicon film was less affected, and that of the plasma CVD
SiN film was almost completely unaffected. We have already discussed the
environmental effect on the tensile strength of NSG films. The low tensile strength and
notched beam fracture toughness of SiO, films in air was caused by crack propagation
during the tensile test. This crack propagation was probably caused by water vapor in the
air that absorbed at the crack tip and enhanced the crack propagation [15]. Therefore, use
of an NSG structure in air is likely to lead to low mechanical reliability.

The decreased tensile strength of polysilicon films in air was probably caused by a
grain boundary structure of phosphosilicate glass. This glass material also corrodes and
shows static fatigue in a humid environment. Brown et al. reported that fatigue failure of
the polysilicon structure appears to be related to the boundary silicate materials [16].
Therefore, care must be taken when a polysilicon film is to be used (e.g., polysilicon
sensors are often packaged in a nitrogen environment). However, the grain of polysilicon
that has a crystal structure must be stable in air, because the decrease in the notched beam
fracture toughness K of the polysilicon film in air, was smaller than the decrease in
tensile strength and the same as that for a silicon-nitride film. Control of the grain
boundary structure is thus important to improve reliability.

The silicon-nitride film showed high tensile strength, even in air. Thus, the
stability of silicon-nitride films makes them suitable for use as insulating structures or
passivation films in devices exposed to air.

Conclusion

We have successfully applied our thin-film tensile tester, which uses an
electrostatic force grip, to evaluate the reliability of MEMS and silicon sensors. We tested
LPCVD polysilicon, plasma CVD Si0;, and plasma CVD SiN films. These films all
showed high strength with fracture strains of about 2% in a vacuum, even though the
fractures were brittle. The properties of the SiN films make these films good for
applications in air, whereas the SiO; film suffers from static fatigue in air. The strength of
polysilicon films is determined mainly by each film’s boundary structure, which must be
controlled to ensure device reliability.
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ABSTRACT: Test methods for two types of thin-film tensile specimens have been developed in earlier
works, and these are reviewed as background for new applications. Two kinds of specimens are tested.
The first is 600 um wide and suspended across a support frame, and the second is 6 to 50 pm wide and
fixed to the silicon substrate at one end. Test systems incorporating force, strain, and displacement
measurement are used, and Young’s modulus can be obtained by three methods, which yield equivalent
results.

Tensile stress-strain curves of polysilicon have been recorded over the temperature range 30 to 250°C.
The modulus decreases at a rate of 0.043 GPa/°C, and the strength increases slightly, although the scatter
of the data is large in both cases. Polysilicon specimens produced by three vendors show essentially the
same Young’s modulus, but the fracture strengths vary by almost a factor of two.

The first tensile tests of silicon nitride film are reported. The specimens are 0.5 um thick, 600 um
wide, and 4 mm long in the gage section. Young’s modulus is measured as 255 + 2.6 GPa, Poisson’s ratio
15 0.22 £ 0.02, and the fracture strength is 6.42 £ 1.11 GPa.

KEYWORDS: thin films, Young’s modulus, Poisson’s ratio, fracture strength, polysilicon, silicon
nitride, temperature

Introduction

The rationale behind the tensile test as defined in ASTM standards E-8 for metals and C-
1273 for ceramics is clear; the uniform state of stress is determined from the cross-sectional area
and measurement of applied force with strain measured directly on the specimen, This approach
eliminates the potential ambiguity of indirect or inverse methods, where properties are extracted
from the force-deflection record of a modeled test structure containing sharp stress gradients. In
most cases, tensile tests provide true material properties independent of specimen size and shape.
However, tensile testing is not always possible or appropriate for the thin-film materials used in
MEMS.

Thin films can be readily tested in tension provided the planar dimensions are large
enough; in fact, ASTM E-345 for foils details the procedure. It is difficult to bring this down to
the MEMS scale because the material is not normally produced over large areas, and one needs a
specimen fabricated by the same processes as used for the microdevices themselves. This
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restriction has led to a variety of indirect methods using in-plane and out-of-plane bending as
well as resonant structure techniques. A comprehensive review is not included here; an earlier
review is from a 1996 reference [1]. A more recent example of in-plane bending is by Jones,
Johnson, and Howe, who take video images of deflected beams [2]; an example of an out-of-
plane measurement is presented by Serre et al., who use an AFM probe [3]. An on-chip out-of-
plane bending test in which both ends of the beam are fixed has been introduced by Senturia and
his students [4]. A good example of resonant structures is that of Brown and colleagues [5].

Tensile test techniques and procedures have been developed for MEMS materials where
the gage sections are on the same size scale as microdevices, i.e., a few microns on a side. Such
test methods can be used to determine “baseline” material properties, which can then be used to
validate more convenient on-chip test structures. There are two arrangements currently used for
tensile tests of thin-film MEMS materials: specimen in a supporting frame and specimen fixed to
die at one end.

Read and Dally introduced the “specimen in a frame” concept in 1993 [6]. The tensile
specimen is patterned onto the surface of a wafer, and then a window is etched through the back
of the wafer to expose the gage section. The result is a specimen suspended across a rectangular
frame that can be handled easily and placed into a test machine. The two larger ends of the frame
are fastened to grips, and the two sides are cut to completely free the specimen. This is an
extension of the earlier approach by Neugebauer [7] and has been adopted by others [8], [9],
[10], [11], [12].

Tsuchiya introduced the concept of a tensile specimen fixed to the die at one end and
gripped with an electrostatic probe at the other end [13]. This approach has been adopted at
Johns Hopkins [14]. Knauss and Chasiotis have developed procedures for gluing the grip end to
a force/displacement transducer [15] that enables the application of larger forces. A different
approach is to fabricate the grip end in the shape of a ring and insert a pin into it to make the
mechanical connection to the test system. Greek originated this with a custom-made setup [16],
and LaVan uses the probe of a nanoindenter for the same purpose [17].

All of the above may appear impressive to the materials test engineer accustomed to
common structural materials, but there is a continuing push toward smaller structural
components—at the nanoscale. Yu et al. have successfully attached the ends of carbon nanotubes
as small as 20 nanometers in diameter and a few microns long, to atomic force microscopy
(AFM) probes. As the probes were moved apart inside a SEM, their deflections are measured
and used to extract both the force in the tube and its overall elongation [18].

This paper describes the tensile test methods developed at Johns Hopkins as they are
applied to various thin films—four polysilicons and silicon nitride. The two specimen designs (~
600 um wide and ~ 6 to 50 um wide) along with a discussion of the difficulty in measuring
dimensions are presented first and followed by brief descriptions of the test systems. After
presenting representative stress-strain curves for the two kinds of specimens, a comparison of
three different ways of obtaining Young’s modulus is given. Then, new results on the effect of
temperature on the modulus and strength of polysilicon are presented. This is followed by
modulus and strength results for polysilicon specimens manufactured four different ways. The
first tensile tests of silicon nitride in which both lateral and axial strain are measured are
compared with earlier works. The paper closes with comments about the usefulness and validity
of these test methods.
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Specimens

The key to mechanical property testing is the specimen; producing and handling a tensile
specimen on a suitable size scale is a challenge for MEMS materials. In most cases, one cannot
pick up a specimen and mount it in a test machine. Thin-film specimens must remain attached to
the silicon wafer die, which acts as both a carrier and a part of the gripping system. There are
two general approaches for tensile specimens—one in which a portion of the die is etched away
to free the gage section and one in which the fixed end of the specimen remains attached to the
die.

Figure 1 illustrates the first approach. A polysilicon film, 3.5 um thick, is deposited onto
a 0.5 mm thick silicon wafer, which is then cut into dies that are 1 cm square. Both the film and
the die are clearly visible in the figure. The film is patterned as a central tensile specimen with
gentle radiuses into two large grip ends. A rectangular portion of the die is etched out from the
backside of the die, but the rectangle does not extend the entire width of the die, which leaves
two supporting side strips. The die with the specimen can be handled easily and placed into a test
machine where the large ends are glued into grips. Then, the two side support strips are cut with
a small diamond saw to leave a completely free tensile specimen. Details of the specimen
preparation and test procedure are given in [9], and it should be noted that this approach derives
from the work of Read and Dally [6]. This approach has the advantage of an easily handled
specimen, but yields only one specimen per die. Further, the width is larger than typical
minimum dimensions in a MEMS device.

Tensile

Specimen Grip End

Silicon
Die

Polysilicon
Film

FIG. 1—A polysilicon tensile specimen on a silicon carrier frame.The silicon die is one
centimeter square, and the tensile specimen is 3.5 pm thick by 600 um wide in the gage section.

Smaller specimens that are fastened to the die at one end are illustrated in Fig. 2. The
tensile specimen is fixed at the left end, where a gold pad is deposited for electrical contact. The
large grip end is patterned with etch holes, as are the two transition regions designed to reduce
stress concentrations at the grip ends. These specimens are fabricated by the MUMPs process of
Cronos (as are the ones in Fig. 1), and dimples are incorporated under the grip end to prevent it
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from sticking to the substrate. Each grip end is prevented from movement during the etching
process and subsequent handling by four straps that are cut before testing,

._._I__!
3
‘)
‘3

Fixed End Grip End

FIG. 2—Tensile specimen fastened to substrate at one end. The gage section
is 3.5 um thick and 50 pm wide by 2000 pm long.

Fourteen or more specimens can be patterned onto a 1 cm’ die, and this is a very
economical approach both in cost of specimens and in testing time. The free end of the specimen
can be gripped with an electrostatic probe as introduced by Tsuchiya [13] and described in [14].
That works very nicely, but sometimes fails to provide adequate force to break wider and thicker
specimens.

Fixed
End

Adhesive
On Free
End

Silicon
Carbide
Fiber

FIG. 3—A polysilicon specimen with a silicon carbide fiber glued to
the grip end. The diameter of the fiber is 150 um.
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The authors have recently developed a new gripping technique that is more time-
consuming, but stronger. Figure 3 shows a silicon carbide fiber glued to the grip end of a short
tensile specimen of the type shown in Fig. 2. All but the most viscous adhesives will pass
through the 5-um square etch holes and glue the paddle to the substrate. A two-stage process has
been developed. First, the fiber is glued to the grip with a small drop of a very viscous
ultraviolet-curing adhesive (Norland 123) that is cured immediately after application. This
provides enough adhesion to permit lifting of the paddle off the substrate with a
micromanipulator. Then, a high-temperature and less viscous adhesive {Aremco Bond 805-B) is
applied and cured either at room or elevated temperature. This final adhesive is the one visible in
Fig. 3, and it is strong enough to break all specimens at temperatures up to 250°C.

Designing, handling, and gripping a tensile specimen is challenging enough, but it is not
easy to determine its dimensions. The cross sections are not always the rectangular shape
specified in the mask design, and the corners are invariably rounded due to the nature of the
deposition processes. These rounded corners make precise determination of the edges difficult.

Xie and Hemker [19] polished the ends of polysilicon strips of various nominal widths to
a taper using a special tripod to hold and tilt the samples. This enabled them to use transmission
electron microscopy (TEM) to obtain images of the trapezoidal surface and determine the width
at the top and bottom of the strip with high precision. The results, shown in Table 1, confirm that
the bottom of a 3.5 um thick polysilicon strip is wider than the top.

TABLE | —Measured widths of polysilicon samples—microns.
Nominal = Bottom  Top A, JAact  Optical AL /AL

Width Width ~ Width Width
20 23.09 19.02 0.95 19.6 1.02
10 10.43 9.01 1.03 9.6 1.04
8 8.46 6.98 1.04 74 1.08
6 6.35 4.93 1.06 56 1.07
4 4.34 3.16 1.07 3.7 1.08
3 3.27 1.86 117 22 1.36
2 215 0.76 1.37 1.3 1.54

Another practical and useful approach to dimension measurement is simply optical
microscopy. One approach is to take a photograph of the gage section of a specimen at 400X; a
photo of a standard 1-mm ruling on a glass slide is also taken. That picture can then be scanned
into an image-processing program where the edges can be located and the width determined
using the image of the standard as a scale. The edges can be located to + one pixel, which
corresponds to 1/3 um. Thus, the relative uncertainty of a 6-um wide specimen is +13%, while
that of one 50-um wide one is only £1%. Optical measurements of the widths of strips from the

same production run are also listed in Table 1. All of the specimens measured in Table 1 are
from the MUMPs 25 run of Cronos.
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A column is included for each kind of measurement to show the effect of using the actual
measured area versus the nominal area. In all cases, the actual area is smaller than the designed
area. However, the actual areas are within 5% of the nominal area in all but the narrowest
specimens, and the two measurement procedures tend to agree with each other. From a practical
viewpoint, the optical approach is more suitable.

Test Systems

It is preferable to measure strain directly on the specimen, as required by ASTM E-8, but
that is not always possible. Techniques and procedures for direct strain measurement by laser
interferometry (interferometric strain/displacement gage or ISDG) using thin and narrow gold
markers placed in the gage section of tensile specimens have been developed over the years at
Johns Hopkins—see [20] for example. The reflective markers define a gage length on the order
of 200 pum, and the fringe patterns emanating from them move as the distance between the
markers change when the specimen is elongated. Force application and strain measurement are
controlled by a computer system, and the stress-strain curve is recorded in real time, each test
taking a minute or so.

The systems for pulling the specimens and measuring the force applied are actually
conventional; commercial components can be used. Figure 4 is a schematic of the setup for the
wide specimens of Fig. 1. The specimens are glued into locally made grips connected to a 4.4 N
load cell from Entran through a linear air bearing. This arrangement reduces friction in the
connection to the piezoelectric actuator from Physik Instruments, which elongates the specimen.
The laser and fringe detectors in the schematic are used for strain measurement as described
below.

Laser

g:ﬁiia, Enngz Piezoelectric
2 | ch}clOf Translator

; W 2 A Load

. \ AN Air Bearing cell

Grips

Specimen ~Base

FIG. 4—Schematic of test system for wide specimens.

The arrangement for the narrow specimens of Fig. 2 differs, as Fig. 5 shows. It is
important to align the specimen with respect to the electrostatic probe, and a five-axis Picomotor
stage from New Focus, Inc. is used for this purpose. Alignment is done visually using a low-
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power stereo microscope for the plan view and a telemicroscope for the side view. Force is
measured with a | N load cell from Cooper Instruments; only the lower end of the range is used
to maintain a high stiffness relative to the specimen. Specimens are elongated with a single-axis
Picomotor, and the overall displacement of the system is measured with a capacitance probe
from Capacitec. This system incorporates electrostatic gripping and enables the measurement of
the stiffness of the specimen, from which Young’s modulus can be extracted. Direct
measurement of strain by laser interferometry can also be accomplished.

Capacitance
displacement
probe
»
100 Gram
load cell
o Single-Axis
piezoelectric
Electrostatic stage
probe
. I
I 1
| ! Specimen die
|
| Die holder
Five-Axis

piezoelectric stage

FIG. 5—Schematic of test system for narrow specimens.

A variation on the system of Fig. 5 uses the glued fiber gripping arrangement and permits
measurements at high temperatures. This is shown in Fig. 6 where the force measurement and
displacing mechanism are removed from the specimen, that is, heated by a small resistance
furnace covered with a quartz window. The window allows optical access for direct strain
measurement; heating of the fiber and glue precludes extraction of modulus from force-
displacement measurements. A three-axis micrometer stage allows maneuvering of the fiber for
alignment.
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Quartz Window
Over Specimens

Die With
Specimens
In Furnace

Silicon / Three-Axis
Carbide

- Translation
Fiber i /Staqe
100 Gram e {]
el [
Load Cell )
+—__ Uniaxial Piezoelectric
Stage

FIG. 6—Schematic of test system for heated specimens.

Typical values for a polysilicon specimen 3.5 um by 50 um in cross section and
fracturing at 1 GPa are a force of 0.175 N and a strain of 0.00625 (using a modulus of 160 GPa).
Thus, a 1000 um long specimen experiences a total elongation of 6.25 wm. The resolution and
relative uncertainties of the narrow specimen setup are discussed in [21]. Force can be measured
to less than 1 mN, and the relative uncertainty at forces greater than 0.1 N is estimated to be
*1%. The relative uncertainty of the ISDG is estimated at £5% with a resolution on the order of
10 pstrain. Displacements measured by the capacitance probe can be resolved to 10 nm, and the
relative uncertainty of displacement of 1 wm or more is 1%,

Young’s modulus can be determined three different ways with these experimental
arrangements. First, when the strain is measured directly, one simply takes the slope of the
stress-strain plot. When the overall force-displacement is measured, one can compute the
modulus if one knows the stiffness of the load cell and the grip ends of the specimen. If not, then
the response of specimens of different lengths can be compared to eliminate those stiffnesses in
the manner introduced by Greek et al. [16]. Reference [21] elaborates on these methods.

Polysilicon Results

Figure 7 presents a plot of stress versus strain measured in the axial and lateral directions.
This result, similar to earlier ones [20], employs improved techniques and procedures gained
through better alignment of the laser-based ISDG. There are 496 data points in each of the two
stress-strain records.
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FIG. 7—Stress-strain plot for a 600 um wide polysilicon specimen from the MUMPs 25
run of Cronos.

Stress-strain curves from narrow specimens measure only the axial strain and are more
“noisy”; Figure 8 is an example. Note that the test begins at a non-zero stress because the
specimen must be straightened before the ISDG measurements can be taken. The same is true for
the wide specimen of Fig. 7, but the more robust, larger specimen is easier to get started. There
are 167 data points in the plot.
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FIG. 8—Stress-strain plot for a 50 um wide polysilicon specimen from the MUMPs 30
run of Cronos.
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Note that the Young’s modulus of the two specimens is nearly the same, but the strengths
are different. Extensive testing of polysilicon has shown a tendency for the strength to increase
as the surface area of the specimen decreases.

Young’s modulus is more difficult to measure than strength because of the added
requirement to determine strain. As mentioned above, there are three methods of arriving at the
value—direct strain, stiffness, and differential stiffness—with details given in [21]. Figure 9
compares these three approaches for specimens of different widths, thicknesses, and lengths.
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FIG. 9—A comparison of Young’s modulus measurements. W, T, and L
refer to the specimens width, thickness, and length. The values plotted are the average £1
standard deviation.

Forty-five narrow specimens from MUMPs 25 were tested and the modulus determined
from the force-displacement records. Of these, 20 pairs of results were compared differentially to
extract the Young’s modulus. The widest specimens were 20 pm wide, and it is difficult to
obtain sufficiently bright fringe patterns from such small specimens for ISDG measurement; only
7 of the 45 tests included direct strain measurement. There were 10 wide specimens tested from
the same MUMPs production run, and the modulus value, determined by direct strain
measurement, is also plotted in Fig. 9.

The average Young’s modulus determined by the three approaches for specimens over a
wide range of sizes all hover around 160 GPa with no significant difference among them. This
implies that each of the three approaches is valid. Direct strain measurement may be preferred,
but it is more difficult and is limited to specimens that are 20 pm wide or larger. The average
values in Fig. 9 include all of the tests; no variation with the width, thickness, or length was
observed. It is indeed easier to test larger specimens as demonstrated by the much smaller scatter
in the wide specimen results. One can therefore conclude that the larger scatter in the smaller
specimen results arises from experimental variations and not differences in the material.
Accounting for the uncertainties in dimension, force, and displacement measurement and the
potential for misalignment at such small scales makes it easy to see why the scatter is so large.
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MEMS are often subjected to higher temperatures; for example, in space or automotive
applications, and it is important to know if there are dramatic changes in the stiffness and
strength properties with increasing temperature. Figure 10 shows the effect on modulus and Fig.
11 the effect on strength for polysilicon specimens from MUMPs 30. All of the specimens were
3.5 um thick and 50 um wide, but the lengths were 250, 500, 1000, or 2000 wm. Strain was
measured directly with the ISDG in each case; the unknown changes in the stiffness of the
adhesive with temperature precluded the other two approaches to determining modulus.

Thirteen narrow specimens were tested with the complete stress-strain curve to failure
recorded at temperature for each one. The specimens were heated in a small furnace using the
test system shown schematically in Fig. 6, and temperature was recorded with a thermocouple
placed on the die. All of the results were linear in stress versus strain and similar to the plot in
Fig. 8; there was no evidence of any plasticity in the material response.
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FIG. 10—Young’s modulus versus temperature for polysilicon from MUMPs 30 as
measured on narrow and wide specimens.

Two wide specimens were tested, taking modulus measurements at different temperatures
on each one. These were heated resistively in open air and the temperature measured with an
optical pyrometer. To get a modulus value, the specimen was heated to the test temperature and
then a stress-strain test, limited to low stresses, was run. The trend is the same for both kinds of
tests, and the scatter in the results illustrates the difficulty in high-temperature testing at this
scale.

The strengths show a tendency to increase with temperature, which would be surprising
for metals, but may not be for a brittle ceramic. The one wide specimen value shows the highest
strength at 200°C, but the scatter in strength values is usually large. The fact that the modulus
decreases only slightly and that the strength increases slightly over this temperature range gives
confidence in the design of new MEMS.
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FIG. 11—Strength versus temperature for polysilicon from MUMPs 30 as measured on
14 narrow specimens and 1 wide specimen.

Polysilicon-based MEMS are produced at many installations, and the question of whether
properties vary with manufacturing processes is an important one. Polysilicon tensile specimens
from Cronos (MUMPs 25), Sandia, and Standard MEMS Inc. (SMI) were tested. SMI provided
specimens from two different runs at different annealing temperatures. The modulus values, as
determined by the stiffness approach, are presented in Fig. 12 where the data for Cronos is the
same as in Fig. 9. The Cronos and Sandia results are essentially the same, but Student “t” tests
show significant differences between the two SMI materials and between each of them and the
Cronos/Sandia value.
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FIG. 12—Young’s modulus for four different polysilicons. The values plotted are the
average + one standard deviation.

Fracture strength is a different story, as Fig. 13 shows. The Sandia material is
considerably stronger than the other two; in fact, it is so strong that many specimens could not be
broken using electrostatic gripping.
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FIG. 13—Fracture strength for four different polysilicons. The values
plotted are the average + one standard deviation.
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Silicon Nitride Results

The NASA Goddard Space Flight Center supplied silicon nitride films that had been
deposited on silicon wafers by low-pressure chemical vapor deposition (LPCVD) at the
Microelectronics Center of North Carolina (MCNC), now Cronos Integrated Microsystems.
Specimen preparation began by patterning the 0.5 pm thick films in the shape of the wide tensile
specimen of Fig. 1 using photolithography and reactive ion etching in a CF4/O; plasma. A liftoff
process was used to define two pairs of 10 pm wide gage markers at the center of the specimen
by evaporating a 300 nanometer thick layer of Ti/Au. Using the method previously described [9],
the silicon beneath the gage section was then removed by anisotropic wet chemical etching,
leaving the specimen suspended between the two grip ends. Figure 14 is a photograph of such a
specimen before mounting and testing,

FIG. 14—Photograph of the test section of a silicon nitride specimen showing the pattern
of reflective lines for strain measurement. The specimen is 600 um wide at its center.
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FIG. 15—Stress-strain plot for silicon nitride.
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These specimens, though only 0.5 pm thick, are easily mounted and tested. The stress-
strain record, shown in Fig. 15 is very similar to the one for polysilicon in Fig. 7, but the stresses
are much larger. There are 666 data points for each plot of stress versus strain. It, too, is a linear,
brittle ceramic material. These are, to our knowledge, the first stress versus biaxial strain resuits
for silicon nitride, and for that reason the results from each test are listed in Table 2.

TABLE 2—Measurements of mechanical properties of silicon nitride.
Test No.  Young's Modulus, Poisson’s Ratio  Fracture Strength,

GPa Gpa
SN1 255 0.19 6.13
SN3 209 0.23 8.38
SN4 254 0.25 5.00
SN5 258 023 6.37
SNé 253 024 7.21
SN7 251 022 5.05
SN8 259 022 6.84
SN9 258 024
SN10 254 0.22 6.40
SN11 255

Deleting the one low value (SN3) for modulus gives a value of 255 + 2.6 GPa for the
Young’s modulus of silicon nitride. Poisson’s ratio is 0.22 + 0.018, and the fracture strength is
6.42+1.11 GPa.

It is interesting to compare these values with those measured earlier by other researchers,
and Table 3 summarizes earlier work. The reader will immediately notice the wide variation in
values of Young’s modulus and the lack of data for Poisson’s ratio and fracture strength. One
can expect the properties of silicon nitride to vary with deposition and annealing methods, and
there is clearly a need for suitable test methods. The tensile approach presented here offers the
potential for studying the effects of manufacturing processes.
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TABLE 3—Mechanical properties of silicon nitride thin films.

Reference  Test Method Young's Poisson’s Ratio Fracture

Modulus, Strength,
GPa GPa

[22] Bulge 222+3 0.28*

[23] Resonant 192

[24] Bending of plate 128 £3.7 to
137 +£2.32

[25] Bulge 160 to 290 0.25b

[26] Bulge 86-1252 0.39-0.42

[27] Ultrasonic 230-265

[28] Nanoindenter 101 - 251 0.27v

[29] Microbridge 202.57 £15.80

Bending

[30] Bending 373

[31] Bulge 230, 330

[32] Bending 290 7.0£09

This work  Tension 255+2.6 0.22+0.018 6.42+1.11

*Calculated from researchers’ plane strain or biaxial modulus assuming v = 0.22,
YValues assumed by researchers for modulus calculations.

Concluding Remarks

This paper summarizes tensile test techniques and procedures that have been developed at
Johns Hopkins over the past five years and shows their extension and application to various new
materials and to high temperature environments. The following are some general comments
about these test methods.

These test methods are suitable for determining the “baseline” material properties of
MEMS materials, but not for “on-chip” measurement or quality control. They are far too
expensive in terms of the area required on a wafer and too time-consuming during specimen
preparation and testing. The value of these larger specimens can be seen in Fig. 9 where the
scatter in the modulus values for the wider ones is much smaller. These are large planar
specimens manufactured by the same process as used for MEMS and give a good measure of the
true material properties.

The wide specimens (one per 1 cm’ die) are more robust, permit more precise
measurements, and enable a direct measure of Poisson’s ratio. However, they are more expensive
and are more difficult to prepare than the narrow specimens, which are released without any
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substrate etch. One does need to test more of the narrow specimens to build confidence in the
average values because the uncertainties in the measurements are greater. Direct strain
measurement is preferred, but not always possible. Figure 9 shows that Young’s modulus can be
determined from system force-displacement measurements, albeit with larger variations in the
results.

Each new material requires the development of new specimen preparation procedures;
this is more of an issue with the wide specimens. One must learn how to etch the substrate
window without damaging the specimen and how to apply reflective lines if the manufacturing
process does not include a suitable layer. It has been fairly easy to go from wide specimens of
polysilicon to silicon nitride. Work is underway to learn to prepare wide specimens of silicon
carbide.

Finally, the demonstration that tests can be conducted at high temperatures is important.
This is a new effort, which can be extended to greater temperature ranges and further developed
to permit testing in gaseous or even liquid environments. The questions that are being asked
about the mechanical behavior of MEMS materials encompass a wide range, and these test
methods can be useful in answering them.
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ABSTRACT: Ni;Al thin foils with 315 to 357 pum thickness were successfully fabricated by cold
rolling. X-ray pole figures showed the formation of {110} rolling textures with various rolling
directions in the foils cold rolled over 83% reduction. The deformation microstructure consists of
fine slip traces and coarse and wavy shear bands. Banded deformation structure was observed in
some foils. In the foils cold rolled to 83% reduction, the Vickers hardness number reached over
600 and the ultimate tensile strength over 1.7 GPa, irrespective of rolling texture and
deformation microstructure. The cold rolled foils showed no tensile elongation, but it was
possible to bend the foils. The foils recrystallized at temperatures over 1273 K had some tensile
ductility (3.0 to 14.6%), though the polycrystalline Ni;Al is known to be brittle due to severe
grain boundary fracture. Electron backscatter diffraction measurements revealed that the large
amount of total grain boundary area consists of low angle (LAB) and X3 coincidence lattice
boundaries. This large fraction is probably a chief cause of the observed ductility.

KEYWORDS: intermetallic compounds, Ni;Al foil, cold rolling, texture, microstructure,
mechanical properties, recrystallization, ductility

Introduction

Heat-resistant metallic foils have become important structural materials in
microelectromechanical systems (MEMS) such as power-producing devices and chemical
reactors [1]. Metallic foils have the advantage of high fracture toughness over ceramics,
silicon carbides, alumina, et al. In semiconductor devices, Wagner and his co-workers [2-
4] have recently fabricated silicon-based thin-film transistors on stainless steel foils with
thickness ranging from 25 to 200 um in order to provide flexibility and durability.

At present metallic foils below 100 um in thickness are limited to ductile common
metals, for example, aluminum, nickel, and stainless steel. Unfortunately, the high-
temperature strength of these metals is low, and corrosion and oxidation resistances are
not good enough. Compared to these common metals, intermetallic compounds have
excellent physical and/or mechanical properties. In particular, NizAl, whose crystal
structure is of ordered fcc, Ll,, has attractive high-temperature properties such as
anomalous strengthening with increasing temperature (see Fig. 1 [5,6]) and excellent
resistance to oxidation and corrosion (see the review by Stoloff [7]). Table 1 lists the
other physical properties at room temperature. Compared with stainless steel [6], Ni;Al
has higher thermal conductivity, lower coefficient of thermal expansion, and lower
electrical resistivity, while the density and elastic constant are comparable. Because of

! National Research Institute for Metals, Sengen 1-2-1, Tsukuba, Ibaraki 305-0047, Japan.
? Qak Ridge National Laboratory, Oak Ridge, TN 37831-6093.
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these excellent properties, NisAl is considered to be a promising material for MEMS.

However, thin foils, particularly by cold rolling, have been unrealistic in brittle
intermetallic compounds. In the case of NisAl the brittleness arises from intergranular
fracture [9]. It is well known that the brittleness can be overcome by micro-alloying with
boron additions [10,11], but with all this beneficial effect, the ductility is not sufficient to
fabricate thin foils on an engineering scale by cold rolling [12]. Alternatively, we
previously found that the directional solidification (DS) using a floating zone (FZ)
method provides a significant ductility improvement for NizAl without any alloying
elements [13,14]. DS materials show high tensile elongation at room temperature in
ambient air, more than 70%, even though they are of polycrystalline form with columnar-
grained structure [135]. This ductility is larger than that of the boron-doped alloy, 53.8%,
reported by Liu et al. [11]. The high ductility of the DS polycrystals was ascribed to the
large fraction of low angle and low Z-value coincidence site lattice boundaries in the
columnar-grained structure [16]. Using this technique we recently have succeeded in
growing single crystals of stoichiometric Ni3Al [17,18], which has previously been
considered to be difficult. As is well known, monocrystalline NizAl has substantial
ductility, more than 100% elongation [9]. Taking advantage of the high ductility of these
DS materials, we have fabricated thin foils with thickness ranging from 53 to 300 um by
cold rolling [19].

800
, 600} NijAl {6]
o
=
;u;) 400 r—
o)
g
=
200 316 stainless steel [5]
ol_L | L 1
400 600 800 1000

Temperature / K

FIG. 1—Temperature dependence of vield stress of NizAl single crystal
with<100> tensile direction, compared with those of 316 stainless steel.
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TABLE 1-—Density, elastic constant, thermal conductivity, coefficient of thermal
expansion, and electrical resistively of NizAl, compared with common merallic alloys
such as 316 stainless steel, Al, and Ni at room temperature.

Density Young's Thermal CO’T‘{?EEZ; of Electrical
Material (g om’) Modulus Conductivity Ex anzion (10 Resistivity
g (GPa) (Wm' K pat i (L Q cm)
Ni;Al 7.5 180 29 12.5 33
316
stainless 7.9 190 17 17 72
steel
Al 27 70 238 24 2.7
Ni 8.9 200 88 13 6.9

The purpose of this paper is to present the deformation microstructure, rolling
texture, and basic mechanical properties of the cold rolled foils. Another purpose is to
examine the ductility of recrystallized foils in air at room temperature. This is because
loss of ductility due to recrystallization is of great concern for structural applications.
Cold-worked Ni;Al recrystallizes at high temperatures and forms equiaxed grains which
are similar to those in the cast and homogenized alloys. As is well known, these alloys are
very brittle in the absence of boron [9,11]. They fracture at grain boundaries just after
yielding mostly due to the presence of moisture in air [20,21]. Thus, we present here the
recrystallized microstructures of the foils and the room-temperature tensile properties in
air.

TABLE 2—Analyzed Al contents and initial orientation (rolling plane and direction).

Initial Orientation

Sample Al Content
No. t%

° (at%) Rolling Plane Rolling Direction
31-2 24.4 {0.20.1 1.0} <1.0 0.0 0.2>
41-1 247 {3.91.05.2} <4.09.0 4.8>
42-2 24.8 {2.01.04.3} <1.12.01.0>

47-1 24.6 {3.00.1 4.9} <0.0 1.0 0.0>
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Experimental Procedures

Four rods, designated as Nos. 31-2, 41-1, 42-2, and 47-1 of boron-free binary
stoichiometric Ni3Al, were grown by the FZ method in an image furnace with double
halogen lamps at a growth rate of 25 mm/h. The feed rod preparation and crystal growth
procedure were previously described [13]. In order to obtain high single crystallinity, the
crystal diameter was kept constant during the crystal growth by controlling the power of
the lamps. On average the grown rods were 12 mm in diameter and 150 mm in length.
Table 2 summarizes the Al contents of the four rods as determined by inductively coupled
plasma spectroscopy. The Al contents are close to the stoichiometric composition (25 at%
Al).

The grown rods were sectioned into sheets along the growth direction by electric
discharge machining (EDM). Their surfaces were mechanically polished. The optical
microstructures were examined by etching with marble reagent (2.5 g CuSO,, 30 em® HCJ,
and 25 cm® H,0). Samples Nos. 31-2 and 47-1 were mostly single crystal but contained
columnar grains with low angle boundaries in places. Samples Nos. 41-1 and 42-2 were
single crystals. The initial rolling direction (or growth direction) and rolling plane of the
sheets were determined by the Laue X-ray back reflection method as summarized in
Table 2.

The sheets (about 1 or 2 mm in initial thickness, see Table 3) were cold-rolled to
about 300 um in thickness by using four-high mills with a work roll diameter of 110 mm
(10% reduction per pass). Then, they were rolled further using cemented carbide rolls
having a roll diameter of 75 mm (2% reduction per pass). Both the cold-rolling operations
were performed without intermediate annealing or lubricant.

The rolling textures of the foils were measured by X-ray Schultz back reflection
method. Optical microscopic examination, after polishing with Al,O; paste and etching
with the marble reagent, was conducted on the surface and the longitudinal section of the
cold rolled foils. Basic mechanical properties of the cold rolled foils were examined by
using samples Nos. 42-2 and 47-1. Vickers hardness was measured along the thickness
direction on the longitudinal section. Tensile specimens with a gage length of 10 mm and
a width of 5 mm were cut by EDM. Tensile tests were performed at room temperature in
air at a strain-rate of 8 x 10™ 5. The load data were collected at a frequency of 5 Hz with
a computer.

The tensile properties of the recrystallized foils were studied using two foils of
sample No. 31-2 with two different thicknesses: 73 um—-thick foil (92% reduction) and
315 um—thick foil (67% reduction). These foils were recrystallized at 1273 K and 1573
K for 1.8 ks in a vacuum better than 1 x 10* Pa, The optical microstructures were
examined by etching with Marble reagent. The average grain size was measured by line
intercept method without correction. The orientation of the recrystallized grains was
measured at 1 or 5 Um scanning steps by electron back scatter diffraction (EBSD) in a
scanning electron microscope (SEM).

The grain boundary (GB) character, or X-value, was calculated based on
Brandon's criterion [22]: if the deviation angle from an exact coincidence site lattice
(CSL) relation is less than 152", the boundary is referred to as a CSL boundary with
that Z-value. The maximum X-value was set as 25 (i.e., those with higher X-values were
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designated as random boundaries). The area fraction of each GB type was two-
dimensionally evaluated by measuring GB length in the EBSD-SEM image, instead of
number fraction.

Tensile specimens with gage length of 10 mm were cut from the recrystallized
foils by electric discharge machining. The gage widths were 3 mm and 5 mm for 73 um
and 315 pm thick foils, respectively. Tensile tests were performed at room temperature in
air at a strain-rate of 8 x 10 s in the same way as those for cold rolled foils. The
fracture surface was examined by SEM.

Results and Discussion

Cold Rolled Foils

It was possible to cold-roll the starting sheets to thin foil less than 100 um in
thickness without intermediate annealing. Figure 2 shows a 1 m long foil of sample No.
41-1 that is 91 um thick and 10 mm wide. In this case the total reduction in thickness
amounts to 96%. The surface is crack-free and smooth with little fluctuation in thickness
(less than 1 pm) along the rolling direction. With a shiny metallic luster it looks like a
mirror. It is worth noting that such high-quality thin foil was fabricated by cold rolling
boron-free, binary Ni3Al, which is considered a brittle intermetallic compound.

5cm i s LRSS

FIG. 2—91 pm thick, 10 mm wide and about 1 m long foil of sample No. 41-1
cold-rolled to 96% reduction in thickness.
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TABLE 3— Results of cold rolling: thickness of the sheet before and after cold
rolling, reduction in thickness, and rolling texture.

Thickness / um

Sz:]r;ple Re(zll/c)tlon Rolling Texture
. 0
Before Rolling  After Rolling
31-2 959 315 67 ot
{110}<113>+
73 22 {110}<117>
57 94 S
41-1 2043 91 96 {110}<113>
42-2 1907 319 83 {110}<113>
47-1 1789 302 83 Diffused {110}<117>

*Not measured.

Similarly high rolling ductility was obtained in other samples, Nos. 31-2, 42-2,
and 47-1, which had different initial orientations (Table 2). The results are summarized in
Table 3. Samples Nos. 41-1 and 42-2 are single crystals, and hence the results may be
somewhat expected because NizAl is known to be ductile in a single crystal form [9]. In
the case of binary, stoichiometric alloys, the probiem is the difficulty in growing single
crystal [18]. Samples Nos. 31-2 and 47-1 had some columnar grains, but this did not
hinder cold rolling. As we previously reported [14], the columnar-grained polycrystais
grown by the FZ method are ductile because most of the boundaries are low-angle and
low Z types [16].

Figure 3 shows two typical types of deformation microstructures observed in cold
rolled foils. Slip traces appear on the surface and the longitudinal section after chemical
etching. In the foil of Sample No. 42-2 (83.4% reduction), fine slip traces lie on the
surface, being inclined about 60°to the rolling direction. Also, coarse and wavy lines,
which are regarded as shear bands [23], are observed clearly on the longitudinal section,
indicating inhomogeneous plastic deformation. These deformation microstructures, i.e.,
fine slip traces and wavy shear bands, are common in all the foils cold rolled over 83%.
In the case of samples Nos. 47-1 (83.1% reduction) and 31-2 (92% reduction), however,
the deformation structure is composed of repeated two bands with differently oriented
slip lines. The width of the bands ranges from 20 to 100 pm parallel to the rolling
direction [Fig. 3(b)].

Figure 4 shows the {220} pole figures of the foils cold rolled to 83% reduction:
(a) sample No. 42-2 and (b) No. 47-1. In all the foils cold rolled over 83% reduction, the
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{220} pole has the highest intensity peak at the normal direction (ND) and surrounding
high intensity regions about 60 degrees away from the ND, This shows that the surface is
almost parallel to {110} plane. This {110} texture is thought to be stable in NizAl under
compressive deformation normal to the rolling plane, as discussed elsewhere [19].
Regarding the rolling direction (RD), there is some difference among the samples, as seen
in Table 3. Samples Nos. 41-1 and 42-2 possess a single {110}<113> texture. On the
other hands, sample No. 31-2 consists of {110}<113> and {110}<117> textures. Sample
No. 47-1 has a {110} texture, but the RD scatters around <117> direction, which
indicates that the {110} texture consists of grains with slightly different RD. Probably the
difference observed in the texture is due to the initial orientation of the sheet.

rolling direction rolling direction
> <

(a) sample No. 42-2 (b) sample No. 47-1

FIG. 3—Optical microstructures observed on the etched surface and longitudinal
section of cold rolled foils. (a) sample No. 42-2 and (b) No. 47-1.
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RD RD

]

(a) sample No. 42-2 (b) sample No. 47-1

FIG. 4—The {220} pole figures of the foils cold rolled to 83% reduction: (a)
sample No. 42-2 and (b) No. 47-1. Open and solid squares represent {110}<113> and
{110}<117> textures, respectively.

Mechanical properties were examined by using the foils of samples Nos. 42-2 and
47-1, which were cold rolled to almost the same reduction, 83%. In both the foils, there
was no appreciable change in the hardness number along the thickness direction. This
indicates that macroscopically the foils are homogeneously cold-rolled. Average Vickers
hardness numbers are 604 for sample No. 42-2 and 649 for No. 47-1, showing no
significant difference. For reference, the Vickers hardness number of the starting sheet
before cold rolling was about 260.

Figure 5 plots the engineering stress vs. engineering strain curves for samples Nos.
42-2 and 47-1. Since the foils are heavily cold rolled, they show extremely high tensile
strengths: 1.7 GPa for sample No. 42-2 and 1.9 GPa for sample No. 47-1. Both the foils
fractured with almost no plastic elongation. In spite of such brittle behavior, interestingly
it is possible to bend as shown in Fig. 6, probably because of the thinness of the foils.
There is almost no difference in the tensile properties and the Vickers hardness number
between the two samples, though their deformation microstructures and textures are
different.

Recrystallized Foils

It has been reported that the recrystallization of Ni3Al starts between 900 and
1000 K, depending on the amount of rolling reduction [24]. Consistent with this, both 73
pm and 315 pm thick foils of sample No. 31-2 were fully recrystallized above 1273 K.
Figure 7 is an optical micrograph of the 73 pm thick foil heat-treated at 1273 K for 1.8 ks.
It shows a typical recrystallized microstructure that consists of equiaxed grains with
homogeneous grain size. A similar grain morphology was observed in the foils heat-
treated above 1273 K and also in the 315 pm thick foils. Table 4 lists the average grain
sizes of 73 pm and 315 pm thick foils recrystallized at 1273 K and 1573 K. The grain
size increases with increasing heat treatment temperature, as expected.
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FIG. 5—FEngineering stress vs. engineering strain curves of the foils cold rolled to
83% reduction of samples Nos. 42-2 and 47-1.

5mm

FIG. 6—Photograph of 91 um-thick foil cold rolled to 96% reduction of sample
No. 41-1, showing bending.

Table 4 summarizes the area fraction of each GB type in the 73 pm and 315 um
thick foils of sample No. 31-2 recrystallized at 1273 K and 1573 K. The recrystallized
foils consist mostly of three types of boundaries, low angle (LAB), X3, and random
boundaries (RB). Very small amounts of CSL boundaries between X5 and 25 exist in the
foils recrystallized at 1273 K. Note that the foils have a large fraction of LAB and £
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FIG. 7—Microstructure of 73 um-thick foil of sample No. 31-2 recrystallized
at 1273 K for 1.8 ks.

boundaries, which are considered to be crack-resistant [25,26]. There is a tendency that as
the heat treatment temperature increases, the total fraction of LAB and X3 increases, and
the fraction of RB, which is considered to be very susceptible to cracking, decreased.
Tensile properties, i.e., yield stress and elongation to fracture, of 73 um and 315
um thick foils of sample No. 31-2 recrystallized at 1273 K and 1573 K are summarized in

TABLE 4—Average grain size, area fraction of grain boundary types, and tensile
properties, yield stress (YS) and fracture elongation (FE) in the recrystallized foils of No.
31-2.

Heat C Tensile

Thickness  Treatment Av-erag-e Area Fraction (%) Properties
(um) Temperature Grain Size

: e Bm) LAB 33 3525 RB O oo

0

73 1273 11.9 1.7 310 3.1 542 250 30

73 1573 66.9 443 156 0.0 401 50 5.6

315 1273 14.5 32 378 08 582 294 34

315 1573 115 732 108 00 160 70 14.2
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Table 4. Note that all the foils show some ductility after yielding. In particular, the foils
recrystallized at 1573 K, which show 5.6% and 14% elongations for 73 pum and 315 um
thick foils, respectively. Though the ductility decreases with decreasing recrystallization
temperature, the foils recrystallized at 1273 K still show 3% elongation. Thus, the
ductility loss due to recrystallization is not a serious problem in our foils. These
ductilities normally cannot be expected for boron-free polycrystalline Ni3;Al. The yield
stress decreases with increasing recrystallization temperature, because of the increase in
grain size.

Figure 8 shows the fracture surfaces of the recrystallized foils after the above
tensile tests. Intergranular fracture is dominant in both the 73 pm and 315 pm thick foils
recrystallized at 1273 K, while the fraction of transgranular fracture is rather high in the
foils recrystallized at 1573 K. The change in fracture mode correlates well with both the
ductility and the fraction of the LAB and X3 boundaries (Table 4). It is, therefore,

FIG. 8—Fracture surfaces of the recrystallized foils of sample No. 31-2. (a)
73 um-thick foil recrystallized at 1273 K, (b) 73 pm-thick at 1573 K, (c) 315 um-
thick at 1273 K, and (d) 315 um-thick at 1573 K.
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concluded that with increasing heat treatment temperature, the fraction of the crack-
resistant boundaries, LAB and X3, increases, resulting in high ductility by suppressing
intergranular fracture.

Probably, the ductility of recrystallized foils is mainly due to the high area fraction
of LAB and X3 boundaries. Hanada et al. [25] found no cracks along these boundaries in
bent specimens of recrystallized, stoichiometric NizAl, suggesting higher crack-resistance
compared to other boundaries. This was confirmed by Lin and Pope [26] who examined
the distribution of cracked boundaries as a function of Z-value in bent specimens of melt-
spun Ni3(Al,0.2at%Ta) ribbons. In addition to these qualitative evaluations of grain
boundary fracture strength, very recently we found that these LAB and X3 boundaries do
not fracture in air by performing uniaxial tensile tests on bicrystal specimens, instead the
bulk fractures [27]. This new finding shows that the fracture strength of these two types
of boundaries is at least comparable to that of the bulk, which confirms that the presence
of these two types of boundaries enhances the overall ductility of NizAl

Conclusions

Thin foils of stoichiometric Ni;Al below 100 um in thickness with crack free and
smooth surfaces were fabricated by cold rolling without intermediate annealing. The basic
mechanical properties of cold rolled—and heat treated—foils were examined and the
following results were obtained:

1. Foils rolled over 80% reduction have strong {110} textures with various roliing
directions depending on the initial orientations. The deformation microstructure of the
rolled foils consists of fine slip lines and coarse and wavy shear band. Some of the foils,
sample No. 31-2 and 47-1, shows banded structure. The Vickers hardness numbers of the
foils cold rolled to 83% are extremely high: 604 and 649 for sample Nos. 42-2 and 47-1,
respectively. These foils show high ultimate tensile strength of 1.7 GPa for sample No.
42-2 and 1.9 GPa for sample No. 47-1. The foils show no tensile ductility but they can be
bent. There is no significant difference in the mechanical properties between the foils
which have different rolling directions and deformation microstructure from each other.

2. The foils recrystallized at 1273 K and 1573 K for 1.8 ks had some ductility, 3 to
14.6%, in contrast to cast, polycrystalline NizAl, which normally shows almost no
elongation. The ductility was mainly related to the area fraction of low angle and £3
coincidence site lattice boundaries, which ranged from 41 to 84% depending on the heat
treatment temperature. These boundaries are considered to be more crack-resistant than
other boundaries, i.e. high £ and random types.
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ABSTRACT: The effects of temperature and duration of thermal treatments on the
microstructure and mechanical properties of electrodeposited gold films were evaluated.
Specimens were synthesized by electrodeposition of gold on copper foil substrates followed by
application of novel photolithographic and microetching techniques so as to produce a series of
free-standing gold thin-films of dimensions 2.5 by 200 by 800 um supported by copper foil
frames. Seven different heat treatments, spanning temperatures from 25 to 300°C and up to 8 h
in duration, were studied. In each case, thermal annealing of the samples was carried out in an
inert atmosphere after the copper foil substrate beneath the tensile coupons had been removed by
CuCl, etchants. X-ray diffraction was used to assess the microstructures. The crystalline texture
of the films changed from predominantly <111> (perpendicular to the plane) to strongly <100>,
and then back toward <111> with heat treatment. No evidence for grain growth was seen in the
X-ray diffraction results. Tensile-strength analyses were performed using a piezo-actuated
microtensile testing system., The properties of the heat-treated specimens varied significantly
from those of the nontreated material. Tensile strength generally decreased with longer heat
treatment. Cyclic fluctuations in the elongation-to-failure, strikingly similar to those in the ratio
of <200> to <111> diffracted X-ray intensitics, were observed as a function of increasing heat-
treatment temperature.

KEYWORDS: ductility, electroformed, electroplated, heat treatment, strength, tensile, texture,
x-ray, yield, ultimate

Introduction

This study reports the mechanical and microstructural characterization of a series of
electrodeposited gold films with different heat treatments. Electrodeposited gold films
are used in many different applications in electronic devices. The mechanical behavior of
thin metal films used in electronic devices is important because poor mechanical
performance can lead to reliability problems, and because large deviations from expected
behavior can impact the function of other parts of the product. Tensile testing is a widely
used method of characterizing the behavior of bulk metals; however, there is not yet an
accepted ASTM standard for mechanical tensile testing of thin films. Many authors have
reported techniques for tensile testing of thin films, as cited in [1-3]. The technique [3]
used in the present study has the advantages that the specimen fabrication route is
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consistent with processes available and used in the manufacture of commercial devices
and that the size scale of the specimen is consistent with that of the film as it is used in
commercial products.

There are three significant problems with the tensile testing of thin films:

1. Determination of elongation to failure. It is impossible to adapt conventional
techniques used for bulk specimens because the broken pieces of the specimen
cannot be manually placed to allow measurement of the final length.

2. Verification of alignment of the specimen with the tensile axis. For bulk
specimens, strain gages placed on the specimen can be used, but this cannot be
done for microscale specimens.

3. Allowing for the effect of the high ratio of specimen width to specimen thickness.
Values of 100 or more are not unusual.

All of these problems were encountered in the present set of tests.

Materials

Specimens were created by electrodeposition of gold on a support layer of copper
foil. For tensile testing, a series of photolithographic and etching steps produced multiple
specimens, each of which consisted of a free-standing tensile coupon of gold supported
by a frame of copper foil, as shown in Figs. 1 and 2. All of the tensile specimens were
electrodeposited using NaAs;Os additive to the plating bath for grain refinement. The
copper foil had been produced by a rolling operation and had indentations from the
rollers. These indentations were transferred to the electrodeposited gold specimens, and
are clearly visible in Fig. 2 as transverse indentations, lines, or scratches on the tensile
coupon. Profilometry along the tensile axis indicated that the thickness varied by 0.2
pm from the overall trend over spans of 10 pum or less. The longitudinal features on the
specimens are related to the photolithography operation, and indicate that the specimen
cross section is not exactly rectangular. The specimen thickness as measured by
profilometry varied across its width, with a broad maximum in the center and tapers at the
edges. Based on several measurements of different specimens, nominal cross-sectional
dimensions of 2.5 by 200 um were adopted. The significance of these dimensions is in
the stress calculations. We estimate, based on the variability seen from specimen to
specimen and from location to location within a specimen, that the area of any individual
specimen might have deviated by as much as 5% from the nominal value.

Specimens with six different heat treatments, plus untreated specimens, were
tested; the different heat treatments are listed (Table 1). These heat treatments consist of
a temperature series, including 100, 200, and 300°C, all for 1 h, and a duration series, I,
2,4, and 8 h at 200°C.

Density was measured via X-ray fluorescence (XRF) prior to the X-ray diffraction
(XRD) measurements, and the diffraction data confirm the results: all specimens had a
density of 19.3 g/cm’, consistent with bulk gold.
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Electrodeposited gold
tensile coupon

FIG. 1—Electrodeposired gold tensile specimen on copper-foil carrier. The
scale gradations are 1 mm. The specimen thickness is 2.5 tm.
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FIG. 2—High-magnification view of electrodeposited gold tensile specimen,
showing indentations transferred from the rolled substrate.
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Techniques

X-Ray Diffraction

The microstructures were characterized by X-ray diffraction measurements using
a microdiffractometer that provided copper K-alpha radiation with a spot size of 50 by 50
um. All of the spectra were K-alpha 2 stripped and corrected for background via a cubic-
spline algorithm. Cell constants were calculated via indexing on a face-centered cubic
(fec) lattice to a goodness of fit of 98% or better. Measurements of peak position, width,
and intensity were carried out for the <111>, <200>, <220>, <311>, and <222> peaks for
specimens representative of all the heat treatments except heat treatment 6.

Tensile Testing

Tensile tests were carried out using a piezo-actuated test fixture described
previously [3], Fig. 3. Test techniques as described previously for silicon-framed tensile
specimens were used with two exceptions, the method used to section the frames just
before testing, and the strain measurement technique. For silicon frames, sectioning with
a dental drill or micro-cutting wheel has been successful [3,4]. For the copper-foil frames
of the present study, the dental drill was unsatisfactory because it grabbed the foil,
severely distorted the frame, and damaged the specimen. Instead, an electrical discharge
technique was used. A static voltage of about 10 V was applied between the specimen
frame and a tungsten electrode. The electrode was slowly brought into contact with the
frame. As contact was made, a spark was created. The spark melted and removed part of
the frame, on the order of 0.1 mm. This operation was repeated as necessary. In this
manner, the frame could be sectioned without contacting or displacing the specimen.
Force and grip displacement data were recorded as described previously [3]. The gage
length strain was taken as the grip displacement divided by the gage length. As shown in
the pictures of the specimen, Figs. 1 and 2, the specimen ends have a dogbone shape. The
effective gage length was taken as the length of the straight section. Figure 4 displays a
typical test record. The specimen number for this data set, HT 0 6, indicates heat
treatment 0, which is no heat treatment, and specimen number 6 of that group. In this
group, Specimens 1, 2, 3, and 5 were failed tests because the specimen was damaged
during the sectioning of the frame. Tests of Specimens 4, 6, and 7 were successful. In
subsequent groups, after the arc-cutting technique mentioned above was perfected, only
an occasional test failed.
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FIG. 4—Plot of engineering stress vs gauge length strain for specimen
HT _0_6, not heat-treated, the second specimen that was successfully tested.
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In addition to grip-to-grip displacement, local displacements were measured by
digital image correlation (DIC). A series of images, typically about 100, were acquired by
optical microscopy during the course of each tensile test. Images were acquired
approximately every 5 s during the test. A typical image is shown in Fig. 5. Each image
was labeled with information sufficient to associate it with a specific data record
including the applied force and the grip displacement. The images were analyzed to
produce strain values averaged along the gage section. Figure 6 shows the stresses plotted
against strain as measured by DIC. The strain from DIC is a more accurate measurement
of the actual strain because the gage length strain, as defined above, includes spurious
displacement contributions from the parts of the specimen outside the gage length.

g RN B e byt v

FIG. 5—Image obtained during the test of specimen HT 0 6 and used for
measurements of displacement by digital image correlation.
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FIG. 6—Stress strain plot for specimen HT 0_6, the second specimen
tested successfully, not heat-treated.
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The appearance after failure is shown in Fig. 7. In this test the image previous to
the one in Fig. 7 showed no tear, while Image 99 shows tearing completely across the
specimen. Some of the heat-treated specimens showed slower tearing, where several
images showing progressive tearing were obtained. In these cases, the start of tearing was
taken as the image where the tear reached 20% of the specimen width. This determination
was not always unambiguous, because often the tear seemed to follow a pre-existing
indentation across the specimen. Care was taken to make consistent judgments across all
the heat treatments. Adopting the strain from DIC as the critical value associated with this
failure criterion allowed the tearing failure results to be based entirely on the images, with
no dependence on the grip displacement.

FIG. 7—Specimen HT 0 _6 after failure, image number 99.

A more quantitative method of locating the failure point would be to use a stress
criterion. Such a method was applied, with the failure criterion being the gage length
strain where the stress had fallen to 50% of its maximum value. Using the gage length
strain in this criterion removed it from any dependence on the images.

Results

X-Ray Diffraction

The X-ray diffraction results for peak position and peak width were constant for
all the heat treatments, including as-received. All of the samples indexed nicely (99%
confidence interval) on an fcc lattice with a lattice constant of 4.3 A, inconsistent with the
handbook value for bulk gold of 4.08 A, and a density of 19.3 g/cm®, which is consistent
with the bulk value. Thus, all of the films were essentially the same material. Also, no
significant differences (again at a 99% confidence level) were measured in the average
peak width. Thus, the possibility of a significant change in grain size was not supported
by the data.

In contrast to these findings, the relative intensities for diffraction peaks of
different Miller indices changed significantly with heat treatment. Figures 8 and 9 show
the behavior with heat treatment of the ratio of the peak intensities for the <200> and
<111> peaks.
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Tensile Testing

The results of the tensile tests are listed in Table 2.

TABLE 2—Results of the tensile tests for heat-treated electrodeposited gold films.

Heat Yield strength,| Ultimate GL* strain to | DIC* strain to
Treatment | Specimen MPa strength, MPa |half max stress|start of tearing

0

04 269 273 0.012 0.008

06 258 259 0.011 0.009

07 268 303 0.017 0.011
1

12 305 334 0.022 0.019

14 253 253 0.010 0.007

15 264 336 0.026 0.027
2

22 172 188 0.021 0.029

23 151 173 0.019 0.027

24 128 155 0.026 0.049
3

32 130 131 0.020 0.015

33 132 136 0.026 0.034

34 133 139 0.022 0.026
4

41 141 168 0.012 0.016

43 158 162 0.016 NA

4 4 175 178 0.015 0.023
5

51 144 157 0.014 0.018

52 143 151 0.015 0.014

53 227 227 0.011 0.011
6

61 127 132 0.017 0.022

62 134 158 0.017 0.020

6 4 133 144 0.021 0.026

*GL, gage leHgth. DIC, digital image correlation.
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Strength and strain to failure are plotted against heat-treatment time and
temperature in Figs. 10-13. Figure 10 shows that heat treatments of 200 and 300°C
reduced both the yield and the ultimate strength to about half of their initial values, while
the 100°C treatment for 1 h produced no decrease.
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FIG. 10—Yield and ultimate tensile strength plotted against heat
treatment temperature for 1 h anneals.
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FIG. 11-—Yield and ultimate tensile strength plotted against duration of
heat treatment at 200 °C.
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FIG. 12—Strain to failure using two different criteria, a 50 percent
stress drop and the initiation of tearing, plotted against heat-treatment
temperature for 1 h anneals.
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FIG. 13—Strain to failure measure using two different criteria, a 50% stress drop
and initiation of tearing, plotted against duration of the 200°C heat treatment.

Figure 11 shows that for the 200°C heat treatment, practically all of the strength
reduction occurred during the first hour of treatment.
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Figure 12 shows the resuits for the effect of heat treatment temperature on strain
to failure. Even a 100°C heat treatment appears to increase the strain to failure. The
results are unambiguous for the 200°C treatment. The strain to failure after a 1 h heat
treatment at 200°C is about 2.5 times its value for the untreated specimens. Strain to
failure appears to decrease slightly as the heat-treatment temperature is raised from 200 to
300°C. Figure 13 shows that the strain to failure has a complex behavior as a function of
heat treatment time at 200°C. The strain to failure increases initially, then decreases back
to a value intermediate between the initial value and the value after the 1 h treatment, and
then increases again.

Discussion

Handbook values for the uitimate strength of annealed polycrystalline bulk gold
are given as 130 and 220 MPa for annealed and cold-worked material [S]. The respective
elongations are given as 40 to 50 and 4% [S]. A review of the properties of
electrodeposited gold [6] gave the tensile strength as 110 to 210 MPa and the elongations
as 3 to 8% for specimens 25 pum thick, depending on the plating chemistry and current.
The present results for as-deposited gold differ from these, having higher strength and
lower elongation. However, no grain-refinement treatment was mentioned for the cited
handbook results, and the present specimens are some ten times thinner. The high
strengths seen here for as-deposited films are tentatively attributed to a small grain size in
this material, which is typical for thin films. Three causes can be considered for the
generally low elongation values seen here as compared to typical bulk values: (1) The
transverse ridges and valleys in the specimens may introduce stress and strain
concentrations; (2) The probability of a defect in the thin wide films tested here may be
greater than in a bulk rod specimen; (3) The result may be characteristic of the geometry
tested, indicating a sensitivity to biaxial stress. Resolution of this issue is beyond the
scope of this work. Possibility (3) cannot be rejected out of hand, because recent resuits
with electron-beam-evaporated aluminum films indicate that the same material that
exhibits a 1 % elongation to failure for a specimen 200 pm wide by 1 pm thick can show
30 % elongation to failure when a specimen 10 pm wide by [ pm thick is tested.

The stress-strain records, such as those in Figs. 4 and 6, typically showed a
gradual increase in stress with imposed tension as the slack was removed from the
specimen, followed by a linear region, followed by a region where the stress increased
less than linearly with the strain. The slopes of the linear regions, calculated from the
force and the displacement as measured by digital image correlation, were typically in the
range of 30 to 40 GPa, compared to the bulk polycrystalline gold Young’s modulus of 80
GPa [7]. The difference is attributed to the presence of deformation mechanisms in
addition to lattice elastic strain, such as small-scale plasticity.

The deformation results are illustrated by Figs. 14 through 17. Figure 14 shows
DIC results for two images bracketing the linear stress-strain region for specimen
HT_0_6, Fig. 6. Figure 15 shows the displacement from the image at the end of the linear
region to the last image before failure. Figure 16 shows the deformations from the end of
the linear region to the beginning of significant tearing. Figure 17 shows image number
129 of specimen HT_2_3, which was taken as the beginning of significant tearing.
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this specimen before failure.
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FIG. 17—Image number 129 of specimen HT 2 3, at the beginning of
tearing.

A striking correlation is seen between the x-ray diffraction data for peak intensity
ratios and the strain to failure as a function of heat-treatment duration. These data suggest
that a <100> orientation of the film plane promotes a high strain-to-failure for in-plane
tension, while a <111> orientation promotes a low strain-to-failure. This result is
consistent with the slip planes and directions of fcc metals such as gold, in which the slip
planes are the {111} planes, and the slip directions are the <110> directions [8]. Planes
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oriented at 45° to the tensile axis have the highest Schmid factor, which relates resolved
shear stress to axial stress. A low ratio of <200> to <111> peaks indicates that the plane
of the film is a {111} plane. This orientation provides few {111} planes at 45° to the
tensile axis, leading to higher axial stresses for a given resolved shear stress. On the other
hand, a high ratio of <200> to <111> planes means that {100} planes are favored in the
plane of the film. This orientation provides many opportunities for {111} planes to fall at
orientations near 45° to the tensile axis, leading to higher resolved shear stresses at lower
axial stresses.

Summary

Electrodeposited gold films, as tested with a thickness of 2.5 um and a width of
200 pm, have high strength compared to handbook values for pure gold: three as-
deposited specimens had an average ultimate strength of 278 MPa. But the
electrodeposits had low elongation to failure, around 1% in the as-deposited specimens.
On first loading, the stress-strain curves had a brief linear region after the slack in the
specimen was removed, but the slope of this linear region was far below the handbook
value of the Young’s modulus. This behavior is attributed to the activity of inelastic
deformation mechanisms. Heat treatment reduced the strength of the electrodeposited
films, and increased their elongation to failure. The behavior of the strain to failure as a
function of heat-treatment duration at 200°C was especially complex. As a means to
increase the strain to failure, a 1-h treatment at 200°C would be preferable to longer times
at this temperature.

A striking correlation was seen between the strain to failure and the ratio of X-ray
diffraction intensities for the <200> versus <111> peaks as a function of heat-treatment
temperature. This indicates that the changes in elongation to failure are a result of
changes in the preferred orientation of the grains of the film. Films in which a high
fraction of the grains had their <111> directions oriented perpendicular to the plane of the
film had lower elongations to failure than films in which <100> directions were more
numerous. The X-ray diffraction results provided no indication of significant changes of
grain size with heat treatment.

The testing of free-standing, photolithographically produced gold electrodeposits
on copper foil support frames in a piezo-actuated microtensile test rig proved feasible
with the use of a manual spark-cutting technique to sever the frames immediately prior to
testing. The use of a large number of digital images as part of the tensile test records was
useful for calculating strains by digital image correlation, and for locating the beginning
of significant tearing.
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ABSTRACT: Design of micro-electro-mechanical systems (MEMS) requires characterization of
the materials involved. However, because the structural dimensions found in MEMS are so
small, measurement of even the most basic properties is challenging. This work focuses on
techniques for determining the strength of MEMS materials. Several approaches are presented
and compared. Results for the failure strength of a common brittle MEMS material are discussed.
It is shown that a probabilistic approach must be used to understand the results, and that the
apparent strength of this material depends considerably on the mode of deformation (tension vs.
bending). The probabilistic approach suggests a dependence in strength on both specimen size
and deformation mode. Issues such as load alignment and difficulty in determining specimen
geometry are also considered.

KEYWORDS: fracture, thin films, brittle, Weibull statistics, MEMS, mechanical strength
Introduction

The need to understand the mechanical properties of materials used in MEMS has
become clear over the past several years. As a result, a number of groups have examined
this problem from a range of perspectives [1-9]. One important design parameter is, of
course, the strength of the material. However, there has been little agreement as to what
approach should be used. (See, for example, the MRS Proceedings on this topic [8] and
the recent report by Ballarini [9].) Attempts to compare results from different approaches
have been disappointing in that there is often a significant difference in the measured
strength of the same material. One example of this [10] involves a “round robin”
experiment in which four different research groups attempted to characterize the Young'’s
modulus and fracture strength of the same polysilicon material from a structural layer
produced by a MEMS foundry service, the Multi-User MEMS Processes (MUMPs). The
results from the three groups that were able to measure the fracture strength were
considerably different from one another, with specimens loaded in uniaxial tension
tending to fail at a lower stress, on average, than specimens loaded in bending. The
scatter of the data made by each group was also substantial, with the coefficient of
variation on the order of 10% for most groups.

The ceramics community has also had to deal with the fact that the material of
interest is brittle and that there is considerable scatter in observed fracture of nominally
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identical devices. The approach taken there is to treat the problem statistically, focusing
on identifying the failure distribution rather than just the mean strength with an associated
standard deviation. It is well known that such a statistical approach can explain many of
the observed differences in strength due to differences in size or loading [11,12].

In this paper, we draw heavily on the previous work on fracture testing of
macroscopically-sized brittle materials to better characterize the fracture of structural thin
films used in MEMS devices. The failure of a brittle material is a probabilistic event that
depends upon the size of the specimen being tested as well as the loading conditions. A
two-parameter Weibull model is used to analyze the results of a set of tests in which
fracture strength was measured for a number of cantilever beams. It is shown that the
model used captures the salient features of the data. Using the Weibull parameters
obtained from the bending tests, the model predicts that identical beams loaded in
uniaxial tension should exhibit an average strength that is about 40% lower than that for
the cantilevers. General equations for relating specimen volume and inhomogeneous
stress to expected mean strength are provided, along with an analysis of the effect of
nonideal loading of uniaxial tension specimens. This work follows that of Greek, et al.
[1] and Tsuchiya, et al. [3], who also advocate the use of Weibull statistics for describing
the fracture behavior of polysilicon.

Weibull Statistics for Brittle Failure

Fracture in brittle materials is often governed by the presence of defects, the
largest of which initiates failure. Small specimens are less likely than large specimens to
contain a critically sized flaw that will cause failure at a given stress level. Therefore, one
should expect the failure to depend upon the size of the part being tested. This
understanding is a basic element of dealing with structural ceramics, but is less familiar to
those accustomed to dealing with metals. This fundamental characteristic of brittle
failure necessitates a probabilistic approach.

Failure Under Homogeneous Stress—Uniaxial Tension

The Weibull approach to describing failure is often referred to as a “weakest link”
model, in which failure of any part of a structure results in failure of the entire structure.
Let Pr(o) be the probability that an element (a link in a chain, for example) will have

failed at a stress less than o (i.c., P (o) is the cumulative probability for failure). The
probability of survival of that element to this stress level is then 1-P¢. If the structure

(the chain) is made up of N identical elements (links) all subject to the same stress and
having the same failure probability, then the probability P, that the entire structure will

survive 1s the product of the individual survivals,

N
Rv=1—Pf,structure=(l_Pf) . (1

Taking the natural log of both sides, and assuming that the probability of any individual
element failing is small ( Py <<1 so that In(l —Pr)=—Py), allows us to write

In(1- Py structure) = —NPy . ()
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The probability that the structure will fail at a stress less than ¢ is then
Pf,structure(c) =1- exp[—NPf (0)]. 3)

For a continuous structure, rather than one made up of discrete elements, N is the ratio of
the total volume V to the volume v of a reference element of the material, whose
probability of failure is now denoted Py, (). Thus,

Pry(o)=1- exp[— % Pg., (0')] . 4

Weibull [13] proposed a particular function to describe Py, (o) that has been

found useful for many failure mechanisms. This function is

m

c-o0

Psy(0)=u(c -0, )[ < J ®)
Go

where o is called the “critical or threshold stress,” below which failure does not occur;

o is referred to as the “scale parameter,” which has physical dimensions of stress, but

which does not lend itself to easy identification in terms of experimental observations; m
is called the “shape parameter” (or sometimes, the Weibull modulus); and u(e) is the

unit step function whose value is zero if & <0 and is unity if & > 0. The presence of the
unit step function in Eq 5 accounts for the fact that failure is assumed to occur only when
the stress is greater than the critical stress o,.

Much of the work involving the Weibull distribution assumes that o, =0. We

make this assumption as well, recognizing that it will be important to establish its validity
on the basis of suitable experimental observations. The failure probability for a structure
of volume V subject to uniform uniaxial stress is then

Pry(0)=1-exp -Ku(o)[i] . (6)
v (o)

It is common to reduce this expression to one linear in the shape parameter m by taking
the natural logarithm of (1-Py,y) twice, to yield

lnl:ln(Tl(G) ]} =mlin(c) - (m In(og) - ln(% D ™
~Pry

If the Weibull approach is valid, a plot of the left-hand side of Eq 7 vs. In(c) should be a
straight line with slope m.

As noted above, the scale parameter o is not readily identified from a set of
experimental data. However, it can be eliminated in favor of the mean failure stress of
the data by noting that the mean of this distribution, &, , is given in terms of the
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Weibull parameters as

5y = Lixr”
&y =0l (+ m)(V)y : @®)
where ['(---) is the standard gamma function [14]. Using this, Eq 6 may be rewritten as
m
c
Pry(0)=1-exp| —u(@T 1+ | —| | 9
. (0) = 1-expl (@) m))"[afy) ©)

Note that the volume ratio that appears in Egs 4, 6, and 8 no longer appears explicitly in
the expression for the failure probability. The volume effect is now contained in the
mean failure stress, & - We see, then, that & f04 is not a true material constant, but
instead depends upon both material constants (G and m) and the geometry of the

specimens being tested. The above analysis suggests that if two sets of different sized
specimens, with volumes ¥} and ¥, are tested in uniaxial tension, the ratio of the mean

failure stresses should be
_ 1
MERNLA (10)
Ef Vo Vl

The standard deviation of the distribution can also be determined, and when it is
normalized with respect to the mean, depends only upon m. Let s/ be the standard

deviation associated with uniaxial loading of specimens of volume ¥. Then,

2 2
s—ﬂL=COV2=F(1+;)—1 )
6};[/ I“2(1+;H

The coefficient of variation is seen to be independent of the volume of the specimens
tested. Thus, if a set of data is taken, the mean and standard deviation of the data can be
used to estimate the Weibull parameters 0y and m. The utility of these parameters,

though, depends upon the extent to which the Weibull distribution actually describes the

T ; data. By way of example, a set of data
| drawn from a Weibull distribution with m
0.8 = 12 would have a coefficient of variation
5 086 of about 10%. A plot of the coefficient of
3 o4 variation vs. m is shown in Fig. 1.
0.2
o4 ,
0 5 10 15 20
m

FIG. 1—Coefficient of Variation vs. m
Jor failure under Weibull distribution.
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Failure Under Inhomogeneous Stress—Bending

The work in the preceding section is valid only for specimens loaded in uniaxial
tension, for which all material elements are subject to the same (uniform) stress ¢ . The
basic structure of the above analysis is applicable for more general stress states as well.
In this work, we focus on a relatively simple stress state — that generated during the
bending of a beam. A variety of bending tests (three-point, cantilever and four-point
bending) are used in testing of brittle materials. All have a stress state that is well
approximated by a single nonzero component of the stress tensor that varies with position
in the beam. The magnitude of the stress at any point in the body is proportional to the
applied loading, but the stress itself is parameterized by the maximum stress that the
loading causes within the body. Failure is then identified in terms of this maximum stress
rather than in terms of the applied load.

Let o(r,0ax) represent the (uniaxial) stress at position r under some loading

condition that causes a maximum stress &, to occur at some location within the body.
The failure of any individual element of the body is still governed by the probability
P¢(0) , but now the various elements making up the body have different stress levels, so

the simple summation of failure probabilities must be replaced by an integral over the
body. That is, Eq 3 must be rewritten as

Pf,V(Gmax)=l—exp[_%JPf(G(r’omax))dV:l' (12)
vV

If 0 =0 throughout the body (i.e., the stress is uniform, uniaxial tension), Eq 12
reduces to Eq 3.

Let us now consider the case of bending due to a point load F" at the free end of a
rectangular cantilever beam of length L, width b and depth 4. Euler-Bernoulli beam
theory provides the stress along the beam axis at any axial location x (0<x<L) and
depthz(—h/2<z<h/2)as

2z(L - x)o, 6FL
O'(rao'max)=—(Th)mﬂa O'max =_b;2_‘

Evaluating the integral in the exponent of Eq 12, with P (o) assumed to be of the form

(13)

proposed by Weibull, allows us to write the probability of failure up to a loading with a
maximum stress of Gy as

m
1 Vio

Proo. . (O oy ) =1—exp| ——————| & . (14)

1V ;cantilever \© max 2(1+m)2 vl og

Comparing this expression with the equivalent expression for the failure
probability under uniaxial tension, Eq 6 with ¢ = 0y,,, , We see that they are the same

except for the factor 2(1+m)2 in the denominator of the exponent in Eq 14. The
significance of this factor lies in its effect on the mean failure stress. Specifically, the
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mean stress to failure, G,y e for this case is

1/m
O, 1%
o-maxfiV;canrilever =[2(1+m)2]1/m00r(1 +-r1;)(VJ . (15)

The ratio of the means given in Eqs 8 and 15 for the uniaxial and cantilever loading cases
again involves only the shape parameter m as

0, .
Max .y yniaxial — [2(1 + m)z]—l/m ' (16)

0,
max I3V scantilever

We therefore expect that the mean stress to failure for a set of cantilever beams of a brittle

material to be significantly greater than the mean stress to failure for a set of uniaxial

tension specimens of the same material and geometry. A plot showing the ratio of these
mean stresses is given in Fig. 2.

The fact that the mean stress to

1 failure for a set of tensile specimens should

2 08 be lower than a similar set of bending
5 specimens makes sense physically if one
o6 considers the stress states for these two
g 0.4 loading conditions. If both beams are
q"ES 02 loaded to the same maximum stress Gpax,
w then the entire volume of the uniaxially
S 0 * — loaded beam be at this stress, whereas the
¢ 0 5 10 15 20 cantilever beam has only a single point at
m the outer fiber of the fixed end with stress

FIG. 2—Ratio of mean stress to failure in Omax- S]}lce the chance of haYlng a
uniaxial tension to cantilever bending vs. critically sized flaw (.:apable of causing the
Weibull parameter m. material to fail at a given stress depends on

the amount of material at that stress, there is
a greater chance of the uniaxially loaded

beam failing at Gp.x than the cantilever
beam.

Greek et al. [1], have presented a similar analysis for surface-dominated defects,
and Tsuchiya et al. [3] have presented a volume-based analysis. In comparing this work
to theirs, however, it is important to recognize that their “scale factors” are quite different
than the scale factor ¢y introduced above. The “normalizing factor” of Greek et al. [1]
has physical dimensions of stress times area to the //m power, while that of Tsuchiya, et
al. [3] has physical dimensions of stress to the power m times volume. Clearly, these
material “constants” differ from the scale factoroy, which is a measure of stress and

contains no dependence on the shape parameter.

Misaligned Loading—Combined Tension and Bending

In many cases, it is difficult to obtain either perfect uniaxial tension or cantilever
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bending. At the macroscopic scale, this is accommodated by using pinned grips or some
other self-aligning mechanism. Such mechanisms do not exist at the microscale. Instead,
loading is often applied to the top of a beam, either by attaching a structure to the upper
surface of the film being tested or through electrostatic means. In either case, the loading
is offset from the centerline of the beam, leading to some degree of bending.

We have analyzed the effect that such an offset has on the stress state in the beam
and on the resulting mean failure strength. The problem addressed is shown in Fig. 3.
The beam to be tested to failure has a gage length L and cross sectional area 4. Loading
is applied through a force Fj at the end of a “loading beam.” The loading beam is
attached to the upper surface of the test beam near its free end and is constrained against
out-of-plane motion at the point of the applied load. The nominal stress in the test beam is
simply F/ A4, but the actual stress depends upon position due to the offset of the load.

Simple beam theory cannot be used for this analysis since amount of offset
increases as the loading increases, but not linearly. Numerical solutions for this problem
were obtained using a commercial finite element code (ANSYS) for a range of applied
loads. The material was taken to be polycrystalline silicon, with Young’s modulus E =
167 GPa and Poisson’s ratio v = 0.25. The test beam has length L. = 100 pm, and square
cross section of 2 pm * 2 pm. At each load step, the probability of failure of the test
beam was computed for assumed values of the Weibull shape parameter m and scale
factor 0. The mean failure stress was then obtained from this numerically generated

cumulative distribution.

FIG. 3—Schematic diagram of the geometry used in analyzing the effect of
offset loading on the failure of a beam in uniaxial tension.

Figure 4 shows a plot of the normalized mean failure strength as a function of
scale factor og for several values of the shape parameter. The effect of the bending

stress is largest, as a percentage of the nominal stress, at relatively low loads. As the
loading increases, the stress state appears more nearly uniform. Therefore, if the material
has a relatively low scale factor, the effect of the offset load is greater then if the material
has a relatively large scale factor. The effect of the shape parameter is also seen in Fig. 4.
As m increases, the region of high bending stress becomes increasingly important to the
failure.
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FIG. 4—Ratio of mean failure stress with offset loading to ideal loading
as a function of Weibull parameters.

Fracture Test Structure

In order to perform a statistical evaluation of a set of fracture data, there must be a
sufficient amount of data to make the results meaningful. The structures used in this
work allow a large number of specimens to be tested to failure in a reasonable time. This
is possible by testing the material in cantilever bending rather than the more traditional
uniaxial tension. (For a comparison of the two techniques, see Refs. 1, 3, 8, and 10.) The
structures used are quite small, only 320 pm by 500 pm, so that a large number of devices
can be fabricated on a single die. The fabrication process can be performed using only
one mask set, making this technique attractive for testing a wide range of thin film
materials, not just those that might be found in traditional MEMS devices. The test
structures are on the same length scale and are tested in a mode consistent with the
deformation of many mechanical MEMS elements, thus providing information that is
directly useful to designers. This device does not, however, allow a direct determination
of the stress at failure. Rather, the strain at failure is determined, from which the
associated stress may be obtained using Young’s modulus.

The central element of the structure to measure the fracture strength of brittle
MEMS materials is a shuttle tethered to the substrate by a folded flexure. Attached to the
shuttle is an array of cantilever beams that are bent as the shuttle is displaced in-plane by
an off-chip probe. As each beam breaks, the end displacement is determined from a
video image of the structure. Because the beams are deformed in bending rather than in
uniaxial tension, the magnitude of the motion is large and is readily detected using the
optics available on the probe station used. Beam theory accounting for the geometric
nonlinearity and the compliance of the beam support is then used to calculate the state of
strain in the beam as a function of its tip deflection.



286 MECHANICAL PROPERTIES OF STRUCTURAL FILMS

An SEM photograph of an undeformed structure is shown in Fig. 5. In this
configuration, the probe tip will push the shuttle toward the bottom of the image. The six
cantilever beams at first move rigidly with the shuttle, but after a short time contact the
pads anchored near their free ends. A contact pad acts to fix the position of that point on
the beam, causing the remainder of the beam to bend as the shuttle continues its motion.
A scanned video image of the fracture test device during testing is shown in Fig. 6.
Notice that in this image, the shortest two beams have already failed, and the longer
beams are highly deformed.

contact

20KV %200 0000 :

FIG. 5—SEM micrograph of fracture strength  F1G. 6—Scanned video image of

test structure. Jracture strength test structures during
testing.

The structures tested for this paper were fabricated in the Multi-User MEMS
Processes (MUMPs). The fracture strength of the first polysilicon structural layer,
nominally 2 pum thick, was tested. Consistent with a standard MUMPS run, films were
deposited at 610°C, then sandwich doped with phosphorus during a 1 hour, 1050°C
furnace anneal [15]. The beams tested were nominally 5 pm wide and 70, 80, and 90 pm
long (distance from contact to the point where the beam attached to the shuttle).

The measured quantity for these tests is the displacement of the shuttle as each
beam breaks. To facilitate the testing of the desired number of specimens, an automated
system was created. A stepper motor advances the probe tip at a rate of 0.05 um/s, while
a video board captures an image every 4 seconds. The motion of the shuttle is assessed
by comparing each image with an image taken before deformation. At maximum
magnification, the system can resolve 0.18 pm/pixel, so the displacement resolution is
limited by the rate at which images are captured. A displacement resolution of 0.2 pm
corresponds to a worst-case strain resolution of 0.04%. Assuming a value for Young’s
modulus of E = 167 GPa, the stress resolution is then 67 MPa. A more detailed
description of the automated data acquisition system is given by Jones [16].
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After testing, the beam widths were measured on a calibrated SEM at a
magnification of 2600X. The strain state was then determined from the displacement at
fracture for each beam using the elastica solution of a bending beam [17]). The
compliance of the shuttle supporting the beams was accounted for using the analysis of
O’Donnell [18]. His result can be expressed as the ratio of the end deflection due to the
support compliance &g,,,,,; to the deflection due to bending pepying - Assuming that

the beam is in a state of plane stress, this ratio has the simple form

Ssupport _ 25 h ’ an

5bending or L
where 4 is the depth of the beam in the plane of bending (nominally 5 um, in this case)
and L is the length of the beam. For these beams, this correction typically results in an
8% reduction in the estimated strain for a given displacement.

An example of the results of this testing is shown in Fig. 7, where three beam
lengths are compared with one another in terms of mean failure strength and Weibull
parameter. For each beam length, 38 valid measurements were obtained allowing a
reasonable statistical comparison between the three lengths. These results indicate that
the
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FIG. 7—A comparison of the failure distributions for three lengths of beams

loaded to failure in cantilever bending. All beams are nominally 5 um wide and 2 um
thick.
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TABLE 1—Comparison of the ratio of mean failure stresses for different length
beams. Theoretical ratios are computed from Eq 10 using m = 8.

Beam Lengths  Volume Ratio Theoretical Experimental
Ratio of Means  Ratio of Means
70:80 0.875 0.983 0.953
70:90 0.778 0.969 0.929
80:90 0.889 0.985 0.975

size effect predicted by the previous analysis may be evident for these structures. The
volume ratio between two beams is essentially the ratio of the beam lengths. Taking m =
8 and using Eq 10 for the ratio between two means allows us to compare the
experimentally determined ratios with the theoretical ratios as shown in Table 1. In each
case, the experimental ratio is smaller than the theoretical ratio, indicating that the data
contains a greater size effect than would be expected on the basis of the Weibull theory.
However, it is important to note that the number of data points used for each beam length
is still relatively small. The 95% confidence interval for the means reported is on the
order of 0.2 GPA. The difference between the means for the 70 jim beams and the 90 pm
beams appears to be statistically significant, but the same cannot be said about the
differences between the mean for the 80 pm beams and the other beam lengths.

The data collected also suggests that the three parameter Weibull model may be
more appropriate for this material than the two parameter model used for the analysis. A
total of over 1200 structures from three separate dies were tested to failure, with a
minimum failure stress of 2.0 GPa. Future work will focus on this issue.

Summary

Fracture testing of MEMS materials often focuses on determining a single value
for the mechanical strength of the material rather than on determining the range within
which this important parameter should be expected. This work emphasizes the
importance of considering fracture strength of polycrystalline silicon in a probabilistic
sense, and provides a detailed description of the use of the Weibull distribution in this
regard. It is shown that the apparent strength of a structure tested in tension may be
strongly affected by misalignment of the applied load. An alternative to uniaxial tension
testing is presented and results for fracture strength in cantilever bending of MEMS
beams are provided.

While progress has been made in understanding the fracture strength of MEMS
materials, particularly polycrystalline silicon, much research remains. Differences
between the apparent strengths in tension and bending shown in [10] have yet to be
explained. Issues associated with load misalignment demand more attention as well.
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ABSTRACT: In an effort to develop a more extensive model for the thermomechanical behavior
of shape memory alloy (SMA) films, a novel characterization method has been developed. This
automated test has been tailored to characterize films for use in micro-electromechanical system
(MEMS) actuators. The shape memory effect in NiTiCu is seen in the solid-state phase
transformation from an easily deformable low-temperature state to a “shape remembering” high-
temperature state. The accurate determination of engineering properties for these films
necessitates measurements of both stress and strain in microfabricated test structures over the full
range of desired deformation. Our various experimental methods (uniaxial tensile tests, bimorph
curvature tests, and diaphragm bulge tests) provide recoverable stress and strain data and the
stress-strain relations for these films. Tests were performed over a range of temperatures by
resistive heating or ambient heating. These measurements provide the results necessary for
developing active SMA structural film design models.

KEYWORDS: shape memory, NiTiCu, nickel-titanium-copper, Nitinol, NiTi, TiNi, MEMS,
microactuators

Introduction

The use of active materials actuation systems in micro-electromechanical systems
(MEMS) is becoming more popular as solutions are sought for providing effective motion
and force control on the microscale. Shape memory alloy films are an attractive solution
in these systems because they provide the highest work output per unit volume of any
microactuator alternatives (seen in Fig. 1) [1]. Concepts exist to use shape memory
alloys (SMAs) in microvalves, pumps, and actuators [2-4], and several scientists [1,5-7]
have characterized individual characteristics of SMAs. The tests and results described
here move us one step closer to a comprehensive SMA characterization tool to allow
effective and optimal design of MEMS that fully utilizes actuation properties.

Performing a comprehensive engineering analysis of this material has relied on
the design of MEMS devices with incorporated SMA films. Microfabrication methods
were used to generate test chips with the goals of avoiding alloy recrystallization and
creating devices with similar geometry and scale to actual MEMS actuators that would
operate via a shape memory effect. The testing method used here provides data based on
the resistive heating of the films rather than ambient heating. Alloy characterization has
been performed by other researchers to derive stress-strain relationships under isothermal
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conditions or with temperature as a monitored variable [1,5-7). Alternatively, this test
utilizes resistive heating and thus constant current conditions are imposed on the films in
a room temperature environment. Varying the strain and measuring the stress on the
films under these conditions allows the plotting of characteristic curves and the derivation
of constitutive relations for use in the design of new actuators.
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FIG. |—Work output per unit volume versus operating frequency for several
standard microactuators.

Because SMA films behave differently than bulk materials and vary in mechanical
properties with distinct fabrication methods, a simple technique to provide all necessary
mechanical data is beneficial. The automated test described here is non-destructive and
provides a comprehensive range of thermomechanical and electromechanical information
with simultaneous determination of stress-strain behavior and material resistivity of both
phases, recoverable stress and strain against a load, actuation fatigue behavior, response
and cycling times, and power requirements for actuation of fixed-fixed NiTiCu ribbons.

This paper begins by addressing the theory behind the shape memory effect.
While a thorough knowledge of the phase transformations that allow shape memory are
not entirely necessary to design actuators, an understanding of the materials science
certainly aids in the design process. The fabrication of test structures used for these tests
is described, with a list of processes that are not detrimental to shape memory film
integrity. The testing methods are discussed along with the characteristic equations that
allow formation of stress and strain relationships. Finally, results are presented based on
our findings during uniaxial tensile tests, bimorph curvature tests, and diaphragm bulge
tests.
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Shape Memory Theory

Shape memory alloys are appropriately named because they “remember” their
shape while undergoing a solid-to-solid phase transformation during heating. At room
temperature, NiTiCu is in its low-temperature, martensite state. When it is heated beyond
its transformation temperature, it undergoes the phase transformation to an austenite state.
In the martensite phase, the material exhibits higher ductility than the austenite phase and
is therefore easily deformed. When the material is heated it enters the austenite phase
(known as reverse transformation). It regains its original shape as long as permanent
plastic deformation did not occur in the martensite phase (around 4-10% strain for most
SMAs [8]). Upon cooling to martensite again (martensite transformation), the SMA does
not change macroscopic shape unless external loads are applied. In the two-way shape
memory effect, both phases remember a unique shape [9-10], which can occur due to
residual film stresses changing the shape of the material during the austenite to martensite
transformation in the absence of external loading. Electrical resistance changes from the
martensite phase to the austenite phase have been observed by other researchers [7,11-12]
and were also studied in these experiments.

Shape memory transformations occur by solid-to-solid phase transitions from one
crystal lattice structure to another, sometimes with an intermediate phase during heating
or cooling. In NiTi, the austenite phase, or parent phase, has a tightly packed B2
structure, with the same symmetry as the body centered cubic lattice but with alternating
atoms. The martensite phase is monoclinic or orthorhombic subject to alloy composition.
NiTi martensite is monoclinic and NiTiCu martensite is orthorhombic. During the NiTi
phase transformation upon cooling from austenite to martensite, the alloy passes through
its intermediate R-phase, which has been described as both rhombohedral and
orthorhombic by different scientists [13-15]. As the Cu content increases (substituting
for nickel) from zero to 10% by weight, the alloy experiences phase transitions upon
cooling of B2 — monoclinic, B2 — orthorhombic — monoclinic, and finally B2 —
orthorhombic lattice structure [15]. The addition of Cu to NiTi acts to stabilize the
dependence between transformation temperatures and alloy composition. It also leads to
smaller hysteresis in the alloy’s transformation temperatures [16].

Martensite Phase

The martensite phase has been described as ductile in its deformation. The reason
behind this is the twinned structure encountered in martensite. For MEMS applications,
the twinning dimensions are on the order of nanometers while the material dimensions
are on the order of microns. This highly twinned structure is ductile because twin planes
are able to slip with respect to one another. Since twins are moving with respect to each
other, dislocations do not appear and there is no permanent, irrecoverable deformation.
This leads to the method of interpreting the presence of twins in NiTi based shape
memory alloys, as reported by Bhattacharya [17]:

1. The lattice on one side can be obtained by a simple shear of the lattice on the other.
2. The lattice on one side can also be obtained by a rotation of the lattice on the other.

These conditions are at the heart of twin variants. When lattices are sheared or
rotated, they transform from one variant of the martensitic lattice structure into another.
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Thus, variants change because of the twinned microstructure, which appears as
macroscopic plastic deformation. The kinematic compatibility of the material states that
the deformation of the material must be coherent, so macroscale martensitic material
appears to have the same properties throughout, though it is made up of several variants
of one lattice structure [17].

Martensitic material takes on the material property known as self-accommodation.
This property allows for no macroscopic change in shape in the absence of external loads
when the material transforms from austenite to martensite. During phase transformation,
the new martensite variants align themselves to allow no macroscopic shape change in the
material. Cooling the material below its transformation temperature can form the ductile
martensite microstructure, but martensite can also be formed by physically increasing the
transformation temperature. This behavior, known as stress-induced twinning, is
governed by the Clausius-Clapeyron relationship, which states that as the stress and strain
in the material increase, the martensite transformation temperature also increases. The
balance between strain energy and heat energy therefore dictates whether the alloy is
acting as a ductile martensite or a stiff austenite [18].

Austenite Phase

Since the formation of the crystalline shape memory structure requires annealing,
all shape memory materials start out as austenite. Before annealing, the materials have
amorphous microstructures without order or alignment of crystal lattices. Upon
annealing, the highly symmetric B2 crystallization takes place, forming SMA austenite.
When it cools, the alloy transforms to martensite for the first time and undergoes self-
accommodation. When NiTiCu enters the austenite phase upon reverse transformation,
twins are recovered during the transition to B2. As the multiple twin variants transform
to the unique B2 variant, the material recovers its original shape. If strain was applied to
the martensitic structure causing deformation, the transformation back to B2 includes a
macroscopic shape change to its original, annealed shape.

Fabrication of Test Structures

Referring to Fig. 2, 4-in. diameter 380 um thick {100} Si wafers (Step 1) with
6000 A of thermally grown oxide (Step 2) served as substrates for the SMA film
deposition. Nickel-titanium-copper films were DC magnetron sputter-deposited at 150 W
from a 33 mm diameter alloyed NiTiCu target while heating the substrate (Step 3). Films
were deposited in a high vacuum chamber under 5.4 x 10® to 1.9 x 107 Torr base
pressure in 8 mTorr argon. Thermocouples mounted to the surface of the silicon
substrate indicated a starting deposition temperature of 510°C and a final deposition
temperature of 540°C. Deposition times of 2 h resulted in average film thickness across
the wafer of 1.9 um with variations of £0.4 um. Thickness variation resulted from a low
target to substrate diameter ratio, with the thickest film depositing directly in line with the
target and diminished film thickness from the center to the edge of the wafer. Film
composition, measured by electron microprobe, was 39.5at%Ni, 52at%Ti, and 8.5at%Cu.

Patterning of the NiTiCu films was accomplished by photolithography of 1.8 um
thick AZ1518 resist (Step 4) and subsequent wet etching of the alloy in a 20:20:1
hydrochloric acid : nitric acid : hydrofluoric acid (HC1:HNQ;:HF) bath (Step 5). During



SEWARD ET AL. ON MEMORY ALLOY FILMS 297

this etch, undercutting of the photoresist removed roughly 5 pm from the edges of the
SMA patterns. The oxide layer in this step prevented any silicon from being etched by
the combination of HNOs and HF.

Window structures were patterned onto the backside of the wafer with a 15 pm
AZ4620 photoresist (Step 6) and the wafer was adhered to a handle wafer for deep
reactive ion etch (DRIE) processing (Step 7). The exposed oxide was removed with 6:1
buffered HF (Step 8) and the silicon was etched in a ST Systems Advanced Silicon Etch
tool (Step 9). Finally, the remaining oxide was reactive ion etched (Step 10) and the
wafers were separated in an acetone bath and cleaved (Step 11). A photograph of the
resulting test chips is seen in Fig. 3, in which a NiTiCu ribbon with two 2 mm gage
sections is suspended by a silicon frame and electrical contact pads are patterned to allow
resistive heating,

NiTiCu film
-5 ym thick

L0}
Loading
Platform

Electrical
contacl pads

FIG. 2—Fabrication process for test chips. FIG. 3—Suspended ribbon test chip
layout.

Experimental Method
Unlike traditional mini-tensile testing schemes in which strips of SMA film are

totally or partially freed from the substrate and then strained [19], the tests described in
this paper utilize out-of-plane stretching without detachment from the substrate.
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Freestanding fixed-fixed NiTiCu ribbons were patterned on the same wafer as 1 cm
square unpatterned (blank) chips used in curvature measurements and test chips with a
blank pattern and a window etched beneath in the silicon, forming a NiTiCu membrane
for use in pressurized diaphragm measurements.

NiTiCu Ribbon Tensile Test

In an effort to create a non-destructive method for characterizing these films, the
out-of-plane test was developed. Rather than sputtering a film and detaching it from its
substrate, a film was sputtered and the substrate was etched from under it, leaving a freed
ribbon onto which loads and deflections were applied and measured as seen in Fig. 4.
This test allows relatively large displacements to be measured and correlated back to
small strains. Since film thickness was much less than ribbon width, out-of-plane loading
produced negligible bending stresses and the ligaments were assumed to be in a state of
uniaxial tension. Depressing the center of the ribbon with a spring-loaded transducer
allowed the simultaneous measurement of the load on the ribbon and the consequent
deflection of the center.

Gauge sections (smaller cross
sectional area)

FIG. 4—Loads and deflections were applied to the ribbons out-of-plane. The
resulting force and deflection data yielded stress-strain relationships.

The stresses in the gauge sections of the ribbon were calculated by resolving the
downward force into each of the ribbon legs. In Eq 1, the true stress along the
longitudinal axis of each ribbon leg o, is determined by the downward force F, the
downward displacement &, the ribbon length L, (equal to L + I, + [; from above), the
original cross-sectional area of the ribbon gauge section w,t,, the material’s Poisson’s
ratio v, and the strain in the gage section, &,. Of course, without knowing Poisson’s
ratio for the material, the engineering stress is merely found by substituting v = 0.

_FJ6+L W

. =
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A first-pass model was used to determine the proportion of strain in the gage
sections and that in the fillets and loading platform. For this model, the assumption was
made that since a similar strain (i.e., within the same order of magnitude) exists in the
fillet, gage, and loading platform, a constant elastic modulus would prevail over all three
sections. Since each leg of the ribbon is subject to uniaxial tension, the force through the
length is also constant. This allows the assumption of inverse proportionality between
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strain and cross-sectional area at any given ribbon section. Integrating over the fillet
length /; and the loading platform length /; for our given geometry produced the
relationships between the strain in all three sections: &uyer = 0.651 Egage; Eioaa = 0.510€gqge.
These constants of proportionality are denoted C; and C», respectively, for the sake of
simplicity. Again using the geometry produced by deflection of the ribbon as seen in Fig.
4, the true strain g, is calculated for the gage section. In Eq 2, the new variable is the
residual strain & on the ribbon, which is subtracted from the measured strain in the
equation to yield the actual strain in the ribbon.

1eltre) ppectie)y el - 57y @

From this equation, a lookup chart is created to compare the displacement § to the
gage section strain &, which is necessary for the real-time automated tests performed on
these ribbons.

To find the mechanical properties of SMA using the out-of-plane testing concept,
the downward displacement and force were measured with a micro-miniature spring-
loaded differential variable reluctance transducer (DVRT). The DVRT measured
displacements with a resolution of 1 um, precision of 1.5 um and full stroke length of 6
mm by differentiating the reluctance output of a magnetic core moving through a coil.
When filtered through a demodulator board, the DVRT outputs voltage proportional to its
displacement. A calibration lookup table was created to compare this voltage and
displacement using an automated linear stage to produce 5 um incremental motions and
measuring the DVRT output voltage. The force calibration of the spring in the DVRT
was performed by again making 5 um incremental motions and measuring the force
produced on a load cell against the DVRT output voltage (i.e., the displacement). A
lookup chart was made for both calibrations so that maximum accuracy could be obtained
during the automated tests.

The force F for Eq 1 was determined by lookup of the DVRT output voltage,
which indicated exactly what the spring compression was and thus the calibrated force.
The displacement & for Eq 1 and 2 were found by subtracting the lookup value of DVRT
compression from the known displacement of the linear stage. Thus, if the stage was
advanced 100 um and the spring had been compressed 50 um, the total displacement of
the center of the ribbon (&) would be 50 um.

Bimorph Curvature Test

The test chips with unpatterned film covering a silicon square were subjected to
heating and cooling while their radius of curvature p was measured to quickly confirm
shape memory behavior and measure the residual stress in the unheated film. The biaxial
film stress oy was calculated by the modified Stoney equation (Eq 3) [20] with a biaxial
modulus E/(I-vy) equal to 180.5 GPa for {100} silicon [2/], substrate thickness f, of 380
pum, and film thickness ¢ measured by stylus profilometry during the chip fabrication
process. This equation provided the data for residual stress at room temperature and the
recoverable stress in the film when it was heated to its austenite phase.
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Diaphragm Bulge Test

Alloy membranes were pressurized with load P from the backside of test chips
with nitrogen. Membrane center deflection 6 was measured in the center of the
membrane using the DVRT without spring loading. In this case, the DVRT provided no
counteracting force and could therefore act as a simple displacement sensor. The models
used to determine the residual stress o, and biaxial Young’s modulus E/(7-v) of thin
films subjected to this test have had various numerical constants [22-24], but all follow
the same form of Eq 4, with film thickness #rand square membrane half-length a.
t,6° E

& 1oy @

t.o
P=C-L-0,+C, )
a

In the model we use from Maier-Schneider et al. [22], C; has a loose dependence
on v and varies between 3.43 and 3.45 as v varies from 0 to 0.5, while C; is given by Eq
5.

C, =1.994(1-0.271v) (5)

Although this model is more of an approximation at the high strains seen in the
shape memory films (above 2%), it gives an idea of the relationship between the stress
and the strain as characterized by other scientists and that seen with the uniaxial tension
tests described here. When these equations are coupled with a more general equation to
find the strain £ from the center deflection and the half-length as seen in Eq 6 [25], the
stress-strain relationship is found by backing out the stress from the calculated Young’s
modulus and the strain.

2
e=04622 6)
a

Results

Uniaxial Tensile Tests

Ribbons were loaded and unloaded with the DVRT spring and the forces and
displacements were recorded to determine the stress and strain on the ribbons using Eqs 1
and 2. To create an engineering tool, families of stress-strain curves were plotted for
various currents through the SMA ribbons. In Fig. 5, one of these families of curves is
plotted for a single ribbon. Each curve is labeled with the initial current density through
the gage section. The current was not decreased as strain was added to accommodate for
the shrinking cross-sectional area. Therefore, as the tests were performed and the gage
sections were strained the actual current density would rise slightly. This is not shown in
the plots in Fig. 5.

The lowest three current densities (12.3, 24.6, and 46.3 A/mmz) did not heat the
ribbon significantly, for the stress-strain behavior was that of martensitic material, with
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large deformations taking place to accommodate the stress placed on the ribbon. The
highest three current densities (121.3, 145.7, and 169.7 A/mm®) heated the ribbon enough
to cause full reverse transformation and did not allow stress-induced twinning in the
material. The intermediate two current densities (97.0 and 73.2 A/mm?) caused an
austenite reverse transformation in the absence of external loads, but progressive loading
caused large deformations by stress inducing twins.
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{160.7 Al §
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T
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FIG. 5—Family of stress-strain curves generated for a ribbon during
loading at various current densities. The small stress-strain data in the lower left
that appear as individual data points were obtained by bulge testing.
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FIG. 6—Lines of actuation illustrate the recoverable stress and strain
achievable by full actuation from martensite to austenite.

The results shown in Fig. 6 display the behavior of the alloy to a varying current
density during loading and unloading of the ribbon in uniaxial tension. In this case, the
lower current density, which keeps the alloy fully martensitic, is 0 A/mm? and the higher
current density, which causes the reverse transformation, is 145.7 A/mm?. It was later
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noticed that the same actuation lines could be produced using the lower current density of
121.3 A/mny’, because full reverse transformation was still seen. The lines of actuation
that connect the martensite and the austenite curves are particular to the loading
conditions and therefore are predetermined by the loading geometry and the spring
constant of the transducer. It is through actuation lines like this that the stress-strain
results can be applied to actuator design and the necessary actuation current density is
found.

A microactuator usually employs a biasing force against the SMA recoverable
stress to generate bistable motion. In actuator design, the alloy is strained at ambient
temperature to a certain point on the martensite curve to create a deformation. The
equations dictated by the actuator geometry and biasing force determine how much stress
and strain the alloy will respond with when heated. In Fig. 6, both a recoverable stress
(vertical motion between martensite and austenite plots) and a recoverable strain
(hornizontal motion between plots) are seen upon actuation. In a design with a constant
force on a freed ribbon of NiTiCu, the actuation line would be purely horizontal as the
stress remains constant to produce a only a recoverable strain. Vice-versa, if the
displacement is held constant, a pure recoverable stress would be produced and the
actuation line would be vertical. Knowing the envelope within which the actuator will
operate allows the actuator design to be optimized to produce the maximum force and
displacement for optimum work output.

The work output per unit volume is simply found by the product of the
recoverable stress and the recoverable strain. The longest actuation line in Fig. 6 gives
the maximum work output in this test case, in which the ribbon actuates from a stress of
375 MPa and a strain of 0.043 to a stress of 820 MPa and a strain of 0.014. The product
of the recoverable stress (445 MPa) and the recoverable strain (0.029) lead to a work
output per unit volume of 1.29 x 107 J/m®. This value is sensible because it lies between
those displayed in Fig. 1 for NiTi SMA for a one-time and a fatigue operational regime.

Bimorph Curvature Tests

Curvature results for seven chips from the same substrate are shown in Fig. 7.
The residual stress in the martensite phase, equivalent to the martensitic yield stress [1],
was 95 MPa averaged over all test chips.

A benefit of the curvature test is that transition temperatures for this loading
condition can also be discovered. The austenite start temperature, or the point where the
reverse transformation begins, is 50°C and the austenite finish temperature is 61°C. The
martensite start temperature is encountered upon cooling to 58°C and the martensite
finish temperature is 37°C. Note that since this film is part of a bimorph structure rather
than a freestanding ribbon, the loading conditions differ and the stress state is likely
causing stress-induced twins to form. Twinning results in higher transformation
temperatures than those encountered in the freed films as stated by the Clausius-
Clapeyron relationship. The relative transformation temperatures and hysteresis width
are still useful in design of actuators, for they indicate the suitable ambient temperature in
which actuation can occur. For instance, the transformation temperatures indicated here
would allow room temperature (23°C) and probably body temperature (37°C)
applications, but would not be very useful in automotive applications or hot
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environments. For these other applications, different alloys with higher transformation
temperatures must be considered and characterized.
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FIG. 7—Curvature results on seven chips randomly distributed across the
processed wafer show uniformity of shape memory effect. Residual stress is determined
to be 95 MPa and recoverable stress is ~500 MPa.

Diaphragm Bulge Tests

Data were taken as the 5 x 5 mm NiTiCu diaphragms were pressurized from the
backside at various gage pressures from 0 to 85 kPa and various current densities from 0
to 25 A/mm’. The results are seen as individual data points in the bottom left corner (the
small stress-strain regime) of Fig. S. The diaphragms ruptured above 85 kPa, which
related to a strain below 0.005 and a stress below 200 MPa. Because only small stresses
and strains could be applied to these membranes before catastrophic failure, they were
only used to find the low end of the stress-strain curves. These small values were out of
the detectable range of the DVRT spring during ribbon deflections due to small amounts
of friction in the linear transducer. Using the residual stress value found by the bimorph
curvature tests of 95 MPa and solving Eq 4 with a Poisson’s ratio of zero, the engineering
stress versus strain were found and the biaxial Young’s modulus was ascertained at 80
GPa by averaging the results for each current density.

Conclusions

With the comprehensive testing instrument described here, the design of SMA
microactuators is greatly simplified. Accurate material property measurements enable
design by the simple determination of the characteristic equations for the device in
question and correlation of those equations with the stress-strain curves found by testing
ligaments with the same composition and fabrication methods. With the stress-strain
curves from these tests, analytic solutions to the design problems associated with SMA
films are ascertained.
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The benefits of this instrument do not stop at qualifying films of certain
composition to aid in the design of microdevices. It can also be used to qualify the
devices after they are fabricated by directly measuring the forces and displacements they
achieve while they are loaded. An instrument like this can be used in-line for device
qualification to allow for quality control during a MEMS manufacturing process by
checking one or several devices per wafer for forces, deflections, power requirements,
and calibration errors all at the same time and in just a few seconds.
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ABSTRACT: We study the deformation and stability of a series of gold/polysilicon MEMS
plate structures fabricated by the MUMPS surface micromachining process and subjected to
uniform temperature changes. We measured, using an interferometric microscope, full-field
deformed shapes of a series of circular gold (0.5 pum thick)/polysilicon (1.5 um thick) plate
structures of diameters ranging from D = 150 to 300 pm. From these measurements we
determined the pointwise and average curvature of the deformed plates. Although the curvature
generally varies with position, the deformation response of the plates can be broadly
characterized in terms of the average curvature as a function of temperature change. In terms of
this, three regimes were observed: i) linear thermoelastic response independent of plate size, ii)
geometrically nonlinear thermoelastic response that depends on plate size, and iii) bifurcations in
the curvature-temperature response that also depend on plate size. We modeled the deformation
response both analytically and with the finite element method. Good qualitative and quantitative
agreement was obtained between predictions and measurements in all three deformation regimes,
although the details of bifurcation are less accurately predicted than the linear and nonlinear
response. This is attributed to their strong sensitivity to slight imperfections. Good agreement
was also obtained between measurements and predictions of the spatial nonuniformity of the
curvature across the plate.

KEYWORDS: MEMS plate structures, multilayers, geometric nonlinearity, bifurcation

Introduction

Multilayer material systems abound in microelectromechanical systems (MEMS)
applications, serving both active and passive structural roles. In many of these,
dimensional control is a critical issue. An inherent characteristic of multilayer material
structures is that misfit strains between the layers (for example, due to intrinsic
processing stresses or thermal expansion mismatch between the materials upon a
temperature change) lead to stresses in the layers and deformation of the structure. In the
microelectronics industry curvature measurements are routinely used to determine
stresses in films deposited on a substrate. Their attractiveness is based on the fact that
wafer curvature can be easily and accurately measured, and through use of the Stoney [1]
formula (based on smail-deformation considerations), the measured curvature can be
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directly related to the film stress (which is typically biaxial and spatially uniform) without
knowledge of the source of the stress or even the thermoelastic properties of the film.
Much of the understanding regarding deformation of multilayers that has come from
microelectronics applications is applicable to MEMS applications, but significant
differences exist and must be well understood to optimize the design of reliable MEMS.
For example, in MEMS applications, layer thicknesses are small (on the order of um)
relative to in-plane dimensions and often comparable. This can lead to much larger
deflections, relative to the thickness of structures, than are observed in microelectronics
applications. A representative example for microelectronics applications is a 0.5 um gold
film on a 500 um thick 100 mm diameter silicon substrate subjected to a 100°C
temperature change. In this case, the maximum deflection is about 2% of the thickness.
For MEMS applications, a reasonable example is a 0.5 um gold film on a 1.5 pm thick
400 um diameter polysilicon plate. For this case, when subjected to a 100°C temperature
change, the maximum deflection is about six times the thickness. This can make it
necessary to include geometric nonlinearity in order to accurately model deformation.
Furthermore, the geometric nonlinearity can lead to bifurcations in the deformation
behavior. These can be detrimental when dimensional stability is a requirement, or can
be beneficial for actuator applications. Since the layers are of comparable thicknesses,
stresses can vary appreciably through the thickness of the layers; the average stress in the
layer may not be suitable to characterize film stresses as it is in many microelectronics
applications. Furthermore, the connection between stress and curvature is more complex
than that given by the Stoney formula. Tradeoffs between stress and curvature exist; for a
given metal film thickness on a polysilicon layer, decreasing the polysilicon thickness can
reduce the stress in the metal, but at the expense of increasing the curvature. The
significance of this is obvious as many MEMS applications have strict deformation
requirements, perhaps more severe than stress requirements. The curvature, and thus
stresses, can vary significantly over the in-plane dimensions of the structure. The average
curvature may thus be insufficient to adequately describe the deformation state of the
structure. Spatially nonuniform curvature and stresses makes the use of common average
wafer curvature measurements to determine film stress, via the Stoney formula,
questionable; interpretation of such measurements must be made with care. Finally, the
patterning geometry of metal films on polysilicon (or other materials) may be arbitrary, as
opposed to relatively simple blanketed or thin line patterns. This can result in complex
spatially nonuniform deformation states.

In this work we study, via measurements and analysis, the deformation behavior
of a series of circular gold/polysilicon MEMS plate structures fabricated by the MUMPS
surface micromachining process and subjected to uniform temperature changes. The
observed deformation of the plate structures includes linearity and geometric nonlinearity,
along with bifurcations in the equilibrium deformed shapes. Our interpretation of the
experimental results and our analysis relies significantly on an excellent body of previous
work in the thermomechanical behavior of structural composites [2-5] and thin
film/substrate systems [6-14]. Indeed, many of the phenomena discussed in our work
have been discussed in these papers and the interested reader is referred therein for more
detailed expositions.
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Samples and Measurements

We designed a series of circular gold/polysilicon plate microstructures and
fabricated them using the commercially available Multi-User MEMS Process (MUMPs)
[15]). Specifically, the samples were fabricated using the MUMPS 36 surface
micromachining process. In the series of microstructures, the polysilicon layer was fully
covered by the gold layer. We varied the diameter D to include D = 150, 200, 250, and
300 um, keeping the thickness of the gold and polysilicon fixed at nominal values of 0.5
and 1.5 um, respectively, as produced by the MUMPS process. The idea behind the
design of the microstructures was to yield a circular gold/polysilicon bilayer structure that
rests as freely as possible. To this end, the plates were supported on the substrate by a 16
wm diameter polysilicon post. A scanning electron micrograph of a typical plate structure
is shown in Fig. 1.

FIG. 1—Scanning electron micrograph of a 300 um diameter circular
gold/polysilicon plate structure.

We measured the deformation of the plate structures as a function of temperature
change using an interferometric microscope and a custom-built thermal chamber that is
covered by a quartz window to allow optical access. Full-field measurements of the out-
of-plane displacement of the structure were made with the scanning white light
interferometric microscope as the temperature was changed. The resolution of the out-of-
plane displacement measurement, w(x,y), is on the order of nanometers [16]; the
resolution of the temperature chamber is about 1°C. The specific test protocol consists of
heating the sample to approximately 100°C where it is flat. The sample is held at this
temperature for a time sufficient to ensure it has reached thermal equilibrium and a stable
flat shape (about 3.5 min). The sample is then slowly cooled to room temperature. The
temperature is held constant for about 3.5 min roughly every 5°C so that thermal
equilibrium is reached. Full-field out-of-plane displacements wix,y) of the surface of the
plate are then measured. During the cooling process we measured w(x,y) over a circular
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region of 150 um diameter centered at the center of each plate using a 2.5x objective (at
room temperature we measured w(x,y) over the entire plate surface using a 10x objective).

From the measured w(x,y), we calculate the curvatures x,(x,y)=~-32w(x,y)/dx? and
K, (x, ) = =32 w(x, y)/ay?. These are computed by fitting w(xy) with a 6th-order

polynomial in x and y directions (which was sufficient to accurately describe the
displacement profile in all cases) and then differentiating this function. We are confident
that temperature gradients in the temperature chamber are insignificant based on
measurements of curvature developed in similar-size single-material polysilicon plate
microstructures: they are about three orders of magnitude less than those developed in the
gold/polysilicon plate microstructures.

Analysis

As mentioned in the Introduction, numerous efforts have been forwarded to model
the response of multilayer plate structures subjected to thermomechanical loading. Each
of these authors has used/developed an analytical model to describe the deformation
phenomena (linear, nonlinear, and bifurcation) and we use this same type of model for
some of the comparisons that follow. The basic idea of the model is to assume an
admissible displacement field w(x,y) in terms of unknown parameters (d;) that are suitably
chosen to be consistent with observed deformation modes. Values of the parameters d;
are then determined via a Ritz procedure so as to minimize the total potential energy of
the system. Details of the procedures are given in References 2 to 14, Such analyses are
sufficient to qualitatively, and in many cases quantitatively, explain the behavior
discussed in the Introduction. In fact, quite simple closed-form expressions result for
special cases that provide illuminating descriptions of observed phenomena [13,14]. A
disadvantage of the analytical approaches is that for simplicity a displacement field that is
consistent with a constant curvature deformation mode is usually chosen. As will be seen
in our measurements and predictions, this is accurate in certain deformation regimes, but
not in all. Additionally, these formulations are strictly valid for only simple plate shapes;
this may be adequate for the structures considered here, but it is not for more complex in-
plane shapes, of either or both layers, that arise in MEMS applications (see Ref 17 for an
example). While the assumed displacement field used in the Ritz procedure could be
modified to incorporate the dependence of curvature on position, perhaps the simplest
approach to tackle these more general problems is to use the finite element method to
solve the geometrically nonlinear equations over an arbitrary spatial domain. This is also
the most viable approach for complicated geometries. We used this approach with the
ABAQUS finite element code and used composite shell elements to approximate the thin-
plate kinematics of the Kirchoff theory, including the von Karman geometric nonlinearity.
Both materials are modeled as linear elastic with isotropic material properties. Input
parameters to the finite element calculations are E, = 163 GPa, v, = 0.22 (in line with
measurements of Sharpe et al. [18,19]), E, = 78 GPa, v, = 0.42 [20]. The thermal
expansion coefficients of the materials were assumed to vary linearly with temperature
and values at 100(23)°C used are o, = 3.1(2.6) x 10°/°C, and og = 14.6 (14.2) x 10°/°C
[20]. Here and throughout the subscripts p and g denote polysilicon and gold,
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respectively. Typical finite element meshes for the circular plate structures contained
elements of with a characteristic dimension of about 12.5 um, a size that was chosen after
a convergence study with mesh size. Calculations were carried out to model the effect of
the support post, and it was found to be insignificant on the resulting displacements,
curvatures, and stresses except in a region very near the post. In order to break the perfect
geometric and material symmetry of the geometry, we used an orthotropic thermal
expansion coefficient for the gold. Specifically, we defined the in-plane thermal
expansion coefficients to be 0 = 0y and o = o, + 80, where do was taken to be 0.01% of
0,." With this slight perturbation, the prebifurcation response was indistinguishable from
that with the isotropic thermal expansion. Without doing this, the analysis will only
capture the linear and geometrically nonlinear portion of the deformation response; the
bifurcation can not be captured. As discussed by Freund [14], details of the bifurcation,
e.g., its sharpness, are strongly influenced by small changes in the imperfection. We
discuss this later in light of both our measurements and predictions. Calculations were
carried out for the loading situation of an applied uniform temperature change consistent
with that experienced in the measurements.

Results and Discussion

In Fig. 2 we plot the average curvature in the x- and y-directions as a function of
the temperature change during cooling. In these plots, the average curvatures are
determined from the measured and computed w(x,y) by averaging x, =—3%w(x,0)/3x> and
Ky =-92w(0,y)/oy? along the paths y = 0 and x = 0, respectively, over a length of 150
um. The x- and y- directions are taken to be aligned with the principal curvatures after
bifurcation. Before bifurcation, the response is axially symmetric and so the x- and y-
directions are arbitrary and indistinguishable. The use of the average curvature as a
measure of the plate deformation is obviously quite appropriate if the curvature is (or is
close to) spatially uniform. This aspect will be taken up to some degree later. Both Figs.
2a (measured) and 25 (predicted) show that in general three regimes of deformation exist:
i) linear thermoelastic response independent of plate size, ii) geometrically nonlinear
thermoelastic response that depends on plate size, and iii) bifurcations in the curvature-
temperature response that also depend on plate size. By bifurcations we mean that as the
temperature changes, the plate develops a nearly axially-symmetric curvature with k, = &,
which at first increases linearly with the temperature change, and then nonlinearly. At
some critical temperature change, the deformation mode changes from axially-symmetric
to a mode closer to cylindrical bending where i # k; as the temperature change

*Since gold and silicon are cubic, crystallographic texture would not be expected to result in
orthotropy in thermal expansion, a second-rank tensorial quantity. Processing imperfections that lead to
voids, defects, etc., could potentially lead to slight anisotropy. However, it is probably not possible to
measure thermal expansion and elastic properties on thin film samples to this accuracy presently, so
definitive confirmation of this supposition is lacking. We note, though, that the stresses developed upon a
uniform temperature change depend on the thermal expansion and elastic moduli. The latter, being fourth-
rank tensors, would exhibit orthotropy in the presence of general crystallographic texture.
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increases beyond this value, the difference between x; and ¥, increases. In the first two
regimes the measured deformations are axially symmetric, while in the third they are
strongly nonsymmetric. Following Freund [14], we introduce the nondimensional
curvature K and temperature change (mismatch strain) S

_ kD? 5o 3AaATD2thg

16t), 8t13,Mp

In these expressions, #; is the layer thickness, M; =E; /(1-v;) for both the polysilicon
and gold (i =p,g), and Aa =, —a,. The data of Fig. 2, before bifurcation, are plotted
in terms of these nondimensionalized variables in Fig. 3. The four curves collapse to a
single curve and the plate size effect is described by the nondimensionalization. In
agreement with Freund’s results, the geometric nonlinear effects initiate at a normalized
temperature change (mismatch strain) of about S=0.3.

Figures 24 and 2b show good agreement between the measurements and
predictions in all three deformation regimes. The major discrepancy is the sharpness of
the bifurcation for the D = 300 pum plate; it is quite sharp in the predictions but much
more gradual in the measurements. To understand this, we remind that the source of the
bifurcation is an imperfection of some sort that breaks the ideal symmetry. In the
calculations that imperfection was simulated via the slight anisotropy of the thermal
expansion coefficient. Although not shown, we found that increasing o from 0.01% of
0, to 1.0% of o resulted in a much more gradual bifurcation that initiated about 15°C
higher than that shown in Fig. 2b. In fact, the results much more closely matched the
measurements. These results, along with similar ones reported by Freund [13,14], show
that the details of the bifurcation are strongly influenced by slight perturbations of the
imperfection. This sensitivity will probably preclude a sharp bifurcation in practice.
Indeed, the 8ot used here to simulate the imperfection is not an unreasonable measure of
the anisotropy that can develop as a result of processing variations. It is, though,
probably not easy to measure the thermal expansion anisotropy this accurately with
available means. Furthermore, other imperfections such as slight variations in the
circular geometry, the etch holes, and anisotropy and/or heterogeneity in other material
properties also can play a role in the exact bifurcation details. As a result, the prediction
of the bifurcation details is prohibitively difficult because of the strong sensitivity to the
imperfection.
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FIG. 2—Average measured (top) and predicted (bottom) curvature as a function of
temperature upon cooling from 100°C to room temperature. The curves from top to
bottom are for the D = 150, 200, 250, and 300 um structures, respectively. The
measurements (filled symbols) are connected by lines to aid viewing.
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FIG. 3— Nondimensional average curvature as a function of temperature change for
the linear and nonlinear regimes. Measurements (symbols) and the prediction (solid
line) are the same data as in Fig. 2.

In Fig. 4 we further compare the measurements and predictions quantitatively.
Measured and predicted contour plots of the displacement w(x,y) at room temperature are
shown for all four plate sizes. These results show clearly that due to the thermal
expansion mismatch between the polysilicon and gold the D = 150 um sample deforms in
a spherically symmetric manner as the contours of constant transverse displacement
w(x,y) are nearly circles. This is also the case as the size increases to D =200 um and D
=250 pum. At D = 300 um, though, the transverse displacement contours have become
more like ellipses, indicating that the deformation is no longer spherically symmetric.
Both the measured and predicted w(x,y) contours show this same behavior and agree quite
well. From these results it is apparent that the deformation upon cooling depends on the
size of the plate. As the in-plane dimension of the plate increases with the thickness held
constant, the deformation mode changes from one of spherical symmetry to one more like
cylindrical symmetry. This size dependence is described by the normalization introduced
earlier.
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o0OL

FIG. 4—Contour plots of the (a) measured, and (b) predicted transverse
displacements w(x,y) across the plate at room temperature for the four gold/polysilicon
circular plates: D = 150, 200, 250, and 250 pum from left to right. Each contour band
represents a displacement of 0.11, 0.18, 0.24, and 0.41 um for the D = 150, 200, 250,
and 300 um plates, respectively.

In the analytical treatments discussed previously it is assumed that the curvature is
spatially uniform. The power of the finite element calculations is that this requirement is
relaxed and the spatial variation of the curvature can be studied theoretically.
Additionally, our full-field measurement capability allows us to study this experimentally
as well. We take up this line of inquiry briefly in Fig. 5 where predicted and measured
curvatures iK(x,y) and &,(x,y) are plotted as a function of temperature change for four
points along the x-axis (v = 0) for the D = 300 um plate: x/R = 0.20, 0.33, 0.50, and 0.67
where R is the plate radius. In the linear regime, the curves are indistinguishable,
implying that the curvature is essentially uniform across the plate. In the nonlinear
regime, though, the curvature varies appreciably with position, increasing by about a
factor of two from the center to the periphery of the plate. As with the average curvature,
good agreement also exists between measurements and predictions here, with the most
significant discrepancy being the details of the bifurcation as discussed previously. The
spatial variation of the curvature casts serious doubt on the suitableness of an analysis
based on constant curvature.
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FIG. 5—Pointwise curvature as function of temperature change for the D = 300 um
structure at four locations, x/R. Solid lines are predictions and the filled circles are
measurements that are connected by lines to aid viewing.

Conclusions

We studied the deformation response of polysilicon/gold circular plate
microstructures subjected to uniform temperature changes. Consistent with previous
observations, we observed three regimes of deformation in terms of the average
curvature-temperature response: linear thermoelastic response, geometric nonlinear
response, and bifurcations in the deformation behavior. In all three regimes we found
good agreement between measurements and predicted curvatures, the latter based on both
an analytical calculation assuming a constant curvature deformation mode, and finite
element calculations that removed this restriction. The most significant discrepancies
between the measurements and predictions occurred in the details of the bifurcations, but
we showed that these are unlikely to be accurately modeled without detailed information
regarding the imperfection that initially triggers the bifurcation. When geometric
nonlinearity occurs, the average curvature depends on the in-plane dimensions of the
plate, and the curvature can vary significantly over these dimensions. We obtained good
agreement between measurements and predictions for this nonuniform curvature.
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ABSTRACT: Due to its many excellent properties, diamond is being explored as a material for
MicroElectroMechanical Systems (MEMS). However, as is true in the case of silicon, a large
amount of basic material characterization issues still warrant investigation. This paper presents
preliminary results from charged particle irradiation of Chemical Vapor Deposited (CVD)
polycrystalline diamond films. The films were simultancously dosed to a level of 9.4 x 10"
particles/cm2 using 700 keV protons and 1 MeV electrons. The samples were then subject to
cross-sectional nanoindention analysis and Raman spectroscopy. Polycrystalline silicon was also
investigated for comparison purposes. The diamond was unaffected by the irradiation. However,
the silicon did indicate a slight decrease in Young’s modulus.

KEYWORDS: CVD diamond, polycrystalline silicon, radiation effects, nanoindention, Raman
Spectroscopy, MEMS, hardness, Young’s Modulus, cross-sectional

Introduction

Despite over two decades of research and development, MicroSructural
Technologies (MST) and MicroElectroMechanical Systems (MEMS) have to date
experienced only moderate commercial success. U.S. sales were approximately 6 billion
in 1999, yet sales are expected to be somewhere between 14 and 23 billion by the year
2004 [1]. This forecast projects significant growth. However, many materials-related
issues must be better understood in order to produce robust, high-durability MST/MEMS
products for widespread scientific and commercial uses. Further research must be
performed in the areas of tribology, mechanics, and surface analysis.

Due to the smallness of size, volume, and advanced technical performance, the
Air Force, National Aeronautics and Space Administration (NASA), and foreign space
agencies such as the European Space Agency (ESA) are very interested in MEMS/MST
technology. Microsatellite research and development has been underway for some time.

In addition to the above-mentioned materials-related issues needing investigation,
MST/MEMS systems that operate in low- or near-earth orbits will also face a radiation
environment. This will be primarily composed of protons and electrons. In lower orbits,
protons will be the more prevalent species, and at higher orbits, electrons will dominate
the radiation environment [2]. It is well known that radiation degrades electronic device

'Materials Engineer, ED 36A, NASA Marshall Space Flight Center, Huntsville, AL 35812.
ZProfessor, Department of Electrical and Computer Engineering, Vanderbilt University, Nashville,
TN 37235.
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performance and can render them inoperable. However, it is lesser known what effects
radiation has on the mechanical properties of micron-sized quantities of material when
used for structural purposes, especially when no high-temperature annealing regime will
be available to remove crystal defects caused by the exposure.

In recent years, a new MST/MEMS “building block™ material has emerged—that
of polycrystalline diamond [3,4]. Given the superior properties of diamond as compared
to polycrystalline silicon, this material is a good candidate for high-temperature and
extreme environment MEMS applications. Diamond MEMS (DMEMS) components and
devices are already being fabricated and reported in the literature [3,5]. Studies indicate
that polycrystalline diamond is also a very “radiation hard” material [6]. Thus, this
material may prove to be a superior candidate for MEMS applications in radiation
environments. However, to date, few investigations have looked at proton and/or
electron radiation.

In order to straightforward compare the effects of the combination of proton and
electron irradation upon the mechanical properties of polycrystalline diamond, a cross-
sectional “dose-versus-mechanical property” investigation was performed on irradiated
specimens that had no post-radiation annealing. This article presents initial results of the
hardness and Young’s modulus of irradiated polycrystalline diamond thin films at a dose
of 9.4 x 10" particles/cmz. For comparison, polycrystalline silicon was also investigated.
Mechanical property characterization was performed using nanoindentation techniques.
The films were also characterized using Scanning Electron Microscopy (SEM) and
micro-Raman spectroscopy.

Experiment

Polycrystalline diamond (polyDi) of approximately 12 pum in thickness was
prepared on a 50.8 mm single crystal silicon substrate by using microwave-plasma-
assisted chemical vapor deposition (MPACVD) at a temperature of 800°C and a pressure
of 110 Torr. The hydrogen flow rate was 479 sccm, and methane flow rate was 18 sccm
with a microwave power of 5 kW. The total time of film deposition was 20 h. The
schematic presented in Fig. | illustrates a cross-sectional view of the as-deposited wafer.

Polycrystalline silicon was procured from Cermat Technologies, Murray Hill, N.J.
An approximately 22 um film of polycrystalline silicon (polySi) was deposited on top of
a 10004 of silicon dioxide, which was itself grown on a single crystal silicon wafer. The
polySi was deposited by low-pressure chemical vapor deposition (LPCVD) at a
temperature of 615°C and a pressure of 400 mTorr using dilute silane (in nitrogen) as a
precursor. A cross-sectional schematic of this wafer is also shown in Fig. 1.

Pofycrystaling Diamond (~12 microns) Polyerystallin Silizon (~22 micons)

FIG. [—Cross-sectional schematic of the polycrystalline diamond and
polycrystalline silicon used in the investigation.
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The depth of proton implantation into the specimens was calculated using the
computer code TRIM [7]. This program calculates the energy loss of energetic ions in
matter using a binary collision approximation (BCA) Monte Carlo simulation program.
Table | presents the range (Rp) and straggle (ARp) profile for 700 keV protons implanted
into these materials. The propagation code TIGER [8] was chosen to model the effects of
electron irradiation on the samples. According to the calculations, electrons within the
energy range under investigation (1 MeV) are not stopped in these films. These values
were chosen due to facility limitations yet these energy levels are within expected ranges
in near earth orbits.

TABLE 1—Theoretical range (Rp), straggle (ARp), lattice displacement energy
(Ey), and vacancies per ion for 700 keV protons deposited in the specimens.

Specimen Range (Rp)  Straggle (ARp) . Vacancies
Identification microns microns Dis. Energy (E2), eV per lon
Polydiamond 4.61 0.11 45 6.2

Polysilicon 9.31 0.31 15 325

The wafers were sectioned into approximately half-inch squares and vacuum
baked overnight at 60°C to remove any residual surface contaminates. The samples were
simultaneously dosed to a level of 9.4 x 10" particles/cm® with 700 keV protons using a
NEC model 2SH Pelletron and 1 MeV electrons using an NEC 7.5SH Pelletron. The
beam flux was ~1 nA/cm’. Irradiation was carried out at room temperature. After
irradiation, the samples were cleaved to expose a cross-sectional surface. They were then
cold mounted in epoxy and polished to 0.5 um following standard metallurgical
procedures. Scanning Electron Microscopy (SEM) analysis (prior to mounting) was
performed using an ElectroScan Environmental SEM. Nanoindention testing was
performed using a Nanoinstruments Nanoindentor 11°. A Berkovich tip made of diamond
was used for all indentations. Micro-Raman Spectroscopy was performed using an argon
laser operating at 514.5 nm. A X100 Olympus lens focused the backscattered light into a
DILOR spectrometer. In this configuration, the sampling volume is approximately 1 tm
in diameter and 2 pm in height.

Results and Discussion

Figure 2 shows the SEM micrographs of the top surface of the as-deposited and
irradiated polyDi films. The grains uniformly cover the substrate with the polycrystalline
nature being clearly evident. The film is composed of large grains (>3 pm), with sharp-
edged facets predominating. There is a large amount of twinning present as well. The
irradiated sample appears to have undergone some amount of grain tip blunting. The
surface of the individual grains, while still retaining most of their sharp edges, have been
rounded to a small degree and appear to have a much rougher surface than the as-
deposited material.
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FIG. 2—SEM image of the top surface of the as-deposited (left) and irradiated
(vight) polycrystalline diamond film.

SEM images of the as-deposited and irradiated polySi are presented in Fig. 3. The
polycrystalline nature of this film is apparent although the individual grains, and their
boundaries are much less pronounced than in the diamond specimen. The grains are large
(>6 um) with no particular orientation or facet evident. No change in the surface
structure of the irradiated sample was observed.

20pm 1 500X

FIG. 3—SEM images of the top surface of the as-deposited (left) and irradiated
(right) polycrystalline silicon films.

Figure 4 shows the SEM micrographs of an edge-on analysis of the polyDi films.
From this perspective, the cross section of the as-deposited (left) and irradiated (right)
diamond films can be observed. Near the substrate, the grains are small and somewhat
random in orientation, but, as film deposition continues, the grains become longer and
more columnar in nature. The interface between substrate and film appears to be free of
voids or film to substrate delamination. The irradiated sample shows no sign of
degradation either near the surface or at the calculated depth of maximum proton
deposition (4 um).
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1 Cpem 3000X

FIG. 4—Edge-on SEM images. No radiation damage is evident from the SEM
images of the polycrystalline diamond films; non-irradiated (left), irradiated (right).

While there was no visible evidence present in the SEM cross-sectional images of
radiation damage in the polyDi, a post-radiation artifact was observed in the polySi. In
the right image of Fig. 5, there is evidence of a boundary about 8 pm from the top
surface. This region corresponds to the depth calculated by the TRIM program as to
being the maximum depth as to where the protons would be deposited.

FIG. 5—Edge-on SEM images of the before (left) and after (right) irradiation of
the polycrystalline silicon is presented in this figure. There does appear to be some sort
of boundary or difference in the irradiated sample about 8 um from the top surface.

The epoxy-mounted and polished samples were indented in an edge-on, cross-
sectional fashion versus the normal top-down approach. This method was chosen so as to
observe any depth-dependent effects of the radiation. This testing configuration also
eliminates any substrate effects from influencing the material response of the film. The
indentations were performed, starting near the top edge of the film, and ending near the
film substrate interface. Each indention had a tip approach segment followed by a
loading segment. The indenter was then held under load so as to compensate for any
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error due to material creep. The indenter was partially unloaded 20% while still in
contact with the specimen so as to measure thermal drift. The indenter was then fully
unloaded. Contact stiffness was measured throughout the load segment. The maximum
indention load for the polyDi was 16 mN for both samples. The maximum indentation
depth was 105 nm for the blank and 92 nm for the irradiated sample. The sample
exhibited complete elastic load and unloading with representative load/unload curves for
both the non-irradiated and irradiated samples being shown in Fig. 6. These data were
taken from measurements around 3 pum from the top surface. An analysis of the
unloading curve for the as-deposited polyDi did indicate a power law dependence of the
form y = ax™, with m being approximately equal to 1.97. The value of m for the
unloading curve from the irradiated sample was equal to 1.67. Hardness and Young’s
Modulus were calculated using the method derived by Sneddon [9,10]. The
experimentally measured hardness and Young’s Modulus values reported (Table 2) for
the non-irradiated sample is some 10 to 15% higher than expected. This is also the case
in the irradiated sample as well. While ion implantation of hydrogen could have
displaced the nitrogen in the film and resulted in perhaps some increase in mechanical
property, this is likely not the case since no depth-dependent hardness and/or Young’s
modulus variation was detected in the irradiated specimens, regardless of depth. Rather,
these values are likely due to error introduced into the indenter area function via tip
blunting and surface non-uniformity. Tip rounding and deformation are known to exist
when the modulus of the indenter and the specimen are similar. This is the subject of
much current work, but it appears that finite element modeling is needed to obtain
accurate values [11].

— T T T —T T T

non-irradiated
—0O—irradiated RN4
----Trend line

Load (mN)
[«

Displacement (nm)

FIG. 6—Representative cross-sectional load versus indenter displacement for the
polycrystalline diamond sample at highest peak load. The non-irradiated curve has been
horizontally offser for comparison purposes and to reveal the trend line.
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FIG. T7—Representative cross-sectional load versus unloading data for
polycrystalline silicon. Comparison of the non-irradiated versus the irradiated sample
indicates a decrease in Young's Modulus in the irradiated sample.

Representative polySi load versus displacement curves are shown in Fig. 7. A
large amount of plastic deformation in the non-irradiated sample is evident due to the fact
that the indented surface does not return to its pre-indented depth. Not only is plasticity
observed, but the discontinuity in the curves also indicates film cracking as well.
Conversely, a measure of the elastic response of material is to examine the percent elastic
recovery. This value is obtained by the ratio of the final deposition depth, %; to the
maximum indenter depth, 4, A lower value indicates a greater elastic response of the
sample. The non-irradiated sample has a percent elastic recovery of 45% versus 58% for
the irradiated specimen. Also note that the load needed to drive the indenter to the
maximum depth is much greater in the polyDi than in the polySi. This is expected due to
the much higher yield strength of polyDi.

TABLE 2—Measured values of the hardness and Young’s Modulus for the
polycrystalline diamond and silicon.

Specimen >
Identification Hardness (GPa)  Young’s Modulus (GPa)
Polyerystalline Diamond g g9 1155/1207
as-prepared/irradiated
Polycrystalline Diamond
Reference [12] 67 1000
Polycrystalline Silicon 10.5/10.7 174/154

as-prepared/irradiated
Polcrystalline Silicon
Reference [13] 110 160

Micro-Raman Spectroscopy is an excellent tool for the study of carbon-based



NEWTON AND DAVIDSON ON POLYDIAMOND FILMS 325

materials. This is in large part due to the fact that the Raman intensity of graphite is
approximately 50 times higher than that of diamond. In this research project, the Raman
analysis serves two functions. One is to non-invasively analyze (in a cross-sectional
fashion) the samples for any radiation-induced changes in the material. However, the
other and equally important reason for utilizing Raman sampling is to monitor any
changes in the specimens due to sample preparation. This is required because, as already
mentioned, prior to nanoindention analysis the samples must be mounted and polished to
a 0.5 um surface smoothness. Raman spectroscopy was employed to observe whether
this mounting and polishing activity did alter the near surface microstructure of both the
polyDi and polySi specimens.

In both Figs. 8 and 9, a Lorentzian function was fitted to each of the Raman
spectra in order to determine the peak frequency. The full width at half maximum
(FWHM) was also calculated from the Lorentzian analysis. Figure 8 compares the
irradiated and non-irradiated polycrystalline diamond samples. The single first-order
Raman line at approximately 1332.09 cm™ is clearly evident, and no other peaks are
present. Within experimental error, the non-irradiated and irradiated samples appear to
be identical. This indicates that the carbon did not undergo a measurable change as a
result of the irradiation.  Also, these two spectra are virtually identical to spectra
collected from an unmounted/unpolished/non-irradiated sample as well (not shown).
The data from the not shown sample (i.e., peak frequency, 1329.9 cm™, and FWHM of
5.23 cm™") lend supporting evidence to indicate that there was no microstructural or
surface alteration from sample mounting and polishing. These Raman values compare
very well with low stress state natural and synthetic diamond, both mono and
polycrystalline [14].

The polySi data is given in Fig. 9. Since this sample was essentially silicon
deposited on silicon, the substrate was used as a reference material. The peak at 520.04
cm’ is indicative of silicon. However, as the overlaid spectra indicate, the silicon peak
disappears in the polished/unirradiated and polished/irradiated specimens. It is not clear
why this occurred since no extreme or unusual processing was performed on the samples.

— T T — T
E 1331.96 om™——
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g L irradiated [FWHM = 5.33 cm ‘]
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FIG. 8—Cross-sectional micro-Raman data for the polycrystalline diamond
samples. The spectra have been shifted vertically for comparison purposes. These
spectra were collected near the top edge of the cross sections. No difference within
statistical variation is indicated.
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FIG. 9—Cross-sectional micro-Raman spectra of the polycrystalline silicon
samples. The spectra have been translated vertically for comparison purposes. While
the as-deposited film gave a Raman peak characteristic of silicon, the polished samples
did not.

Conclusion

The preliminary results of the hardness and Young’s modulus of proton and
electron irradiated polycrystalline diamond have been presented. Polycrystalline silicon
was also tested for comparison purposes. At the irradiation level under consideration
(700 keV protons and 1 MeV electrons) and dosage (9.4 x 10" particles/cm?), it was
determined via nanoindentation techniques that the mechanical properties of the diamond
material were unaffected. The effects of radiation were also studied non-invasively via
micro-Raman spectroscopy. These results also indicated that no damage was caused by
the radiation. Future work will be performed using much higher radiation dosages
(>10'") of protons. Additionally, the effects due to tip blunting must also be corrected.
Recent work indicates that finite element analysis will allow one to determine the true
Young’s modulus and hardness of diamond-like coatings.

The polycrystalline silicon used in this investigation did indicate a decrease in
Young’s modulus after irradiation. However, the Raman data indicated an alteration of
the near surface microstructure. Future work will investigate this phenomenon.

While further work is warranted, irradiation with both protons and electrons did
not alter the mechanical properties of irradiated but non-annealed polycrystailine diamond
used in this investigation. These results further support the idea that diamond-based
MEMS devices, or diamond coated MEMS structures, may provide a much higher degree
of mechanical property stability for applications in high radiation environments such as
that encountered in space, nuclear power generation, and medical applications as
compared to polycrystalline silicon.
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